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Constantin Böhm, Martin Werz and Stefan Weihe

Practical Approach to Eliminate Solidification Cracks by Supplementing AlMg4.5Mn0.7 with
AlSi10Mg Powder in Laser Powder Bed Fusion
Reprinted from: Materials 2022, 15, 572, doi:10.3390/ma15020572 . . . . . . . . . . . . . . . . . . . 133

Yitao Chen, Cesar Ortiz Rios, Braden McLain, Joseph W. Newkirk and Frank Liou

TiNi-Based Bi-Metallic Shape-Memory Alloy by Laser-Directed Energy Deposition
Reprinted from: Materials 2022, 15, 3945, doi:10.3390/ma15113945 . . . . . . . . . . . . . . . . . . 149

Nandana Menon, Sudeepta Mondal and Amrita Basak

Multi-Fidelity Surrogate-Based Process Mapping with Uncertainty Quantification in Laser
Directed Energy Deposition
Reprinted from: Materials 2022, 15, 2902, doi:10.3390/ma15082902 . . . . . . . . . . . . . . . . . . 163

v



Maxwell Hein, Nelson Filipe Lopes Dias, Sudipta Pramanik, Dominic Stangier, 
Kay-Peter Hoyer, Wolfgang Tillmann and Mirko Schaper

Heat Treatments of Metastable β Titanium Alloy Ti-24Nb-4Zr-8Sn Processed by Laser Powder 
Bed Fusion
Reprinted from: Materials 2022, 15, 3774, doi:10.3390/ma15113774 . . . . . . . . . . . . . . . . . . 191

Alessia Romani, Paolo Tralli, Marinella Levi, Stefano Turri and Raffaella Suriano

Metallization of Recycled Glass Fiber-Reinforced Polymers Processed by UV-Assisted 3D
Printing
Reprinted from: Materials 2022, 15, 6242, doi:10.3390/ma15186242 . . . . . . . . . . . . . . . . . . 211

Yeabsra Mekdim Hailu, Aamer Nazir, Shang-Chih Lin and Jeng-Ywan Jeng

The Effect of Functional Gradient Material Distribution and Patterning on Torsional Properties
of Lattice Structures Manufactured Using MultiJet Fusion Technology
Reprinted from: Materials 2021, 14, 6521, doi:10.3390/ma14216521 . . . . . . . . . . . . . . . . . . 223

Joanna Marczyk, Celina Ziejewska, Kinga Korniejenko, Michał Łach, Witold Marzec,
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Additive manufacturing (AM) has grown and evolved rapidly in recent years. There
are many exciting research and translational works in many areas of application, such as
biomedical [1,2], aerospace [3,4] and electronics [5–7]. These advancements are typically
coupled with materials development, which has resulted in more functionalities added to
3D printed parts, such as multi-material fabrications [8–10] and integration with machine
learning or digital twins [11–13]. Such enhancements in functionalities have enabled the
evolution of AM from a rapid prototyping tool to an actual manufacturing solution.

In this Special Issue, state-of-the-art research and review articles on emerging material
systems for AM are collected, with a focus on the process–structure–properties relation-
ships. In total, two reviews and thirteen original research articles are included. In their
review article, Minasyan and Hussainova discussed the recent developments of ceramic
particulate-reinforced aluminium alloys produced by laser powder bed fusion [14], while
Hou et al. elaborated the use of monitoring systems for powder bed fusion processes with
a focus on metals in their comprehensive review [15]. For original research, Gatões et al.
studied the fabrication of different stainless steels using selective laser melting, a type
of laser powder bed fusion technique [16]. In their study, Mally et al. benchmarked the
mechanical properties of ferritic steels produced by selective laser melting with relevant
forged parts [17]. Using selective laser melting as well, Koh et al. studied the fabrication of
silica-reinforced steel matrix nanocomposites [18]. Lim et al. studied the bone conduction
capacity of highly porous titanium scaffolds with different designs produced by selective
laser melting [19]. Chen et al. studied the effect of laser scanning speed on the microstruc-
ture and mechanical properties of K418 nickel-based alloy produced by laser powder bed
fusion [20]. Böhm et al. evaluated the feasibility of using a mixture of two aluminium
alloys to eliminate solidification cracks formed during laser powder bed fusion [21]. Chen
et al. studied the fabrication of bimetallic structures using TiNi-based shape memory
alloy by laser-directed energy deposition [22]. Also using laser-directed energy deposition,
Menon et al. attempted to quantify the process using multi-fidelity surrogate-based process
mapping [23]. Hein et al. studied the effect of heat treatment on metastable β titanium
alloy produced by laser powder bed fusion [24]. Romani et al. studied the metallization of
recycled glass fibre-reinforced polymers that are processed by UV-assisted 3D printing [25].
Hailu et al. studied the effect of structure design on the performance of functionally graded
materials produced by the MultiJet Fusion technique [26]. Marczyk et al. analysed the
use of concrete–geopolymer hybrids reinforced with aramid roving for 3D concrete print-
ing [27]. Yao et al. evaluated the feasibility of colour 3D printing by studying the pigment
penetration in powder-based additive manufacturing [28].
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M. Properties of 3D Printed Concrete–Geopolymer Hybrids Reinforced with Aramid Roving. Materials 2022, 15, 6132. [CrossRef]

28. Yao, D.; Yuan, J.; Tian, J.; Wang, L.; Chen, G. Pigment Penetration Characterization of Colored Boundaries in Powder-Based Color
3D Printing. Materials 2022, 15, 3245. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

3





Citation: Minasyan, T.; Hussainova, I.

Laser Powder-Bed Fusion of Ceramic

Particulate Reinforced Aluminum

Alloys: A Review. Materials 2022, 15,

2467. https://doi.org/10.3390/

ma15072467

Academic Editors: Swee Leong Sing

and Wai Yee Yeong

Received: 18 February 2022

Accepted: 21 March 2022

Published: 27 March 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

materials

Review

Laser Powder-Bed Fusion of Ceramic Particulate Reinforced
Aluminum Alloys: A Review

Tatevik Minasyan * and Irina Hussainova *

Department of Mechanical and Industrial Engineering, Tallinn University of Technology, Ehitajate 5,
19086 Tallinn, Estonia
* Correspondence: tatevik.minasyan@taltech.ee (T.M.); irina.hussainova@taltech.ee (I.H.)

Abstract: Aluminum (Al) and its alloys are the second most used materials spanning industrial
applications in automotive, aircraft and aerospace industries. To comply with the industrial demand
for high-performance aluminum alloys with superb mechanical properties, one promising approach
is reinforcement with ceramic particulates. Laser powder-bed fusion (LPBF) of Al alloy powders pro-
vides vast freedom in design and allows fabrication of aluminum matrix composites with significant
grain refinement and textureless microstructure. This review paper evaluates the trends in in situ
and ex situ reinforcement of aluminum alloys by ceramic particulates, while analyzing their effect
on the material properties and process parameters. The current research efforts are mainly directed
toward additives for grain refinement to improve the mechanical performance of the printed parts.
Reinforcing additives has been demonstrated as a promising perspective for the industrialization
of Al-based composites produced via laser powder-bed fusion technique. In this review, attention
is mainly paid to borides (TiB2, LaB6, CaB6), carbides (TiC, SiC), nitrides (TiN, Si3N4, BN, AlN),
hybrid additives and their effect on the densification, grain refinement and mechanical behavior of
the LPBF-produced composites.

Keywords: laser powder-bed fusion; additive manufacturing; aluminum alloys; reinforcement;
ceramic particulates; grain refinement; crystallographic texture; mechanical properties

1. Introduction

In many engineering solutions, product performance is determined by weight, which
can be scaled down by material-efficient construction and the use of low-density alloys [1,2].
Due to exceptional strength/stiffness-to-weight ratio, low density, good damage tolerance,
ability to be heat treated and the low cost, aluminum (Al) alloys are extensively used
in many exclusive fields, such as: automotive, aerospace, marine navigation, rail transit,
architectural construction, microelectronics and consumer applications [3–7].

In the meantime, owing to the moderate strength and relatively poor wear resistance
of aluminum alloys, they are not applicable as structural materials for critical parts of
aircrafts or satellites [8,9]; therefore, there is a need to improve the mechanical properties
of aluminum alloys to be used for special applications. Along the modern industrial
developments, the demand for complex-shaped products in diverse sectors is widespread.
Problems related to traditional casting of aluminum alloys include coarse microstructures,
a long process chain with limited flexibility [10], use of PM/casting molds [11] and a high
rate of tool degradation [12].

Additive manufacturing (AM) provides an integrated way of item production [13].
Additive manufacturing, also known as 3D printing, refers to the layer-wise fabrication
process of functional objects adopting nearly unlimited geometrical complexity, processing
freedom, high level of accuracy and customization with elimination of traditional economy-
of-scale constraints [14]. Furthermore, the material efficiency and design flexibility of
AM technology meet the requirements for resource optimization, mass customization and

Materials 2022, 15, 2467. https://doi.org/10.3390/ma15072467 https://www.mdpi.com/journal/materials5
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accelerates the time to enter the market. In terms of dissimilar material joining and hybrid
structures, AM is considered a versatile tool for complete spatial control of local material
composition, microstructure and properties [15].

Among the most advanced AM technologies available, laser powder-bed fusion has
gained increased attention in both the industrial and academic sectors. The essence of the
process lies beneath the selective melting/solidification of the desired sections of consecu-
tive powder layers by a precise (computer-controlled) high-energy laser beam directed by
3D CAD (computer-aided design) file [16–18]. Within the scanning process, the laser energy
is supplied into the powder layer, and the powder particles–laser beam interaction takes
place over a very short duration resulting in high heating/cooling rates [19–21]. The heat
is absorbed by the powder particles following both bulk coupling and powder coupling
mechanisms [11]. The laser-aided processing not only produces layers of fused powder,
but also creates metallurgical bond with its preceding layer, which leads to a proper densi-
fication and competent mechanical behavior of the fabricated parts. Generally, the LPBF
process can be ascribed with the following steps: scattering and absorption of laser waves
by the powder particles, heat transfer, melting and coalescence of particles, generation of
the melt pool and its solidification [22,23]. Due to a high cooling rate (up to 106 K/s), the
microstructure of the fabricated samples can dramatically differ from the conventionally
prepared counterparts [3,24]. During solidification, the melted material tends to undergo a
significant non-equilibrium metallurgical process, demonstrating different modes of heat
and mass transfer, causing the formation of unique microstructures [25].

During the laser treatment, each powder layer possesses its innate thermal history,
generating a complex thermal cycle, which results in high residual stresses, periodic cracks,
undesirable microstructural features and a lack of morphological uniformity [26]. Intricate
physics governing the laser beam–feedstock interaction (energy absorption, heat and mass
transfer), in situ chemical reactions, phase transformations and lack of insights of uncon-
trollable non-equilibrium metallurgical processes restrict the printability of many alloys
by LPBF [13,27]. To date, most commercial aluminum alloys for important applications
remain challenging for processing by LPBF due to feedstock particles’ poor flowability, high
affinity to oxygen, high laser reflectivity (hence low absorptivity), high material thermal
conductivity, large solidification range and solidification cracking [4,10,14]. The 2xxx, 6xxx
and 7xxx series of high-strength age-hardenable aluminum alloys contain elements that
widen the solidification temperature range, leading to the segregation of phases with low
melting point during epitaxial grain growth [28]. Moreover, the high thermal conductiv-
ity and high laser reflectivity of materials require excess heat to reach melting. This can
cause vaporization of volatile alloying elements (Zn, Mg, etc.) and lead to heterogeneity
within the completed part [10]. Hence, alloys with a large solidification range have a poor
applicability to AM due to the formation of hot cracks at various process stages [23].

There are several near-eutectic Al–Si alloy grades suitable for LPBF and available
on the market. These materials display an excellent fluidity, high thermal conductivity,
low coefficient of thermal expansion (CTE) and outstanding castability [29]. Hypoeutectic
Al–Si (7–12 wt.%)-Mg (>1 wt.%) alloys [10,30] possess the largest share among Al alloys
applicable for LPBF process. The incorporation of silicon is a critical issue for Al–Si alloys,
since Si reduces the melting point and narrows the solidification temperature range through
the formation of a eutectic, thus inhibiting crack formation and propagation. Nevertheless,
LPBF-fabricated Al–Si alloys generally face issues of low strength, low ductility, moderate
fatigue and wear resistance, which limit their use as structural components [4,8], and,
hence, there is an admitted necessity to develop novel aluminum alloys for LPBF. Owing
to extremely quick solidification process inherent to LPBF, the majority of high-strength
alloys, traditionally esteemed to be “non-weldable materials”, suffer from hot cracking
and porosity along the columnar grain boundary. However, even so determined “print-
able” alloys through LPBF possess a non-uniform microstructure and demonstrate poor
mechanical performance [31].
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For a wide acceptance of the alloys for industrial use, the materials must ensure a
number of required properties. The ideal alloy must be highly matched for the extreme
thermal conditions by means of decreasing fabrication defects. Meanwhile, it is crucial for
it to possess a suitable microstructure along with specific mechanical properties, which
are comparable to the existing peak-aged wrought alloys, and to maintain a major part
of its strength at elevated or high temperatures [30]. To further improve the mechanical
performance of LPBF-prepared aluminum alloys, a substantial amount of research has been
devoted to the following:

(i) Studying the modification of existing compositions by minor alloying constituents to
generate strengthening phases upon the fabrication process or during post-processing
(heat treatment) [32]. (The effects of common modifying elements are given in Figure 1).

(ii) The addition of grain refiners (stable, non-soluble solid ceramic particulates) to reduce
hot-tear susceptibility, grain growth and dislocation motion by developing aluminum
matrix composites (AMC) [8,33]. The latter conveys a combination of properties of
two or more physically distinct phases with the aim to produce parts with far superior
properties to the individual components [34].

(iii) Heat treatment [35–37].

Figure 1. The influence of the main and modifying components on LPBF fabricated Al
alloys [14,27,30,33,38–54].

AM processes are categorized as master forming technologies, where customized
designed objects’ properties are generated by the fabrication process itself. Therefore, the
composition and aluminum alloy chemistry undertake a central role during the LPBF
process [1]. Combining the advantages offered by AM with the favorable mechanical
properties of aluminum alloys will create viable mass-market manufacturing strategies that
will increase the adoption and implementation of both across the world [7].

In this review paper, the focus is placed on the laser powder-bed fusion of the ce-
ramic particulate (boride, carbide, nitride and hybrid additive) reinforced aluminum alloys,
concentrating on the effect of additives on the microstructure and grain refinement of the
produced materials. Thereafter, the mechanical properties and the mechanisms responsible
for their change are confronted to lead to a deeper understanding of the possible perfor-
mance of ceramic particulate reinforced aluminum matrix composites (AMCs). The list of
used reinforcements and their unique features during the LPBF process, as well as diagrams
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showing the strengthening, hardening and grain-refining effect of the added particulates,
are specified. The properties and efficiency of AMCs prepared by the traditional or other
additive manufacturing techniques are beyond the scope of this paper.

Reinforcement with Ceramic Particulates

The influence of rapid cooling during LPBF on the Al alloy microstructure is described
by three factors: (i) constitutional changes due to a great level of undercooling; (ii) individ-
ual phase refinement, when the scale of microstructural refinement is strongly related to
the velocity of the solidification interface; (iii) generation of phases in metastable state [10].

In contrast to coarse-grained cast Al alloys, LPBF-fabricated Al alloys exhibit a refined
microstructure, reduced dendritic branching, decreased segregation patterns, extensions
of solid solubility of alloying components, formation of metastable crystalline, quasi-
crystalline, amorphous phases [10] and microstructural anisotropy [55].

Generally, the anisotropy in LPBF-fabricated parts is a major processing bottleneck
triggered by the generation of coarse columnar grains with a preferential crystallographic
texturing along the build direction [56]. The main microstructural characteristics in LPBF-
fabricated hypoeutectic Al–Si alloys are columnar primary-Al grains and the eutectic Si
phase. The formation of such columnar grains is induced by the high thermal gradients,
which hinders nucleation ahead of the solidification front stimulating epitaxial grain
growth during LPBF [57]. Epitaxially grown columnar grains are formed during partial (or
complete) melting of the preceding solidified layers upon laser scanning of new layers and
further develop through successive irradiated layers. Moreover, the formation of columnar
grains can lead to intergranular hot tearing [58]. An effective solution is to provoke the
equiaxed grain formation during cooling process, which is reached upon modulating the
thermal gradient, cooling rate and alteration of cooling conditions [59,60].

One of the approaches for microstructure and properties optimization during LPBF
processing is either ex situ or in situ inoculation. In situ reactions in the particle-reinforced
composite systems prohibit the formation of interfacial compounds, support the nucleation
and growth from the parent matrix phase to generate chemically more stable reinforcing
compounds. The distribution of the in situ reinforcements is more homogeneous and pro-
vides a strong interfacial bonding with the matrix [61]. The chemical reaction between the
reactants might also originate an extra thermal energy for the fusion, which can strengthen
the matrix-reinforcement binding. Such assets lead to supreme material performances,
allowing MMCs (metal matrix composites) to reach mechanical properties far superior to
the ex situ reinforced or non-reinforced metals/alloys. However, due to a wide variety
of technological challenges, these MMCs are seldom implemented for commercial appli-
cations. Successful design requires a large number of factors to be considered, such as
powder compositions, presence of native oxide films on powder particles, powder flow,
exothermicity of the in situ reaction and process parameters. The “in situ” formed elements,
such as O, C and N, might dissolve in a metal matrix, causing significant embrittlement.
Furthermore, additional heat released during the process might cause melt pool instability,
leading to an intensive powder splash and evaporation [62,63].

Commonly, for grain refinement, the addition of stable grain refiners (inoculants) with
the smallest possible lattice mismatch to aluminum is widely used in conventional casting
processes. Refiners suppress the columnar solidification and promote the formation of
a fine, uniform, equiaxed grain structure by stimulating heterogeneous nucleation and
achieving the columnar-to-equiaxed transition [64]. The latter magnifies the total area of
grain boundaries per unit volume, decreasing the residual liquid film thickness along the
solidification process, and thus prohibits the formation and propagation of cracks [28].
The heterogeneous nucleation of α-Al during solidification takes place preferably on the
inoculants, which provide the low-energy interfaces between a refiner and a matrix [65].

To determine the comparative values of interfacial energy, atomic matching throughout
the interface is generally employed as an indicator. To reduce interfacial energy, the
main requirements are coherent or semi-coherent interfaces and reproducible orientation
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relationships (ORs) between two crystals, as different lattice parameters cause distortion of
the lattice, resulting in an excess strain energy, which is determined by a lattice mismatch
(also called as lattice disregistry, δ) [58]. The selection of potent grain refiners with the
smallest disregistry with the matrix crystal throughout a specific interface is favored [58].
If disregistry value is below 10%, both in situ formed and added inoculants have the ability
to induce heterogeneous nucleation of Al grains [66].

Nucleant particles serve a dual role in the AMCs as refiners and reinforcements, and
they can be classified in three categories: non-oxide ceramics, oxide ceramics and carbon-
based compounds. Generally, the ceramic particulates of a high hardness, good thermal
stability, relatively high laser absorptivity and compatibility with metals/alloys are suitable
constituents for the preparation of high-performance AMCs [67]. To meet the demand to
satisfy the “light weight and high strength” concept, novel AMCs are continuously under
development [5,11,68].

For the conventional AMCs, relatively coarse ceramic particles with a size ranging from
several tens to hundreds of micrometers are broadly utilized as reinforcements. However,
reasoned by limited interfacial wettability between reinforcement and matrix, the large
particles are susceptible to cracking during mechanical loading, causing reduced ductility
and inducing premature failure of AMCs [69]. Consequently, both tensile strength and
ductility of AMCs increase if the fine-sized reinforcements are used. On that account, the
introduction of the nano-scaled ceramic particles can remarkably enhance the mechanical
performance of AMCs [70,71].

However, the agglomeration of nanoparticles may cause unfavorable microstructural
changes and affect the mechanical behavior of the composites, as well as affecting thermal
and rheological behavior of the melt pool (increasing viscosity, especially in case of high
volume of nanoparticles) and shifting the LPBF parameter window. The LPBF method
enables effective fabrication of composites reinforced with ceramic reinforcements, taking
into account the unique metallurgical nature of the process, high temperatures and thermal
convection in a micron-sized molten pool [23,72,73].

2. Non-Oxide Additives

Non-oxide additives (borides, carbides, nitrides, etc.) are one of the most used rein-
forcements for Al alloys due to their high melting temperatures and chemical stability [74].
AMCs merge the ductility and toughness of aluminum with the high strength and modulus
of the ceramic reinforcement [75], hence achieving an improvement of the overall charac-
teristics and durability [12]. The low laser absorptivity of aluminum in the infrared range
challenges the controlled melting, while the increase in the laser absorption of ceramic
particulate decorated/mixed aluminum alloy at a laser wavelength of 1064 nm promotes
the LPBF process. The introduction of ceramic particles to the pure alloy increases laser
absorptivity of the overall powder mixture, as (i) non-oxide ceramic particles display
high laser absorptivity and (ii) the added ceramic particles increase surface roughness
of decorated powder, promoting multiple reflections of the laser in the powder bed [28].
As shown in Figure 2a–c, the ray absorption of the SiC/AlSi10Mg and TiB2/AlSi10Mg
powder mixtures is higher compared to pure AlSi10Mg alloy. There is a lower intensity of
interactions between laser rays and particles of pure AlSi10Mg compared to SiC and TiC
added composite powder. (Figure 2d–g) [76].
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Figure 2. Irradiance distribution for SiC/AlSi10Mg (a), AlSi10Mg (b), TiB2/AlSi10Mg (c) powder
mixtures (top view). Illustration of track spot of each laser ray on the particle surface of AlSi10Mg
(d), SiC/AlSi10Mg (e), TiB2/AlSi10Mg (f) (side view) and numerical representation of laser–particle
interactions (g) (reproduced with permission from [76]).

2.1. Borides: Grain Refining and Strengthening Effect of TiB2, LaB6, CaB6

As one of the proven highly effective grain refiners for Al alloy, TiB2 particles ex-
hibits good thermal stability, good wettability and interfacial compatibility, in addition to
the acknowledged crystallographic orientation relationship with Al matrix, contributing
to a comprehensive mechanical performance of AMCs [59,73]. The addition of TiB2 to
AlSi10Mg increases the laser absorptivity of the powder bed by almost 1.5 times [76]. To
provide even distribution, small particle size and adequate interfacial bonding of the TiB2
particles, in situ fabrication approaches have been implemented, offering the advantages
of a clean interface between ceramic particles and matrix alloy and fine morphology of in
situ formed particles [5]. Both in situ and ex situ fabrication of TiB2 reinforced Al alloys are
discussed below.

In Ref. [77], 0.5–8 wt.% nano-sized TiB2 particles were introduced into AlSi10Mg,
which resulted in the elimination of columnar grains and refined elongated dendritic
structures from 4.6 to 2 μm, as shown in Figure 3a–d and Table 1. Similar results were
obtained in Refs. [59,73], as the introduction of 1–5 wt.% and 5.3 wt.% (3.4 vol%) TiB2 to
AlSi10Mg, respectively, led to remarkable grain refinement down to 1.55 μm (Figure 3e–g,i,j).
However, the incorporation of only 1 wt.% TiB2 into AlSi10Mg [78] did not demonstrate
a dramatic difference between reinforced and pure alloy parts; however, the grain size
distribution became distinctly narrow (Figure 3h).

A microstructure with average grain size of 1.38 μm for the vertical sector was ob-
served [79] when 6.5 wt.% TiB2 was added (Figure 3k). However, the increase in TiB2 content
to ~11.6 wt.% (almost two times) [80] did not result in further grain refinement (Figure 3l).
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Table 1. Characteristics of boride (particulate) reinforced AMCs fabricated by laser powder-bed fusion.

System
Used Device,
Process
Parameters

Relative
Density (%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

AlSi10Mg/
1 wt.% TiB2

SLM 150 HL
P = 350–450 W
ν = 1800 mm/s
d = 50 μm
h = 50 μm
Ev = 77.7–100.0 J/mm3

99.95 ~6.3 - - ~126 HV0.2 [78]

AlSi10Mg/
3.4 vol.%TiB2

Prox DMP 200 SLM
P = 210 W
ν = 1000 mm/s
d = 30 μm
h = 100 μm
Ev = 70 J/mm3

99.975 2.08 σu = 522.9–529 ε ≈ 7.5–8.6 - [59]

AlSi10Mg/
1 wt.%TiB2

SLM 150
P = 450 W
ν = 1600–2600 mm/s
d = 50 μm
h = 50 μm
Ev = 69.2–112.5 J/mm3

Up to 99.09 6.32 ± 0.07 σy ≈ 270
σu = 397 ε ≈ 3.6 ~124 HV0.2

[73]AlSi10Mg/
2 wt.% TiB2

Up to 99 2.20 ± 0.11 σy ≈ 283
σu ≈ 444 ε ≈ 4.2 ~127 HV0.2

AlSi10Mg/
5 wt.% TiB2

~96–97.8 1.55 ± 0.14 σy ≈ 270
σu = 422 ε ≈ 4.1 ~129 HV0.2

AlSi10Mg

Prox DMP 200,
3D Systems
P = 220–280 W
ν = 800–2000 mm/s
d = 30 μm
h = 90 μm

99.56 ± 0.16 4.64 σy = 270.1 ± 4.3
σu = 430.7 ± 1.6 ε = 4.7 ± 0.4 125.9 ± 1.4 HV10

[77]

AlSi10Mg/
0.5 wt.% TiB2

99.82 ± 0.10 3.45 σy = 317.6 ± 2.1
σu = 484.1 ± 3.3 ε = 9.5 ± 0.3 140.5 ± 1.3 HV10

AlSi10Mg/
2 wt.% TiB2

99.92 ± 0.04 2.0 σy = 320.1 ± 3.2
σu = 500.7 ± 3.5 ε = 12.7 ± 0.2 147.1 ± 1.5 HV10

AlSi10Mg/
5 wt.% TiB2

99.91 ± 0.02 ~2.0 σy = 323.7 ± 1.9
σu = 522.9 ± 3.6 ε = 8.7 ± 0.5 151.1 ± 2.1 HV10

AlSi10Mg/
8 wt.% TiB2

99.92 ± 0.05 ~2.0 σy = 340.8 ± 1.7
σu = 544.4 ± 2.6 ε = 6.2 ± 0.2 161.5 ± 2.5 HV10

AlSi10Mg/
6.5 wt.%TiB2

BLT-S310
P = 260–350 W
ν = 900–1500 mm/s
d = 30 μm
h = 110–170 μm

>99.5

1.63 μm
for top

σy = 332.3 ± 6.7
σu = 536.9 ± 14.4 ε = 16.5 ± 1.7

-

[79]
1.38 μm
for side

σy = 277.9 ± 6.9
σu = 517.3 ± 9.1 ε = 15.4 ± 1.6

AlSi10Mg/
11.6 wt.% TiB2

House-built
P = 200–300 W
ν = 800–2000 mm/s
d = 30 μm
h = 105 μm
Ev = 31.7–119.0 J/mm3

99.5 ~2 σu = 530 ± 16 ε = 15.5 ± 1.2 191 ± 4 HV0.3 [80]

AlCu/
~4.7 wt.% TiB2

Renishaw AM400
P = 250–300 W
ν = 1125–4500 mm/s
d = 30 μm
h = 90 μm

Up to 99.5 0.5–2 σu = 391 ± 7.3
σy = 317.8 ± 9.3 ε = 12.5 ± 0.8 - [50]

Al-Cu-Mg-Si/
5 vol.% TiB2

SLM 250 HL
P = 190 W
ν = 165 mm/s
d = 40 μm
h = 80 μm
Ev = 359.8 J/mm3

>99.0 2.5 ± 0.1 σyc = 191 ± 12 εc ≈ 60 - [81]
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Table 1. Cont.

System
Used Device,
Process
Parameters

Relative
Density (%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

Al-Cu/
~4 wt.% TiB2

Aconity LAB
P = 200 W
ν = 1000 mm/s
d = 30 μm
h = 100 μm
Ev = 66.67 J/mm3

99.9 ± 0.1 0.64 ± 0.26 σu = 401 ± 2 ε = 17.7 ± 0.8 113 ± 2 HV10 [82]

Al-12Si
SLM 250 HL
P = 320 W
ν = 1655 mm/s
d = 50 μm
h = 110 μm
Ev = 35.1 J/mm3

- - σyc = 211 ± 4 - 119 HV0.05

[64,83]

Al-12Si/
2 wt.% TiB2

≈99.1 ~5.1 σyc = 225 ± 4 εc ≈ 30 142 ± 6 HV0.05

AlSi10Mg

SLM125HL
P = 300 W
ν = 1650 mm/s
d = 30 μm
h = 130 μm
Ev = 46.6 J/mm3

T = 200 ◦C

99.08 ± 0.1 6.1 σy = 243 ± 9
σu = 420 ± 9

εtr ≈ 5.5
εlong ≈ 3.7

- [84]

AlSi10Mg/
0.05 wt.% LaB6

99.03 ± 0.08 4.0 σy ≈ 242
σu ≈ 430

εtr ≈ 6.4
εlong ≈ 4.8

AlSi10Mg/
0.2 wt.% LaB6

99.17 ± 0.05 2.5 σy ≈ 245
σu ≈ 435

εtr ≈ 7
εlong ≈ 6.5

AlSi10Mg/
0.5 wt.% LaB6

99.46 ± 0.18 2.2 σy ≈ 240
σu ≈ 427

εtr ≈ 6.5
εlong ≈ 6.9

AlSi10Mg/
1 wt.% LaB6

99.49 ± 0.13 1.8 σy ≈ 235
σu ≈ 429

εtr ≈ 7.1
εlong ≈ 5.8

AlSi10Mg/
2 wt.% LaB6

99.48 ± 0.22 1.6 σy ≈ 238
σu ≈ 445

εtr ≈ 7.0
εlong ≈ 5.6

2024 Al alloy
Aconity LAB machine
P = 200–300 W
ν = 600–1200 mm/s
d = 30 μm
h = 100 μm
Ev = 56–167 J/mm3

98.3 - - - 66 ± 6 HV5

[28]

2024 Al alloy/
2 wt.% CaB6

>99.5 0.91 ± 0.32 σy = 348 ± 16
σu = 391 ± 22 ε = 12.6 ± 0.6 132 ± 4 HV5

Ev—laser volumetric energy density, El—laser linear energy density, P—laser power, ν—scanning speed, h—hatching
distance, d—layer thickness, σu—ultimate tensile strength, σy—yield strength, σuc—ultimate compressive strength,
σyc—compressive yield strength, ε—elongation, εlong—elongation at longitudinal direction, εtr—elongation at transverse
direction, εc—compression strain, RT—room temperature, - means no data available.

Partial melting of TiB2 was reported in Ref. [73] despite the fact that TiB2 is con-
sidered a refractory material. Adding 5 vol.% (or 8.3 wt.%) TiB2 to an Al–Cu alloy [81]
resulted in a remarkable grain size reduction from 23 to 2.5 μm. In Ref. [82], the in situ
TiB2 (4 wt.%) reinforced Al–Cu–Ag–Mg–Ti alloy had fine equiaxed grains with ~0.64 μm
average size without preferential orientation (Figure 3p). The reported grain size was
smaller than that stated in Refs. [73,80]. In Refs. [64,83], the addition of 2 wt.% TiB2
to an Al–12Si alloy produced a textureless microstructure with an average grain size of
~5 μm, meaning that in case of similar content of incorporated TiB2, coarser grains were
grown in the Al–12Si alloy than in AlSi10Mg (Figure 3m,n). For comparison, a hot-pressed
sample’s EBSD image is shown in Figure 3o, which, interestingly, showed a higher degree
of grain refinement.

For a bare minimum boride additive range, at least 2 wt.% TiB2 is sufficient to signifi-
cantly alter the final morphology and crystallographic texture of LPBF-processed materi-
als [64,73,77,82,83].
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Figure 3. EBSD (electron backscatter diffraction) color maps for LPBF-prepared Al alloys and
AMCs reinforced with borides ((a–n) and (p–v)) (subfigure (o) represents hot-pressed (HP) sample)
(reproduced with permission from [28,59,64,73,77–80,83,84]).
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The grain refining (columnar to equiaxed transition) effect of TiB2 (Figure 4a,b) is
ascribed to its good stability in a melt pool, supplying numerous low-energy barrier nucle-
ation sites (crystal embryos) and a reduction in the critical amount of total undercooling
required to initiate the formation of equiaxed crystals [77]. The particles pushed to the
grain boundaries pin and stabilize grain boundaries and limit grain growth along the heat
flux direction [59]. Furthermore, due to a lower thermal conductivity of TiB2 (~77.8 W/mK)
as compared to Al (~108 W/mK) [73], TiB2 particles prevent heat flux at a high temperature,
reducing the temperature gradient. The latter results in the formation of fine equiaxed
grains, weakening the texture and anisotropy of fabricated AMCs [59]. Overall, grain
refinement is justified with a combination of high cooling rates during LPBF, an increased
number of nucleation sites and limitations on grain growth [73,80], which lie beneath
three main mechanisms: constitutional supercooling, heterogeneous nucleation and Zener
pinning. Meanwhile, random orientations of TiB2 particles provide the randomization of
Al grain orientation and texture elimination [77].

Figure 4. Graphical illustration of grain formation during solidification in a melting pool of AlSi10Mg
(a) and AlSi10Mg-TiB2 AMC (b) (reproduced with permission from [77]).

The grain refining effect of TiB2 is also reported to be a result of the formation of Al3Ti
and the crystallographically coherent interface between Al3Ti and TiB2, which promotes the
nucleation of Al3Ti on the surface of TiB2 particles in an Al melt. Without the Al3Ti layer,
TiB2 additives are easily contaminated by impurities with a high tendency to form a eutectic
microstructure with Al and, therefore, being insufficient in nucleating α-Al grains [85].
However, in Ref. [81], a preferable natural stacking sequence of Al atoms on TiB2 and direct
refining are reported. Meanwhile, in Ref. [82], it was highlighted that the absence of the
Al3Ti layer does not prove a lack of nucleation, since the Al3Ti layer can fully transform
into α-Al during the cooling process via a peritectic reaction.

Besides TiB2, other borides, such as CaB6 and LaB6, had shown a promising refining
capability. The addition of 0.05–2 wt.% LaB6 to AlSi10Mg resulted in grain refinement
down to 1.6 μm (Figure 3q–t). LaB6 particles form a highly coherent interface with the
Al matrix. A higher amount of LaB6 nanoparticles (>0.5 wt.%) did not further provide
grain refinement and restricted longitudinal elongation due to the weakening of melt pool
boundaries by segregation of the excess LaB6 nanoparticles [84]. The addition of 2 wt.%
CaB6 nanoparticles to the high-strength 2024 aluminum alloy resulted in an equiaxed, crack-
free microstructure with an average grain size of 0.91 ± 0.32 μm and a highly coherent
interface with Al (Figure 3u,v and Figure 5a,b) [28]. No decomposition of CaB6 was
observed. However, not every CaB6 nanoparticle functions as a nucleant; a large quantity
of them is acquired in the liquid phase between the growing grains, and they are forced to
the grain boundaries where they stabilize the microstructure via Zener pinning.
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Figure 5. EBSD inverse pole figure grain orientation map of LPBFed 2024 alloy—2 wt.% CaB6

(a), respective HAADF-STEM and ADF-STEM images of CaB6 nanoparticles within α-Al grain
(b) (HAADF-STEM stands for high-angle annular dark-field scanning transmission electron micro-
scope, ADF for annular dark-field)(reproduced with permission from [28]).

In Ref. [77], the addition of 0.5–8 wt.% TiB2 to AlSi10Mg resulted in increased strength
(up 544 MPa) and hardness (with 20%); however, the high content of TiB2 (>2%) resulted in
a reduced ductility (6.2%), which was still higher than for a reference AlSi10Mg. Simul-
taneous enhancement of strength (up to 537 MPa and 530 MPa) and ductility (16.5% and
15.5%) was achieved in Refs. [79,80], respectively, when 6.5 wt.% and 11.6 wt.% TiB2 were
introduced to AlSi10Mg. The increased strength was mainly attributed to the Hall–Petch
relationship, loading-bearing and Orowan strengthening mechanisms. The grain boundary
modification by TiB2 nano-particulates and the promoted dislocation plasticity by nano-Si
precipitates improved ductility. LaB6 addition resulted in a subtle improvement of strength
and ductility; however, the reinforcing effect was not as pronounced, as in the case of TiB2.

The highest elongation (~17.7%) was recorded in Ref. [82], when the Al–Cu alloy was
reinforced with 4 wt.% TiB2; however, the alloys exhibited a significantly lower strength
and hardness. The addition of 2 wt.% CaB6 [28] resulted in an increased elongation of 2024
alloy, up to 12.6%, and improved tensile and yield strength (Table 1).

2.2. Carbides: Grain Refining and Strengthening Effect of TiC, SiC, B4C
2.2.1. Titanium Carbide: TiC

TiC exhibits several favorable characteristics required for Al alloys reinforcement;
among them, there are moderate density (4.91 g/cm3), high hardness (28–32 GPa) [86],
high modulus of elasticity (up to 440 GPa) [87], good wettability, good laser absorptivity
(higher than TiB2) and low lattice mismatch (6.9%) with Al. TiC particle reinforced AMCs
have a high strength, stiffness and modulus, good corrosion and wear performance [22,72].
However, when formed in situ in the melt pool, the TiC phase possesses unstable chemical
composition (portrayed as TiCx, where x is in 0.48–1 range) due to the generation of carbon
atom vacancies. Consequently, the nucleating behavior of TiCx for α-Al is not consistent,
since the TiCx+Al→Al4C3 reaction is favored, which results in weakened grain refining
performance [88].

In Ref. [89], an increase in the TiC content from 1 to 10 wt.% when added to the Al–15Si
alloy resulted in an increase in melt pool fluidity and a decrease in the undercooling degree,
leading to significant grain coarsening (Figure 6). Ultimately, with the added threshold
limit of TiC (10 wt.%), the primary Si particles precipitate out and distribute on the surface
of the Al matrix (Figure 6d).
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Figure 6. Microstructure evolution of the Al–15Si alloy reinforced with 1 wt.% (a), 2.5 wt.%
(b), 7.5 wt.% (c) and 10 wt.% TiC (d) (reproduced with permission from [89]).

Alternatively, the fabrication of AlSi10Mg/5 wt.%-nano-TiC [70] under an increased
laser energy caused the nano-TiC particles to accumulate in clusters, forming the micron-
sized agglomerates. However, the dispersion of reinforcement became more uniform, as
shown in Figure 7a–d.

Figure 7. SEM images portraying dispersion degree of TiC and respective microstructure of fabricated
AlSi10Mg/5 wt.%TiC composite processed at various El (Ev): 314 J/m (125.71 J/mm3) (a), 440 J/m
(176.0 J/mm3) (b), 733 J/m (293.3 J/mm3) (c) and 1100 J/m (440.0 J/mm3) (d) (reproduced with
permission from [70]).

An increase in energy input resulted in change in TiC appearance, from aggregate
to ring (circular) structures, due to intensive Marangoni flow (Figure 8a–d) in LPBFed
AlSi10Mg/3 wt.%TiC composites [71].
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Figure 8. SEM images demonstrating the dispersion states of nano-TiC particles in LPBFed
AlSi10Mg/3 wt.%TiC composites at Ev = 160 J/mm3 (a), Ev = 200 J/mm3 (b), Ev = 240 J/mm3

(c) and Ev = 280 J/mm3 (d) (reproduced with permission from [71]).

The formation of ring-structured TiC was reported in Ref. [22] as well. At 5 and
7.5 wt.% TiC addition, at elevated Marangoni force and a lower viscous drag force, the
ceramic particulates are captured in the circular melt motion (Figure 9b,c) and generate
distinct circular structures in solidified build (Figure 9e–g). The circular-structured TiC
agglomerate formation was not found in Ref. [70] when 5 wt.% TiC was used, which can
probably be justified by the application of different process parameters.

 

Figure 9. Velocity vector plots around a TiC reinforcing particle in the melt pool (the dashed circles
highlight the circular motion) and micrographs demonstrating typical morphology of LPBF-processed
AlSi10Mg/TiC nanocomposites with different TiC contents: 2.5 wt.% (a,d), 5 wt.% (b,e) and 7.5 wt.%
(c,f). Schematics of the formation mechanism of novel circular TiC configurations during fusion process
at fixed Ev = 571.43 J/mm3 (g) (reproduced with permission from [22]).

The presence of in situ formed D022-Al3Ti inoculants (with tetragonal structure) was
revealed in Ref. [31] for the AlSi10Mg/5 wt.%TiC composite. Heterogeneous nucleation of
α-Al on the D022-Al3Ti nanoparticles (Figure 10c–f) occurred, leading to (i) columnar-to-
equiaxed transition with subsequent grain refinement from ~80 μm to ~1 μm (Figure 11a,b),
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and (ii) the preferred orientation of the of α-Al (200) phase was removed (Figure 10a,b). In
situ formed Al3Ti served as a more effective nucleant as compared to TiC, mainly due to
the small lattice mismatch between Al and Al3Ti, which was reduced to 0.09%.

 

Figure 10. Diffractograms of the LPBFed AlSi10Mg (a) and AlSi10Mg/5 wt.%TiC (b) specimens, HRTEM
image of the D022–Al3Ti/Al matrix (c) and interface (d), SAED patterns taken at the D022-Al3Ti along
(010) Al3Ti (e), FFT patterns of the D022–Al3Ti/Al matrix interface (f) (SAED stands for selected area
electron diffraction and FFT for fast Fourier transform, (reproduced with permission from [31]).

Yet, another variable parameter centers on powder production for the LPBF process.
In Ref. [90], the LPBF of the ball-milled composite powder of AlSi10Mg/5 wt.%TiC is
reported. After printing, the TiC particles maintained their nanoscale nature and were
not subjected to a significant coarsening, which resulted in an increased hardness of the
alloy from 140 to 185 HV0.1 and the tensile strength from 400 to 482 MPa (Table 2). The
elongation of the composite part (10.8%) was similar to the elongation measured for the
pure AlSi10Mg alloy. This can be explained by various effects: (i) an increased dislocation
density near reinforcement/matrix interface, (ii) TiC nanoparticles acting as a barrier for
dislocation movement, (iii) delaying crack propagation, thus improving the tensile strength.
Alternating the TiC concentration, laser energy density and powder processing technique
yield different composite attributes, as shown in Table 2.

Table 2. Characteristics of carbide reinforced AMCs fabricated by laser powder-bed fusion.

System
Used Device,
Process Parameters

Relative
Density
(%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

Al-15Si

SLM125
P = 360 W
ν = 600 mm/s
d = 20 μm
h = 60 μm

>98.5 -

σu = 398 ε = 2.6 154 HV1

[89]

Al-15Si/
1 wt.% TiC σu = 578 ε = 7.86 146 HV1

Al-15Si/
2.5 wt.% TiC σu ≈ 450 ε ≈ 4 150 HV1

Al-15Si/
10 wt.% TiC σu ≈ 313 ε = 2.24 177 HV1
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Table 2. Cont.

System
Used Device,
Process Parameters

Relative
Density
(%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

AlSi10Mg/
3 wt.% TiC

SLM system
P = 80, 100, 120
and 140 W
ν = 200 mm/s
d = 50 μm
h = 50 μm
E = 160 J/mm3 >98.5 -

σu = 452 ε = 9.8 157.4 HV0.1

[71]

E = 200 J/mm3 - - ≈173 HV0.1

E = 240 J/mm3 σu = 486 ε = 10.9 188.3 HV0.1

E = 280 J/mm3 - - 180.6 HV0.1

AlSi10Mg/
5 wt.% TiC

SLM system
P = 110 W
ν = 100–350 mm/s
d = 50 μm
h = 50 μm
El = 1100, 733, 440,
314 J/m

>98 - - - 181.2 HV0.2 [70]

AlSi10Mg/
5 wt.% TiC

EOS M290
P = 320 W
ν = 1100 mm/s
d = 30 μm
h = 130 μm

99.75 0.5–1 σu ≈ 456
σy ≈ 338 ε = 2.97 131 HV0.05 [31]

AlSi10Mg/
5 wt.% TiC

SLM system
P = 100 W
ν = 150 mm/s
d = 50 μm
h = 50 μm

Full
dense - σu = 482 ε = 10.8 185 HV0.1 [90]

AlSi10Mg/
10 wt.%
Al-Ti-C-B
master alloy

3D Systems ProX DMP
320
P = 300 W
ν = 1400 mm/s
d = 30 μm
h = 100 μm

- ~3 σu = 488 ± 6
σy = 287 ± 3 ε = 10.1 ± 2.2 - [88]

2024 alloy

EOS M290
P = 200 W
ν = 100 mm/s
d = 40 μm
h = 90 μm
T = 180 ◦C

98.2 ~30 σu = 240 ± 10 ε = 0.3 ± 0.2 108 HV0.2

[92]

2024/
1 wt.% TiC 98.5 - - -

2024/
1 wt.% TiH2

95.7 - - - -

2024/
(1 wt.% TiC
+1 wt.% TiH2)

97.1 ~2 σu = 390 ± 15 ε = 12.0 ± 0.5 120 HV0.2

AlSi10Mg

EOS M280
P = 270 W
ν = 1600 mm/s
d = 30 μm
h = 110 μm

98.22 12.1 σu = 393.8 ± 14.5
σy = 224.2 ± 7.2 ε = 4.5 ± 0.9 127.8 ± 2.4 HV.1

[93]

ASi10Mg/
1.5 wt.% TiC
+1.5 wt.% TiB2

99.02 1.5 σu = 552.4 ± 12.1
σy = 325 ± 10.2

ε = 12 ± 0.6 142 ± 2.9 HV0.1

ASi10Mg/
3 wt.% TiB2

97.12 7.7 σu = 360.6 ± 8.5
σy = 200 ± 8.8 ε = 3.8 ± 0.2 134.4 ± 1.4 HV0.1

ASi10Mg/
3 wt.% TiC 98.23 1.7 σu = 453 ± 10

σy = 267.5 ± 7.8 ε = 4.8 ± 1.1 138.3 ± 1.7 HV0.1
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Table 2. Cont.

System
Used Device,
Process Parameters

Relative
Density
(%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

AlSi10Mg

SLM-125HL
P = 150 W
ν = 1200 mm/s
d = 30 μm
h = 105 μm
T = 200 ◦C

At RT
full
dense

-

RT
σu = 356 ± 10
σy = 220 ± 4

ε = 4.5 ± 0.5

-

[91]

100 ◦C
σu = 327 ± 2
σy = 230 ± 3

ε = 5 ± 1

150 ◦C
σu = 282 ± 3
σy = 213 ± 3

ε = 11.5 ± 2.5

200 ◦C
σu = 245 ± 8
σy = 194 ± 7

ε = 11 ± 1.2

AlSi10Mg/
2 vol.% TiCN

At RT
full
dense

RT
<1.5

RT
σu = 333 ± 2
σy = 227 ± 7

ε = 2.8 ± 0.

-
-

100 ◦C
σu = 344 ± 2
σy = 245 ± 2

ε = 3.5 ± 0.2

-
150 ◦C
σu = 308 ± 9
σy = 235 ± 4

ε = 4.2 ± 0.2

-
200 ◦C
σu = 270 ± 1
σy = 209 ± 10

ε = 4.9 ± 0.4

AlSi10Mg

SLM-120
P = 200 W
ν = 1200 mm/s
d = 30 μm
h = 70 μm
T = 200 ◦C

Almost
full
dense

-

σu = 366
σy = 193 ε = 6.8 ~141 HV0.2

[94]

AlSi10Mg/
0.7 wt.%
(B4C+Ti)

σu = 417
σy = 234 ε = 5.2 ~139 HV0.2

AlSi10Mg/
5.7 wt.%
(B4C+Ti)

σu = 307
σy = 126 ε = 3.6 ~170 HV0.2

AlSi10Mg/
11.5 wt.%
(B4C+Ti)

σu = 218
σy = 117 ε = 3.4 ~175 HV0.2

AlSi10Mg/
17.2 wt.%
(B4C+Ti)

σu = 165
σy = 72 ε = 1.7 ~222 HV0.2

AlSi7Mg
EOSINT M280
P = 350 W
ν = 1200 mm/s
d = 40 μm
h = 190 μm
T = 80 ◦C

Porosity
≈0.59% ~4.55 σu = 388.3 ± 49.6 ε = 7.03 ± 1.25 ≈1.85 GPa

nano-hardness
[8]

AlSi7Mg/
2 wt.% SiC

Porosity
≈0.25% ~3.14 σu = 502.94 ε = 10.64 ±

1.06
≈2.11 GPa
nano-hardness

AlSi10Mg/
2 vol.% SiC
(~2.4 wt.%)

SLM280HL
P = 120 W
ν = 250 mm/s
d = 30 μm
h = 60 μm
T = 150 ◦C
Ev = 267 J/mm3

~92.04 - - - - [95]
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Table 2. Cont.

System
Used Device,
Process Parameters

Relative
Density
(%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

AlSi10Mg/
2 vol.% SiC
(~2.4 wt.%)

P = 150 W
Ev = 333 J/mm3 98.7 4.44 σu = 343 ± 59 ε = 3.3 ± 1.7 134.4 ± 3.2 HV0.1

[95]

P = 180 W
Ev = 400 J/mm3 97.69 4.96 σu = 377 ± 28 ε = 2.9 ± 0.95 135.6 ± 3.5 HV0.1

P = 210 W
Ev = 467 J/mm3 97.36 6.73 σu = 440 ± 17 ε ≈ 7.4 131.7 ± 2.6 HV0.1

P = 240 W
Ev = 533 J/mm3 97.40 - σu = 450 ± 30 ε = 4.9 129.7 ± 6.9 HV0.1

Al–12Si/
10 vol.% SiC
(~11.8 wt.%)

ReaLizer SLM-100
P = 200 W
ν = 375–1500 mm/s
d = 50 μm
h = 100 μm
Ev ≈ 20–80 J/mm3

97.4 (by
X-ray micro
tomography
(XMT))

- - - - [34]

AlSi10Mg/
10 wt.% SiC

EOSINT M280
P = 240–320 W
ν = 500–1800 mm/s
d = 30 μm
h = 80–160 μm

- 2.35 σu ≈ 450
σy ≈ 410 - 208.5 HV0.1 [96]

AlSi10Mg/
15 wt.% SiC

Self-developed
NRD-SLM-III
P = 340–490 W
ν = 600–2100 mm/s
d = 40 μm
h = 60–180 μm
T = 200 ◦C

97.7 - σu = 341.9 ε ≈ 3 217.4 HV0.2 [97]

AlSi10Mg/
15 wt.% SiCp
(300 mesh)

Self-developed
NRD-SLM-III
P = 500 W
ν = 1200 mm/s
d = 40 μm
h = 120 μm
T = 200 ◦C

≈97.8
-

σuc = 545.4 εc ≈ 4.7% ≈210 HV0.2

[98]
AlSi10Mg/
15 wt.% SiCp
(600 mesh)

≈98.5 σuc = 642.4 εc ≈ 6.1% ≈240 HV0.2

AlSi10Mg/
15 wt% SiCp
(1200 mesh)

98.9 σuc = 764.1 εc ≈ 7.0% 316.1 HV0.2

AlSi10Mg/
20 wt.% SiC

Self-developed
P = 80–110 W
N = 100 mm/s
d = 50 μm
h = 50 μm
El = 800–1100 J/m

~89.2–96.1 - - - 214 HV0.1 [11]

AlSi10Mg/
20 wt.% SiC
D50SiC = 50 μm

SLM apparatus with Yb
laser
P = 100 W
ν = 100 mm/s
d = 30 μm
h = 50 μm

86.4
- - -

~127 HV0.1

[13]AlSi10Mg/
20 wt.% SiC
D50SiC = 15 μm

93.7 188 HV0.1

AlSi10Mg/
20 wt.% SiC
D50SiC = 5 μm

~97.2 218.5 HV0.1
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Figure 11. EBSD color maps for LPBF-prepared Al alloys and AMCs reinforced with carbides,
carbonitride, carbide/hydride and carbide/boride additives (a–n) (reproduced with permission
from [31,88,91–93]).

While using a single carbide reinforcement has proven to be an effective way for grain
refinement, the use of a second additive was shown to complement the effects of a single
species. In Ref. [92], the dual reinforcing phases were used, resulting in a crack-free sample
produced from the 2024 alloy/1 wt.%TiC+1 wt.%TiH2 powders mixture. It was shown that
unreinforced alloy contained columnar microstructure (Figures 11g and 12a–c), while the
2024 alloy/1 wt.%TiC+1 wt.%TiH2 composite was composed of superfine equiaxed grains
(Figures 11h and 12d–h).
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Figure 12. Schematic representation of microstructures and solidification mechanisms of LPBF-fabricated
2024 Al alloy (a–c) and 2024/TiC-TiH2 composite (d–h) (reproduced with permission from [92]).

Ti-rich particles (TiC and Al3Ti) with irregular or cubic shape are present in the grains
exhibited in Figure 13a,b. The L12-Al3Ti with a face-center-cubic (FCC) structure is a result
of TiH2 decomposition (TiH2→Ti+H2) and reaction between Ti and Al melt. It is worth
mentioning that in Ref. [31], a formation of the D022-Al3Ti phase with a tetragonal structure
was reported. A highly coherent interface between L12-Al3Ti and α-Al was observed (with
0.24% lattice mismatch) (Figure 13c), indicating that L12-Al3Ti might serve as substrate for
heterogeneous α-Al nucleation; however, a coherent interface was not generated between
TiC and Al (Figure 13d). Following the “Ti transition zone” theory (demonstrated in
Figure 12), Ti-covered TiC nanoparticles, and then TiC particles themselves, become the
effective nucleation substrates for α-Al as well.

 

Figure 13. TEM images of L12-Al3Ti (a) and TiC particles (b), HRTEM image and respective FFT pattern
of α-Al/L12-Al3Ti interface (c) and α-Al/TiC interface (d) (reproduced with permission from [92]).
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On account of the inhibition of columnar grains, elimination of cracks, a refined
microstructure and Orowan strengthening, the 2024 alloy/TiC+TiH2 AMC showed a simul-
taneous enhancement of tensile strength and ductility.

Another study on the fabrication of double TiB2-TiC reinforced AMCs [93] revealed
that the addition of dual ceramic phases improved laser absorptivity by almost two-
fold, substantially refining the Al grains (Figure 11i,k) and resulting in the increment
in tensile strength (552 MPa) and elongation (12%) (Table 2). It was revealed that the
dual reinforcement more remarkably affected the mechanical performance, improved
densification and grain refinement compared to the single reinforcement with the same
total content (Table 2 and Figure 11j,l).

Double or triple reinforcements formed during in situ chemical reactions generate
a composite material highly coherent with the metal matrix. When 0–17.2 wt.% (Ti-B4C)
mixture was added to AlSi10Mg [94], the full densification of samples and in situ formation
of ceramic phases were reported due to the combined LPBF and combustion synthesis
(CS) process. Silicon atoms released from the alloy combine with Ti and C atoms, yielding
the formation of transitional ternary carbide Ti3SiC2, while the remaining B4C and Ti are
responsible for the formation of TiB2 and TiC particulates (Figure 14). The generation of
the Ti3SiC2 phase resulted in a significant drop in porosity of the fabricated sample. The
heat released during the combustion reaction allowed for carrying out the fabrication in
low laser energy regime.

 

Figure 14. In situ formation mechanism of TiB2, TiC, Ti3SiC2 ceramic phases in the molten pool
(reproduced with permission from [94]).

2.2.2. Silicon Carbide: SiC

The SiC particle reinforced AMCs are applied in aerospace and electronic encapsula-
tion, both in military and civilian fields, due to their high specific strength and stiffness,
in addition to abrasion resistance. SiC has a much higher laser absorptivity (≈78%) than
aluminum (≈7%), moderate density (3.21 g/cm3), and it increases the laser absorptivity of
the blended mixture [13,34,97,98]. During laser irradiation, SiC particles tend to heat up to
extremely high temperature, leading to rapid reaction rates. Hence, the decrease in thermal
conductivity results in further rise in temperature, the lifetime and fluidity of the melt pool.
Meanwhile, an increase in SiC content in the initial feedstock and, hence, in the blend melt
pool, increases the viscosity of a liquid melt and results in a lower fluidity. Therefore, both
thermo-kinetic factors should be considered before selecting the content and size of the
reinforcing SiC [11,13].

The chemical reaction between silicon carbide and aluminum melt at temperatures ex-
ceeding 940 K may result in SiC decomposition according to 4Al(l)+3SiC(s)→Al4C3(s)+3Si(s)
reaction. Al4C3 compound is known to be brittle and unstable, causing degradation of the
mechanical properties of the AMCs. It is reactive with H2O in humid conditions and might
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form amorphous aluminum hydroxide. This process is followed by a volume increase and
can induce the residual stresses into the surrounding aluminum matrix. Therefore, the
inhibition of the Al4C3 formation is a crucial issue to be overcome [11,34].

At a processing temperature above 1670 K, Al4SiC4 (ternary carbide) is formed follow-
ing the 4Al(l)+4SiC(S)→Al4SiC4(S)+3Si reaction [13]. Al4SiC4, due to its high hardness of
1200 HV, low brittleness, remarkable chemical stability in wet conditions, is a favored rein-
forcement for aluminum [11]. At temperatures above 2800 ◦C, SiC particles partially or fully
decompose into silicon and carbon vapor [34,97]. The increase in applied energy results
in a high degree of SiC decomposition, causing surface turbulence, melt pool instability,
non-continuous scan tracks and, consequently, an uneven surface finish.

It should be noted that the size of used SiC reinforcing particles ranges from tens of
micrometers down to nanoscale, and the resultant mechanical properties of AMCs are
significantly affected by particle size [8,13]. In Refs. [8,34], the LPBF of AlSi7Mg/2 wt.%
nano-SiCp (40 nm) and Al-12Si/10 vol.%SiC (≈11.7 wt.%) (SiC ≈ 25 μm), respectively, were
reported. Nano SiC in AlSi7Mg matrix serves as a grain refinement agent (Figure 11m,n)
due to the nucleation of numerous heterogenous sites and formation of nanosized Al4C3
(Figure 15b,c). The use of nano-SiC yielded low porosity, near-full densification and im-
provement in tensile strength without sacrificing ductility. However, inferior densification
was observed in Ref. [34] when a micron size reinforcement was used.

Figure 15. Cross section SEM images of the LPBF-ed AlSi7Mg/2 wt.% nano-SiC composite (a,b) and
the illustration of the formation route of different phases during the LPBF process (c) (reproduced
with permission from [8]).

The successful fabrication of AlSi10Mg/2 vol.% nano-SiC (~2.4 wt.%) composite
reinforced by Al4SiC4 phase was reported in Ref. [95]. With an increase in laser power, the
eutectic structure gradually changed from thick flakes to network shapes and then to a fine
structure, as shown in Figure 16.

At low applied energy, the eutectic structure represents a collection of thick flakes. In
contrast, high energy input provides sufficient wettability between SiC and Al, promoting
the reaction product transformation into Al4SiC4 and a homogeneously dispersed eutectic
structure (Figure 17), which positively affects the mechanical properties of the AMC.
Despite the analogous content of nano SiC added to the Al alloy, the mechanical properties
of the samples in this work are far inferior to those reported in Ref. [8].
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Figure 16. High-magnification SEM micrographs of as-built AlSi10Mg/SiC composites fabricated
at different laser powers of 120 W (a), 180 W (b), 210 W (c), 240 W (d) and graphical illustration for
development of eutectic structure (e) (reproduced with permission from [95]).

 

Figure 17. Microstructure changes of the composites at low to high energy application (reproduced
with permission from [95]).

An increase in SiC content up to 10 wt.% resulted in increased tensile and yield
strength; however, the SiC, Si and in situ formed Al4SiC4, reduce the elongation of the
composites [96]. When comparing the properties of AlSi10Mg/15–20 wt.% SiC compos-
ites [11,13,97,98], it should be mentioned that the highest hardness (316.2HV0.2) and density
(98.9%) were achieved for AlSi10Mg/15 wt.%SiC, when the SiC particle size was 1200
mesh [98] (Table 2). The larger SiC particles reduced tensile strength as compared to a pure
alloy [97]. The use of finer SiC particulates yields to a higher degree of densification, ele-
vated microstructural uniformity and simultaneous improvement in compressive strength,
hardness and strain [11,98]. In Refs. [11,13], the in situ formed Al4SiC4 is shown to serve
as a transition zone, limiting the interaction of SiC and aluminum crystals simultaneously
with reinforcing capacity for the Al.
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2.3. Nitrides: Grain Refinement and Strengthening Effect
2.3.1. Titanium Nitride: TiN

Besides the favorable characteristics of ceramic materials, TiN (titanium nitride) also
demonstrates excellent light absorptivity. TiN has good coherency with Al, owing to small
difference (4.72%) in lattice parameters (aAl = 0.4049 nm and aTiN = 0.4240 nm). Meanwhile,
the laser reflectivity (at 1064 nm laser wavelength) of the AlSi10Mg/TiN composite powder
is around 25%, which is much lower than that of AlSi10Mg powder (62%) [99].

In Refs. [99,100], when fabricating AlSi10Mg/2 wt.%TiN composite, the mutual dif-
fusion and in situ reaction between the TiN clusters and aluminum generates a graded
interfacial layer composed of Al3.21Si0.47 and (Ti,Al)N (Figure 18).

 
Figure 18. Graphical representation of the movements of aggregated TiN particles and the novel
graded layer formation mechanism (reproduced with permission from [100]).

The formed layer is of central importance to the enhancement in microhardness due to
an improved interface bonding and a precipitation of stiff (Al,Ti)N. The combined influence
of superfine grains (0.284 μm), uniform particle dispersion, formed novel layer and high
densification significantly improve the mechanical and wear characteristics of the fabricated
AMCs. The Al matrix–Mg2Si–TiN coherent interfaces lead to a precipitation strengthening,
benefiting the enhancement in strength [100].

An increase in TiN content (0–6 wt.%) improves strength, ductility and hardness of
nano-TiN particle reinforced AlSi10Mg [101]. It was shown that 4 wt.% TiN is a critical
threshold to inhibit porosity. The composites had a relatively random grain orientation,
and the grain size decreased from 3.86 to 1.19 μm when the content of TiN increased from
0–6 wt.% due to intensive heterogenous nucleation (Figures 19a–d and 20, Table 3).
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Figure 19. EBSD orientation maps from the top view and distribution of sub-structured (in yellow)
and recrystallized (in blue) grains of the as-built AlSi10Mg reinforced with 0% TiN (a,e), 2%TiN
(b,f), 4% TiN (c,g) and 6%TiN (d,h) EBSD color maps of 7050 Al alloy (i), 7050-0.18TiN (j), 7050-1.82Ti
(k) and 7050-2(Ti+TiN) (l) (reproduced with permission from [66,101]).

 

Figure 20. Graphical illustration demonstrating the morphology evolution for the TiN/AlSi10Mg
AMC during LPBF (reproduced with permission from [101]).
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Table 3. Characteristics of nitride reinforced AMCs fabricated by laser powder-bed fusion.

System
Used Device,
Process Parameters

Relative
Density (%)

Average
Grain
Size (μm)

σy/σu

(MPa)
ε/εc

(%)
Hardness
(HV)

N

AlSi10Mg/
2 wt.% TiN
(D50TiN = 80 nm)

Dimetal-80 SLM system
P = 100 W
ν = 200–600 mm/s
d = 30 μm
h = 80 μm

97.6 0.284 - - 145 ± 4.9 HV0.1 [99,100]

AlSi10Mg

SLM-280 HL
P = 100 W
ν = 1200 mm/s
d = 30 μm
h = 90 μm

Porosity
=0.9% 3.86 σu = 359.4 ± 8.5

σy = 264 ± 10.5 ε = 3.9 ± 0.3 134.6 ± 4.4 HV0.1

[101]

AlSi10Mg/
2 wt.% TiN

Porosity
=0.2% 1.37 σu = 386.1 ± 12.6

σy = 295.9 ± 4.6 ε = 4.4 ± 0.27 148.5 ± 4.1 HV0.1

AlSi10Mg/
4 wt.% TiN

Porosity
=0.01% 1.24 σu = 491.8 ± 5.5

σy = 315.4 ± 5.2 ε = 7.5 ± 0.29 156.9 ± 4.9 HV0.1

AlSi10Mg/
6 wt.% TiN

Porosity
=3.7% 1.19 σu = 325.1 ± 14.2

σy = 261.6 ± 3.5 ε = 2.9 ± 0.32 150.4 ± 3.1 HV0.1

7050 Al alloy

SLM-280 HL
P = 210 W
ν = 115 mm/s
d = 30 μm
h = 50 μm

98.5 91.8 σu = 75 ± 25 ε ≈ 0.6

-

[66]

7050/0.18 wt.% TiN 98.9 88 σu = 111 ± 3 ε = 1.1 ± 0.2

7050/0.36 wt.% TiN - - σu ≈140 ε ≈ 1

7050/0.54 wt.% TiN - - σu ≈ 60 ε ≈ 0.9

7050/1.82 wt.% Ti 99.6 2.3 σu = 427 ± 12 ε = 3.9 ± 1.1

7050/3.64 wt.% Ti - - σu ≈ 480 ε ≈ 6.1

7050/5.46 wt.% Ti - - σu ≈ 350 ε ≈ 2.5

7050/2 wt.% (TiN+Ti) 99.7 0.775 σu ≈ 550 ε ≈ 8.6

7050/4 wt.% (TiN+Ti) - - σu = 613±15 ε = 8.8 ± 0.8

7050/6 wt.% (TiN+Ti) - - σu ≈ 408 ε ≈ 13.2

AlSi10Mg/
1 wt.% AlN
(50 nm)

SLM apparatus
P = 200 W
ν = 100–300 mm/s
d = 30 μm
h = 60–100 μm
Ev = 1100 J/mm3

97 4.5

- - - [67]

Ev = 660 J/mm3 60 2

Ev = 420 J/mm3 Full dense 1.4

Ev = 220 J/mm3 Full dense 2

AlSi10Mg/
2 wt.% AlN

Self-made
P = 200 W
ν = 100 mm/s
d = 30 μm
h = 80 μm

- - - - 77–85.3 HV0.05 [102]

AlSi10Mg
EOSINT M290
P = 380 W
ν = 1300 mm/s
d = 30 μm
h = 200 μm

Porosity
=0.15%

-

σu ≈ 180 ε ≈ 5.6 103 HV0.2

[103]
AlSi10Mg/
1 wt.% BN

Porosity
=0.81% σu = 230 ε ≈ 2.3 136 HV0.2

AlSi10Mg

EOSINT M290
P = 180–300 W
ν = 300–800 mm/s
d = 30 μm
h = 30–70 μm
T = 150 ◦C

-

-

σu = 432 ± 15
σy = 275 ± 13 ε = 5.12 ± 0.29 128 ± 3 HV0.2

[104]

AlSi10Mg/
5 vol.% Si3N4
(~5.8 wt.%)

99.49 ± 0.17 σu = 447 ± 18
σy = 308 ± 12 ε = 3.58 ± 0.15 140 ± 7 HV0.2

AlSi10Mg/
10 vol.% Si3N4
(~11.5 wt.%)

99.18 ± 0.16 σu = 485 ± 12
σy = 362 ± 18 ε = 2.47 ± 0.23 153 ± 3 HV0.2

AlSi10Mg/
15 vol.% Si3N4
(~17.1 wt.%)

98.41 ± 0.22 σu = 399 ± 21 ε = 0.66 ± 0.31 187 ± 13 HV0.2

As shown in Figure 20, only a fraction of TiN serves as heterogenous nucleation
substrates, and the majority of particles are dispersed along the grain boundaries owing to
the pushing effects of the solidification front.

It was found that all the specimens were dominated by high-angle grain boundaries
(HAGBs), and with an increase in TiN content, the volume of low-energy HAGBs in-
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creased. TiN nanoparticles also promote recrystallization and possesses a crucial role in
recrystallized nucleation during the LPBF process, as shown in Figure 19e–h.

The use of hybrid Ti–TiN reinforcements for 7050 Al alloy was reported in Ref. [66],
exhibiting significant synergistic grain refinement and a higher strengthening as compared
to pure 7050 Al alloy and a single reinforced 7050-TiN and 7050-Ti. Although both single-Ti-
reinforced and hybrid-reinforced alloy possessed a crack-free microstructure (Figure 21g–l),
the hybrid reinforcement provided greater grain refinement (Figure 19k,l).

 

Figure 21. SEM images of LPBF-fabricated 7050 alloy (a,b), 7050/0.18%TiN (d,e), 7050/1.82%Ti (g,h)
and 7050/2%(Ti+TiN) (j,k) samples after etching. Schematic diagram of solidification, columnar
and equiaxed grain formation of fabricated 7050 (c), 7050-TiN (f), 7050-Ti (i) and 7050/(Ti+TiN) (l).
Solidification of 7050/(Ti+TiN): agglomeration of TiN particles in high-temperature liquid Al (m),
in situ Al3Ti in Ti-rich liquid Al (n), Ti absorption at the interface between TiN and liquid Al (o),
dispersion of TiN in Ti-rich liquid Al (p) (reproduced with permission from [66]).

Meanwhile, the 7050 and 7050-0.18%TiN specimens are prone to cracking, consist
of columnar grains and possess relatively high porosity (Figure 19i,j and Figure 21a–f).
The reason for grain refinement, when Ti is added to pure alloy and to 7050-TiN, is the
formation of L12 structured Al3Ti, which promotes heterogeneous nucleation and con-
tributes to the rapid formation of constitutional supercooling zones (Figure 21n). Besides
Al3Ti, fine MgZn2 phase was formed with coherent interface with Al; however, the in situ
formed Al2CuMg showed non-coherent interface with Al. Ultrafine grains (775 nm) were
reported in the LPBF-prepared 7050-2 wt.%(Ti+TiN) composite, vastly benefiting from the
Ti/TiN synergism.

It can be concluded that the addition of 2–4 wt.% TiN-Ti hybrid additives notably
improved the quality of LPBF-fabricated AMCs.
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2.3.2. Aluminum Nitride: AlN

AlN is one of the favorable reinforcing candidates for aluminum alloys due to its
superior combination of high thermal conductivity (~250 W/mK) [105] and high hardness
(~12 GPa) [106]. AlN shows high chemical stability, good compatibility with Al alloy
combined with a good interfacial adherence without any interfacial reaction [107]. Besides,
due to a low thermal expansion coefficient (similar to Si), AlN has been broadly employed
in the aviation and transportation and is shown to be an appropriate reinforcement for
aluminum alloys [102].

In a series of works [67,107,108], it was observed that the applied energy had a dramatic
effect on the AlN particle distribution. At low energy, random AlN distribution occurred
due to the relatively consistent pressure around the introduced particles (Figure 22a,c); and
at high laser energy, a circular-structured AlN distribution was compelled by the centripetal
force (Figure 22b,d).

 
Figure 22. Characteristics of velocity vector obtained around AlN reinforcing particles and their respective
distribution state in the solidified Al matrix at Ev = 550 J/mm3 (a,c) and Ev = 1000 J/mm3 (b,d) (reproduced
with permission from [108]).

However, excessive energy results in particles coarsening and a deconstruction of the
circular-structured AlN. In Ref. [58], the preparation of an almost fully densified composite
with 1 wt.% AlN and refined grains of increased wear resistance has been reported. In
Ref. [102], it was shown that during LPBF of AlSi10Mg-2 wt.%AlN powders mixture, the
solidified material undergoes various microstructural transformations from the first to
the fourth layer (directional columnar microstructure to coarse cellular microstructure),
affirming the importance of added particles, solidification rate, the lifespan of the melt
pools and subsequent crystal growth rate.

2.3.3. Boron Nitride: BN

The high tensile strength and low density (2.1 g/cm3, which is close to that of pristine
Al), makes hexagonal boron nitride (h-BN) an effective reinforcing agent for the AMCs [109].
It was revealed that even 1 wt.% addition of BN micro-flakes to AlSi10Mg increased the
tensile strength and hardness as compared to a pure alloy due to the formation of AlN and
AlB2 phases via solid-state Al–BN reaction [103].
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2.3.4. Silicon Nitride: Si3N4

A whole basket of favorable properties of Si3N4 (silicon nitride), including remarkable
strength, high hardness, high elastic modulus, lower CTE, superior hardness compared to
other ceramics, [110–112], similar density with aluminum, which will ensure homogeneous
dispersion, and high wettability with the aluminum matrix [104] makes it a promising
reinforcing agent. The enhanced strength and elastic modulus of the LPBF-prepared
AlSi10Mg-Si3N4 composite, owing to the impeded dislocation motion during deformation
and load-bearing effect of added reinforcing Si3N4, are achieved. The mutual diffusion of Al
and Si atoms and the absence of in situ formed brittle phases increased the Al matrix-Si3N4
particles bonding strength [104]. The addition of Si3N4 to the Al alloy, however, reduces
process stability and thus narrows the optimal range of process parameters [104].

3. Comparison of Ceramic Reinforcements’ Influence on LPBF Process and the
Properties of the AMCs

As shown above, even small portions of ceramic or hybrid additives (metal–ceramic),
such as 0.5–0.7 wt.%, are able to dramatically improve the performance of the AMCs. Ac-
cordingly, matching ceramic additives with an optimized fraction and particle size provides
good wettability, compatible interfaces and a strong bonding between the constituents,
which hinder crack propagation and contribute to a hardening and strengthening of AMCs.

The addition of TiB2 to the AlSi10Mg alloy results in fully dense samples with significantly
refined grains (down to 0.5 μm), randomized crystallographic orientation, increased hardness
up to 191 HV, tensile strength up to 540 MPa and elongation to 17.7% (Figures 23–26). Similarly,
high tensile strength is observed for the TiC/Al-15Si, double-reinforced TiC-TiB2/AlSi10Mg
and hybrid TiN-Ti/7050 AMCs, however, with lower elongation (Figure 23a,b).

Figure 23. Tensile strength and elongation results of LPBF prepared ceramic particulate reinforced
AlSi10Mg (a) and other Al alloys (b) (data from [8,28,31,50,59,66,71,73,77,79,80,82,84,88–98,101,103,104]).
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Figure 24. The schematic diagram of probable crack propagation path (a,b) and tensile fracture morphol-
ogy for horizontal (c,e) and vertical samples (d,f) of the AlSi10Mg/6.5 wt.%TiB2 composite. Fracture SEM
images of AlS10Mg/2 vol.%SiC (g,h), AlSi10Mg (i,j) and AlSi10Mg/10 vol.%Si3N4 (k,l), AlSi10Mg (m,n)
and AlSi10Mg/1.5 wt.%TiC+1.5 wt.%TiB2 (o,p) (reproduced with permission from [79,93,95,104]).

 

Figure 25. Hardness results of LPBF prepared ceramic particulate reinforced AlSi10Mg (a) and other
Al alloys (b) (data from [11,13,28,31,64,70,71,73,77,78,80,82,83,89,90,92–96,98–105]).

33



Materials 2022, 15, 2467

 

Figure 26. Average grain size of LPBF prepared ceramic particulate reinforced AlSi10Mg (a) and
other Al alloys (b) (data from [8,28,31,50,59,66,67,73,77–84,88,91–93,96,99–101]).

The tensile fracture of the AlSi10Mg-6.5 wt.%TiB2 composite showed that the fracture
path of the AMC is not flat, as in the case of AlSi10Mg, but rather random for both
horizontal and vertical samples (Figure 24a,b) [79]. Generally, the reinforced composites
with refined microstructure have high ductility due to less stress concentration. Based on
the fine-sized equiaxed dimples (Figure 24e,f), the failure mode of the AMC is a ductile
fracture, stating improved ductility. However, the holes and the tears on the fracture
surface might have led to premature failure of the AMC (Figure 24c,d). Similarly, in the
AlSi10Mg-0.2 wt.%LaB6 composite, cracking predominantly occurred within the melt pool
boundaries, and the LaB6 nanoparticles led to more ductile fracture of the composite,
owing to fine equiaxed dimples [84]. Ductile-type failure was reported for AlSi10Mg with
homogeneously dispersed circular-structured TiC (3 wt.%). The latter contributed to the
improvement of tensile strength without sacrificing ductility [71]. The dual TiB2 and TiC
reinforced AMC’s tensile fracture (Figure 24m,n) possesses fewer pores and deeper dimples
as compared to AlSi10Mg (Figure 24o,p) and shows mixed ductile and brittle fracture mode.
The relatively hard intragranular TiB2 and TiC particles accommodate the dislocations in
the grains, contributing to strain hardening and uniform elongation [93]. Both brittle and
ductile fractures were observed in the case of 0.7 wt.% hybrid Ti-B4C addition. However,
the further increase in additive content led to fracture changes from ductile to brittle [94].

When analyzing SiC reinforced AlSi10Mg, huge attention was given to applied energy,
as under low energy, brittle Al4C3 is formed. However, higher energy promotes the
formation of Al4SiC4, along with a well-dispersed eutectic structure, hence prohibiting the
premature failure of the composite [95]. Similar to SiC (Figure 24g,h), in Si3N4 reinforced
AMC (Figure 24k,l), the nature of the fracture is ductile brittle, dominated by brittle,
whereas pure AlSi10Mg (Figure 24i,j) shows a ductile-brittle composite fracture dominated
by ductile. Due to Si3N4, crack propagation is suppressed when the tip meets the Si3N4–
AlSi0Mg interface. However, because of the irregular distribution of Si3N4 and the changes
in propagation path of the connected cracks, more cleavage steps were formed [104]. When
TiN nanoparticles are added to AlSi10Mg, the fracture behavior of the alloy remains in
mixed failure mode; however, large-size agglomerates formed during excess addition of
TiN, decreasing both strength and ductility [101].

Analyses show that the highest hardness was shown by 15 wt.%SiC reinforced AMCs,
followed by the 17.2 wt.% hybrid B4C-Ti and 11.6 wt.%TiB2 reinforced materials (Figure 25a).
Hardness values of TiC and Si3N4 reinforced AMCs are comparable with TiB2. Meanwhile,
ceramic reinforced 2024, Al–12Si and Al–Cu alloys show inferior hardness compared to
AlS10Mg with similar additives (Figure 25b).
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The AMCs reinforced with TiB2, TiC, hybrid TiN-Ti and TiC-TiH2 additives are sub-
jected to in situ formation of L12-Al3Ti or D022-Al3Ti (Table 4), which serve as active
nucleation sites and promote grain refinement in the 0.5–2 μm range (Figure 26a,b). The
substantial grain refinement, down to submicron level, is achieved by the incorporation of
TiN and CaB6 into AMCs, resulting in both significantly enhanced hardness and tensile
strength (Figure 26a,b).

Table 4. The effect of reinforcing compounds on the fabrication and properties of AMCs and their
optimal content limit.

Reinforcing
Compound

Influence on the LPBF Process and the Properties of the Al Alloys
Minimum Optimal

Limit

TiB2

Exhibits good wettability, interfacial compatibility with Al. Increases
densification level, serves as grain refiner along with in situ formed Al3Ti,
stabilizes grain boundaries, leads to randomized crystallographic orientation,
dramatically improves strength, hardness and ductility.

2–6.5 wt.%

LaB6

Forms highly coherent interface with Al, leads to significant grain refinement,
microstructural homogeneity, isotropic mechanical properties, does not have
huge effect on strength enhancement, but improves ductility.

Up to 0.5 wt.%

CaB6

Serves as excellent grain refiner, microstructure stabilizer at the grain
boundaries, forms highly coherent interface with Al, improves hardness,
tensile strength, without sacrificing ductility.

Up to 2 wt.%

TiC

Using fine TiC particles leads to fully dense part fabrication with improved
strength, ductility and hardness. The in situ formed D022-Al3Ti inoculants
provide heterogeneous nucleation of α-Al, leading to grain refinement, and
remove the preferred orientation of the α-Al (200) phase. Depending on the
TiC content and process parameters, novel circular (ring) structures are formed
within the matrix, enhancing the mechanical performance of AMCs.

Up to 5 wt.%

TiCB

The gas-atomized powders release enormous TiCB particles during LPBF
process, largely promoting the nucleation of Al grains, grain refinement and
resulting in weak crystallographic texture of AMCs. TiCB particles along with
precipitated Si enhance the yield strength, tensile strength and elongation.

~0.5 wt.%

TiCN
The addition of TiCN significantly reduces the average grain size, improves
yield strength and ductility over native LPBF AlSi10Mg and rarely induces the
formation of brittle Al4C3.

2 wt.%

TiC+TiH2

Due to decomposition of TiH2 and reaction of Al with Ti, a well-bonded
interface between L12-Al3Ti and α-Al was observed acting as substrate for
α-Al heterogeneous nucleation. Meanwhile, the presence of Ti creates “Ti
transition zone” between TiC and matrix, creating potent nucleation sites for
α-Al as well. Owing to restriction of columnar grain growth, the joint effect of
refinement strengthening, the reinforced AMCs exhibit enhanced mechanical
performance, tensile strength and ductility.

1 wt.%TiC
1 wt.%TiH2

TiC+TiB2

Dual TiB2+TiC particles induce heterogeneous nucleation of Al and
significantly refine the grains of the Al matrix. Double reinforcement results in
simultaneous enhancement in strength, ductility and hardness, acting more
efficiently than single species.

1.5 wt.%TiC
1.5 wt.%TiH2

SiC

Use of fine (nanosized or few-micron-sized) SiC results in grain refinement,
decrease in porosity, enhancement of hardness, tensile strength and ductility
but, depending on the process parameters, can cause in situ formation of
Al4C3 or Al4SiC4 phases.

Up to 2 wt.%
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Table 4. Cont.

Reinforcing
Compound

Influence on the LPBF Process and the Properties of the Al Alloys
Minimum Optimal

Limit

Ti+B4C

In situ formed TiC, TiB2 and Ti3SiC2 serve as nucleants and reinforcements.
The Ti+B4C content increase results in improvement in hardness, however
much lower elongation and tensile strength. The released heat during the
combustion reaction allows for fabricating the materials at low applied
laser energy.

0.7 wt.%

Al4C3

Al4C3 itself is a brittle and unstable phase and is best avoided. However, small
amounts of formed nanosized Al4C3 can enhance the mechanical properties
of AMCs.

-

Al4SiC4

Al4SiC4 along with intermetallic Mg2Si increase reinforcement/matrix
wettability and the resultant interfacial bonding coherence. Al4SiC4 serves as
the transition zone, which hinders the direct contact of SiC and aluminum
crystals. Ultrafine Al4SiC4 has a reinforcing effect, improving the mechanical
properties of SiC reinforced AMCs.

-

TiN

TiN particles refine the α-Al grains due to intensive heterogeneous nucleation
and increase the fraction of low-energy high-angle grain boundaries,
enhancing the hardness and strength. Due to the Al+TiN reaction, Al3.21Si0.47
and a (Ti,Al)N graded layer is formed, which significantly enhances the
hardness due to improving interface bonding strength. The coherent interfaces
between the matrix, Mg2Si and TiN particles lead to precipitation
strengthening, which contributes to the overall strength increase.

4 wt.%

TiN+Ti
Provides crack-free microstructure and significant grain refinement due to
formation of Al3Ti phase and different precipitates, improves the hardness and
tensile strength.

4 wt.%

AlN

The AlN particles show high chemical stability and good compatibility with Al
alloy. They promote densification, refine the α-Al grains, create
strain-hardened tribo-layer, enhancing the wear resistance and stabilizing the
coefficient of friction.

1 wt.%

BN

The formation of AlN and AlB2 phases during the solid-state reaction of
Al+BN results in increased tensile strength and hardness, though at the
expense of porosity increase. However, increase in BN content and particle
size decreases wettability and prevents uniform metal spreading.

1 wt.%

Si3N4

Si3N4 particles increase the melt pool’s viscosity and disturb the stability,
suggesting a much narrower window for LPBF process parameters. Owing to
hindered dislocation motion during deformation (because of difference of Al
and Si3N4) and the load-bearing effect of Si3N4 particles, the AMCs possess
improved strength and elastic modulus.

10 vol.%

The degree of improvement depends on additive content and composition of the Al
alloy. Table 4 briefly summarizes the influence of the reported ceramic additives on the
LPBF process and their content limitation.

4. Summary and Outlook

LPBF technologies are now commercially available and attract a huge deal of atten-
tion in research community. Although the number of aluminum alloys suitable for AM
through LPBF is quite limited, the process keeps evolving, and, in the nearest future, a
widespread application of AM of high-strength aluminum alloys is expected to occur in
the aerospace market.

The cost of industrial metal printers remains the chief capital expenditure of AM parts
to achieve economies-of-scale cost reduction. Although the industry has suffered due to
COVID-19, the reverse has now begun. In light of current metal printers’ high prices,
they are mostly used in high-value industries, such as aerospace, defense and medical.
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Other fields, such as energy, are starting to show interest in powder bed fusion technology,
although developing economically viable applications requires sufficient time.

A 2.6 percent annual growth rate is predicted for aluminum consumption globally
up to 2029. In 2021, global aluminum consumption is projected at 64.2 million metric tons
alone (Figure 27).

 
Figure 27. Calculated aluminum consumption up to 2029 (adapted from Ref. [113]).

However, fuel efficiency and low carbon emission are the mantra for new-era airliners,
which have groundbreaking design equipped with composite materials comprising 50 per-
cent of the primary structure, hence eliminating the use of numerous aluminum parts [114].
In addition, the world’s biggest aluminum producers are limiting the production of Al,
planning to reduce energy consumption and encourage the producers to develop green and
low-carbon technologies and produce high-quality, high-strength and long-life aluminum
products through innovations [115]. This means that there is a need for revolutionary
actions to keep additive manufacturing of aluminum alloys on track.

Over the next decade, the development of new 3D printable Al alloys is expected to
bring down the cost and enlarge the materials’ capacity and portfolio. For example, the
lightweight aluminum–lithium alloys could contribute to reducing aircraft weight, also
benefiting from excellent fatigue resistance and cryogenic toughness in addition to light
weight and high specific modulus.

As numerous reinforcements are used to further enhance the properties of Al alloys,
one big step ahead will be using different reinforcing particles (ceramics) and covering them
with compatible coatings to provide suitable wettability and interface, or incorporating the
reinforcing particles into Al alloy particles to provide a homogeneous distribution. Another
main challenge is the recycling of the used feedstock and the utilization of the spattered
debris to prepare new powders for further use.

As the design of new alloys applicable for the LPBF process is time and cost consuming,
a high-throughput and reliable technique is needed to experimentally validate the custom
alloys and effectively introduce them into the market. Therefore, a deep understanding of
the impact of the alloying constituents on the processability of the feedstock by LPBF and,
ultimately, the properties of the produced items in application, is of a crucial importance.

In this review paper, the effect of non-oxide ceramic (borides, nitrides, carbides) and
hybrid reinforcing additives on the densification, grain refinement and respective mechan-
ical characteristics of LPBF-fabricated AMCs was discussed. A comprehensive analysis
of research studies on densification, compositional and microstructural characteristics of
the in situ and ex situ reinforced aluminum alloys produced by LPBF method was accom-
plished to demonstrate the capability of different ceramic additives to tailor the mechanical
properties with application to a wide variety of process parameters.

• Generally, an incorporation of the ceramic particles into Al alloys results in a significant
improvement in strength, ductility and hardness of the fabricated parts accompanied
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by a refined microstructure and with randomization of crystallographic orientation of
reinforced AMCs.

• Most of the AMCs can be densified to over 99% relative density; moreover, non-oxide
ceramic additives significantly improve laser absorptivity of a powder feedstock.

• The addition of ceramic particulates shifts the process window to a higher energy
regime; however, an applied excess energy may result in the evaporation or decompo-
sition of ceramics particles (mainly SiC).

• The application of a laser re-melting strategy can further increase the densification
degree and the surface quality of AMCs; however, it also can cause the evaporation
and loss of ceramic particles.

• Hybrid reinforcements are proven to be the effective additives, providing the formation
of a wide variety of reinforcing phases with a coherent interface with matrices.

• The use of ceramics with a fine-particle size results in an increased degree of densification,
microstructural and compositional uniformity, as well as an apparent grain refinement.

• The addition of TiB2, CaB6, TiC, TiN to Al alloys leads to a considerable grain refine-
ment, down to the submicron level, due to the intensive heterogeneous nucleation and
grain growth inhibition.

• An addition of matching ceramics prevents the hot tearing and gives the prospect to
consolidate crack-susceptible Al alloys by a laser powder-bed fusion technique.

• The highest elongation of 17.7% is demonstrated by the AlSi10Mg/TiB2 composite;
however, the highest strength of 613 MPa is recorded for the hybrid TiN-Ti rein-
forced AMCs.

• The highest hardness of 316 HV is estimated for SiC reinforced AMCs, which possess
a relatively high strength and moderate ductility.
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Abstract: Metal powder bed fusion (PBF) is an advanced metal additive manufacturing (AM) tech-
nology. Compared with traditional manufacturing techniques, PBF has a higher degree of design
freedom. Currently, although PBF has received extensive attention in fields with high–quality stan-
dards such as aerospace and automotive, there are some disadvantages, namely poor process quality
and insufficient stability, which make it difficult to apply the technology to the manufacture of critical
components. In order to surmount these limitations, it is necessary to monitor the process. Online
monitoring technology can detect defects in time and provide certain feedback control, so it can
greatly enhance the stability of the process, thereby ensuring its quality of the process. This paper
presents the current status of online monitoring technology of the metal PBF process from the aspects
of powder recoating monitoring, powder bed inspection, building process monitoring, and melt
layer detection. Some of the current limitations and future trends are then highlighted. The combina-
tion of these four–part monitoring methods can make the quality of PBF parts highly assured. We
unanimously believe that this article can be helpful for future research on PBF process monitoring.

Keywords: additive manufacturing; powder bed fusion; online monitoring; selective laser melting;
electron beam melting

1. Introduction

AM (Figure 1) is a layered manufacturing technique. Compared with subtractive
manufacturing technology, it can produce complex geometric shapes, lower the use of
raw materials, and greatly reduce the cost. Currently, AM is widely used in aerospace,
automobile manufacturing, biomedical, and other fields [1–3]. According to different
feeding methods, metal AM is divided into two types: direct energy deposition and
powder bed fusion [4]. The former adopts the method of synchronous powder feeding or
wire feeding, and fills melt pool area with the raw material while scanning the high–energy
beam; the latter adopts the method of laying the powder bed in the forming area in advance.

Metal PBF processes (Figure 2) comprise selective laser sintering (SLS), selective laser
melting (SLM), and electron beam melting (EBM) [5]. In SLS, the process uses a laser beam
as a heat source with high forming accuracy and surface finish. It has a wide range of
materials that can form almost any geometrical part, especially for parts with complex
internal structures. In EBM, the process uses a high–energy electron beam as a heat source,
has faster forming speed and low forming thermal residual stresses, which can form high
melting point material and brittle material.
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Figure 1. Overview metal−based additive manufacturing.

Melting and depositing a powder bed by laser or electron beam is a highly dynamic
and complex process with multiple physical phenomena and transformations. Metallic AM
parts are prone to macro defects such as warping deformation [6,7], spheroidization [8],
cracking [9], and internal defects such as porosity [10–14], incomplete fusion [15], and
inclusions [16]. The timely detection and suppression of the defects in the formed parts can
greatly improve the forming quality of the metal powder bed and eliminate the limitation
of the technical instability of the process development.

Figure 2. Schematic of the PBF process [17].

Online monitoring is a method of detecting defects in a timely manner to ensure
the quality of parts manufactured by the PBF process. On the one hand, it can provide
researchers with records and optimize process parameters; On the other hand, it can
conduct real−time monitoring and data analysis on the process for online diagnosis,
real−time defect repair, and provide key data for process records. Currently, AM is widely
used in several fields. Compared with conventional manufacturing processes, parts formed
by PBF are smaller in size and therefore more sensitive to defects. In recent years, many
research teams have obtained a variety of online monitoring methods for PBF process.
These monitoring methods have shown irreplaceable technical potential, but they are still
in the research and development stage.

This article builds on previous studies and reviews methods for monitoring defects
during PBF. Subsequentially, the monitoring results are analyzed, and the reliability, lim-
itations, and improvement trends of the monitoring method are described. The paper is
divided into six sections, including the present one. Section 2 surveys the monitoring of
powder recoating, which is the first step in the PBF process and one of the key steps in stable
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forming. Section 3 discusses the powder bed inspection. Section 4 reveals the monitoring of
building process. With a particular emphasis on monitoring the melt pool and temperature.
Section 5 presents melt layer detection, namely the monitoring of temperature and surface
topography. Section 6 summarizes existing work and identifies future research trends.

2. Powder Recoating Monitoring

Powder coating is the process of spreading powder on the forming area by a recoating
device to form a powder bed [18]. It is the first step of PBF and one of the key steps for
stable forming. For the faults that are prone to the coating process and abnormal damage
to the coating machine, Berumen et al. [19] used a digital camera to monitor powder feed
and coater defects during powder coating. Although this method is low cost, there are
two major disadvantages. Firstly, it is necessary to correct the images taken, which often
decreases the accuracy of PBF defect monitoring. Secondly, there is a trade−off between
spatial resolution and the field of view. Reinarz and Witt [20] installed a piezoelectric
accelerometer on coater of the SLM equipment (Figure 3) and monitored the powder
coating process by measuring speed change signal of coater. When coater collides with
previously deposited layer, it will cause large vibration or even jam. The signal of the
accelerometer can reflect the smoothness of coating process and unevenness of previously
deposited layer. Kleszczynski et al. [21] validated the reliability of the monitoring system by
detecting defects with a high–resolution CCD camera. Experiments have shown that, with
the help of image processing, the system can detect the defects such as powder deficiency,
poor support, and damage to the coater. Process stability is monitored by studying critical
process parameters and critical geometries. In the future, this approach can be used to
build a knowledge base for specific materials, which can clearly understand the causes of
defects and propose appropriate solutions.

Figure 3. Integration of acceleration sensor at the recoating mechanism [20].

Liu et al. [22] proposed an on–site quantitative detection technology suitable for EBM
and SLM. By evaluating the entire powder bed rear rake using edge projection profilometry,
defects such as part thermal expansion, powder overfeed, and powder shortage can be
inspected. The technique relies on a surface–fitting algorithm to calibrate the phase error
during tracking to ensure the reliability of the tracking method. The results of the exper-
iments show that the method can effectively inspect powder defects and use the results
as feedback during the building process. The method has the advantages of low cost, fast
acquisition time, and a no–vacuum environment. In the future, it can be considered for
improving the processing speed and intelligent measurement of the calibration algorithm
and realizing the automatic classification and feedback of defects. Seita et al. [23] revealed
that powder layer defects in PBF systems (SLS, SLM, and EBM) and binder jetting can be
detected with a high spatial resolution of ~5 μm using a powder scanner (Figure 4). By
installing a line scanner on the coating machine, the two move synchronously to acquire
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the image of the powder bed, so this inspection technology has a lower cost and higher
time utilization. Using an improved Laplacian algorithm to quantify out–of–focus areas in
the image, the automated detection of powder bed defects (such as powder unevenness,
ultra–high edges, and grooves) can be achieved. It is important to note that a slight differ-
ence between the movement speed of the coating machine and the sampling rate of the
contact image sensor (CIS) in the powder scanner can cause image distortion.

Figure 4. Components of powder scanner [23].

3. Powder Bed Inspection

A powder bed formed after powder coating is the basis for scanning melted powder
with an electron or laser beam. If the powder bed is not flat, it will cause the melt pool
to become unstable during the scanning process and cause abnormal defects such as
protrusions or voids that may affect subsequent forming.

There are many reasons for the unevenness of a powder bed: the wear on and damage
to the recoater, causing the powder bed to produce gullies or ridges distributed along the
direction of the paving; recoater streaking occurs when the recoater blade drags a piece of
debris or a tuft of powder onto the powder bed; the melt layer is raised, and the scraper
is forced to jump at the bulge, resulting in vertical direction gully or bulge perpendicular
to the direction of the paving; and an insufficient amount of powder or no powder at the
end of the powder bed. Therefore, the appearance of the powder bed can not only reflect
the working state of the powder coating device but also reflect the quality of the upper
melt layer. The following are the methods available for monitoring powder bed defects in
existing research.

Figure 5 is a schematic diagram of the system for the visible light detection of a powder
bed in the SLM process, including an optical camera and several flash sources. The system
uses an off–axis arrangement where the camera aligns the powder bed laterally, while the
flash source is tilted at different angles. The purpose of the flash source is to provide the
appropriate background light to capture a clear, high−contrast image of the powder bed,
simplifying the subsequent defect identification process. Craeghs et al. [24] used a visible
light inspection system to detect powder bed defects due to damage or wear of the coater.
Some grayscale distributions perpendicular to the powder coating direction were extracted
from the grayscale powder bed images, and the average distribution was compared with
a reasonable gray level to effectively identify errors and material discontinuities at the
powder bed level (Figure 6). The coating is linear in this method, so it is not possible to
accurately identify a defect at a certain point. Kleszczynski et al. [21] and Jacobsmühlen
et al. [25] performed threshold processing on grayscale images based on the characteristics
of bright areas generated by bulges in the melt layer to achieve the effective extraction
of protrusions. In addition to powder bed defect detection, the method can also be used
for parameter optimization (material identification). Jacobsmühlen et al. [26] provided
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an image−based two−dimensional acceleration method for investigating the influence
of the angle of the suspended structure and the parameters of the supporting structure
on the bulge melt layer. The method can rank the stability of different components and
determine the best parameters for guaranteeing their stability. In the future, the approach
could be used to guide the building design and validate the boundaries of the established
parameters. Abdelrahman et al. [27] extracted the area corresponding to the section of
the part from the powder bed image and superimposed it to form a three−dimensional
powder bed model, which can well monitor the precise location of the powder bed anomaly
corresponding to the part.

Figure 5. Visible light inspection system for powder bed [21].

Figure 6. Image of deposited powder bed with worn coater blade [21].

Neef et al. [28] proposed the use of low−coherence interferometry to detect the flatness
of a powder bed in the SLM processes. The principle of low–coherence interference imaging
is to scan the powder bed by measuring the laser beam, to measure the difference in an
optical path between the reflected light and the reference light through the spectrometer,
and to compensate for the deviation caused by the angle deflection to obtain the height dis-
tribution of the different scanning points. It can be seen from Figure 7 that low–coherence
interference technology can effectively detect the height and low fluctuation of the powder
bed and can identify the groove of 50 μm depth on the powder bed. Fleming et al. [29]
revealed inline coherence imaging (ICI) tracking topography, providing the instant in-
spection of surface roughness, damage to the recoater blade, and powder–packing density.
The level of energy during 3D build affects surface roughness, which can be corrected based
on ICI measurements. Moreover, the method successfully realizes manual closed–loop
control and full feedback control. Boschetto et al. [30] proposed the use of digital image
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processing to monitor the defects of powder beds during SLM. In this study, thousands of
images of powder beds taken by CCD cameras were analyzed using 2D and 3D analysis to
identify single−layer defects and defects between powder beds, respectively. Using this
method, the location and size of defects can be found accurately and quickly and at a low
cost. However, the drawback of this method is that the image may be distorted and must
be calibrated.

(a) (b)

Figure 7. Powder bed inspection using low–coherence interference imaging in SLM. (a) Optical
morphology of powder bed surfaces; (b) Profile scanning of powder materials [28].

The above optical detection has many limitations in the EBM process, so they are
mainly aimed at the SLM process. These limitations can be seen from the following:
The detection method based on optical imaging has strict requirements for the location of
sensors and light sources, so the molding equipment needs to be modified accordingly,
thereby increasing the difficulty of system integration. The inert gas in the forming chamber
of SLM can inhibit the evaporation of metal, providing good heat dissipation conditions,
so that the sensor can be directly put into the forming chamber, which makes the system
integration simple. However, the EBM process provides a vacuum environment, and the
metal evaporation in EBM cannot be solved well, so the ambient temperature is very high,
and the radiation is very strong.

Li et al. [31] revealed an enhanced phase−measurement profiling technique (EPMP)
to monitor defects such as inhomogeneities in powder beds. This method can significantly
improve inspection efficiency while having high accuracy compared with the conventional
phase−measurement profiling technique. In addition, this method can be used to monitor
fusion area defects. Currently, the technique does not allow for real–time closed–loop
control and automatic defect identification and classification.

Grasso [32] investigated a method suitable for monitoring powder defects in the EBM
process. This method acquires images by layering them with a camera. Image processing is
then used to identify inhomogeneities in the powder layers. It is experimentally demon-
strated that the technique can currently detect three defect anomalies, namely, powder
deficiency, powder overload, and powder bed contamination. Compared with the method
of streak projection field measurement in the abovementioned article, this method has a
higher data collection rate because of the layered image acquisition. This method also has
a high practicality and can be readily used in industrial−grade EBM devices. Currently,
the method cannot be used to monitor surface powder oxidation.

The monitoring methods used above usually only target specific defects in the powder
bed and require the use of high–resolution cameras. Therefore, the entire powder bed is
usually not monitored, which has limitations. In order to improve detection efficiency,
machine learning (ML) algorithms have attracted people’s attention. To verify that ML can
properly and accurately track defects in AM processes, numerical simulation is necessary
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because of the high cost of AM technology. Jahan et al. [33] modeled the LPBF process by
computer hydrodynamics and generated a large number of simulated values. The sim-
ulated values are entered as input data into a graphics−based neural network machine
learning algorithm to monitor defects in LPBF processes. Experimental results show that
this machine learning algorithm can predict the defects caused by thermal anomalies in PBF
processes. In addition, feedback control is carried out by optimizing process parameters to
reduce the formation of defects.

Xiao et al. [34] proposed a method for monitoring powder bed defects using the time–
spatial convolutional neural network (TSCNN) model, which is suitable for different
systems of PBF (SLS, SLM, and EBM). Start by taking an image of the powder bed with a
digital camera. The image is then split into three monochromatic channels corresponding
to the RBG. Finally, TSCNN and the region proposal network are utilized to detect powder
bed defects in selective laser sintering. Compared with other methods for detecting defects,
this approach has higher accuracy and efficiency while resisting geometric distortion and
image blurring. In the future, surface defects can be detected for other related applications
and can also be used to set machining parameters in real time.

Scrime et al. [35] presented a multiscale convolutional neural network (MSCNN)
based on a machine learning algorithm for the automatic, high−accuracy classification
of anomalies detected during powder bed monitoring (coater jumps, recoat streaks, and
debris). Figure 8 shows the powder bed image taken on the 2709 floor. L. Scrime and
J. Beuth used MSCNN technology to analyze the anomalies detected in the 2709 layer
and found that the recoil jumper (blue−green) and partially damaged (magenta) and
incompletely diffused (yellow) fragments were captured, as shown in Figure 9. In the
future, anomaly classification accuracy can be further improved by incorporating additional
data in the neural network. In addition, the real–time analysis of high–resolution images is
performed by designing a neural network structure.

Figure 8. Anomaly diagram of powder bed [35].

Figure 9. MSCNN anomaly analysis diagram [35].
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Scrime et al. [36] proposed to monitor and classify defects in powder layers using ML
algorithms. The powder layer image captured by the digital single−lens reflex (DSLR)
camera was fed into the ML model. An algorithm is used to classify images so that
similar images are grouped. In this experiment, the authors detected six different powder
layer anomalies: recoater jumps, recoater streaks, debris, superelevation, part failure,
and incomplete spreading. Although this method reduces the amount of computation, it is
less accurate for monitoring recoating streaks due to the small amount of training data.

4. Building Process Monitoring

During melting, a high−energy electron beam or laser beam melts powder to form a
melt pool that is solidified and deposited to form a solid cross section. Therefore, the fused
deposition process directly determines the quality of the final melt layer. Currently, the mon-
itoring of the melt process is primarily directed at the melting pool temperature and the en-
tire forming area.

4.1. Melt Pool Monitoring

In the PBF processes, the melt pool is formed by laser beam or electron beam scan-
ning of the powder bed and has the characteristics of small size and fast–moving speed.
The quality of the castings is greatly influenced by the shape, size, and temperature of
the melt pool. Melt pool monitoring is the real−time measurement of radiation intensity
and shape characteristics during laser or electron beam scanning and the real–time analysis
of measurement data to identify spheroidization and warpage.

Melt pool monitoring usually uses a coaxial layout, including that of Berumen et al. [37].
As shown in Figure 10, the sensing channel overlaps with the shaped laser beam path in
order to acquire the melt pool signal in real time without adding a complicated melt pool
tracking system. The high–power forming laser beam enters the scanning system after
being reflected on the surface of the 45◦ half mirror, and the melt pool radiation signal
propagates in the opposite direction. After passing through the half mirror, the filter is
used to filter out the specific band signal into the sensor or through splitting. The mirror
splits light into two beams for sensor acquisition. Compared with traditional cameras,
the method has high timeliness and high local spatial resolution. Moreover, the method
enables the real–time control and recording of the manufacturing process. The research
groups Kruth et al. [38], Clijsters et al. [39], and Craeghs et al. [40] used coaxial sensing to
screen the 740~950 nm radiation wave and split it. One beam is used for the photodiode to
collect the pool intensity signal; the other beam is imaged by a high–speed CMOS camera to
extract geometric information such as melt pool area, length, and width. The light intensity
of the pool collected by the photodiode is proportional to the size of the pool. In addition,
the size of the melt pool can be kept constant by controlling the laser power. Both of them
can effectively detect process problems such as spheroidization during the forming of
suspended structures, convex hulls at corners during U–shaped scanning, and powder
coating failures. The research groups used laser power as the control object and used the
output voltage of the photodiode and the pixel area of the melt pool as feedback variables
to establish a closed–loop control system for SLM. The research results show that the above
two closed–loop control systems can effectively improve the accuracy of forming surface
structures formation and realize the adaptation of process parameters. Kanko et al. [41]
applied a coaxial optical path to low–coherence interferometry to measure the height of
a melt pool in real time during the SLM forming process. Figure 11 shows that when the
laser beam is swept over the suspended area, the melt pool overheats due to poor heat
dissipation conditions, which causes severe fluctuations. Low–coherence interferometry
can quickly capture changes in melting pool height and identify globular defects caused
by overheating.
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Figure 10. Schematic assembly of online process control [37].

Figure 11. Single−channel SLM pool monitoring based on low coherence interference [41].

In order to facilitate defect identification and positioning, Clijsters et al. [39] imple-
mented location–based visual pore detection. The monitoring system uses photodiodes to
monitor the strength of the molten pool and uses a near–infrared thermal CMOS camera
to monitor the area of the molten pool. Data monitored by both are visualized through a
mapping algorithm. The pixel area of the melting pool is arranged into two dimensions
according to the scanning position, and the time series signal is transformed into a spa-
tial distribution image. The geometric parameters of the steady−state melt pool during
a filling scan and contour scan were obtained experimentally and used as reference data.
In addition, by obtaining the position−dependent melt pool area distribution layer by layer,
the three−dimensional spatial positioning of the internal pore defects of the formed part
is realized. The experimental results show that the defect identification and localization
results are in good agreement with the computed tomography results. This method has a
high sampling rate and can be monitored in real time, but no feedback control is currently
implemented. In the future, automated detection can be achieved by adding algorithms.
Krauss et al. [42] proposed the use of thermal imaging to monitor defects (pores) and irreg-
ularities (irregularities close to overhang structures) in SLM processes due to insufficient
heat dissipation using an off−axis sensor arrangement to align the infrared camera from
the front observation window of the SLM device to the forming area and take a thermal
image during the laser beam scanning. By processing the infrared thermal image, geometric
parameters such as the area of the melt pool, aspect ratio, and roundness are extracted.
The effects of process parameters such as scanning speed, laser power, hatch spacing, hatch
length, and powder layer thickness on the geometric parameters of melt pool were also

51



Materials 2022, 15, 7598

studied. Since the reference value has a certain relationship with the moving direction of
the current process area, there is a parameter deviation in this method. This technique will
be explored in the future for monitoring coater wear and powder layer thickness. Feedback
control could not be achieved with the above methods. Le et al. [43] revealed a method for
monitoring the melting pool scale in PBF processes using CMOS cameras. In this method,
the experimental measurement data and the simulation results are compared, and the results
show that the numerical simulation can predict the size of the melting pool with a small
error. This provides great help to the feedback control of parameters in the process of
melting pool monitoring to avoid defects to the greatest extent possible.

The abovementioned method for monitoring melt pools basically uses a coaxial system
in SLM processes since coaxial monitoring can track melt pools well, and the output signal
is simple. Real–time process monitoring and feedback control have been implemented.
In the case of an on−axis setup, the laser can be affected by lens characteristics in the La-
grangian reference frame. In the EBM process, due to structural limitations such as the elec-
tromagnetic deflection system, only the off−axis arrangement can be used, and the rapid
tracking of the melt pool becomes a problem. Coupled with severe evaporation effects,
the real–time monitoring of the melt pool is difficult.

4.2. Temperature Monitoring

PBF belongs to a kind of thermal processing. Recording and analyzing its temperature
change process is of great value for understanding the inherent mechanism of the process
and verifying simulation models. Price et al. [44] used near–infrared thermal imaging
equipment to study the temperature distribution in the forming area during preheat
scanning, contour scanning, and filling scanning in the EBM process. The use of a thermal
imaging system in the above method does not give an accurate actual temperature. In order
to make the temperature more accurate, Pavlov et al. [45] believed that the temperature of
the laser impact zone could detect the changes in the SLM parameters. The method adopts
a coaxial arrangement scheme, using a two–color pyrometer to measure the temperature
signal of the melt pool during the laser scanning in real time. It is found that the measured
values of the two–wavelength pyrometer are very sensitive to the process parameters
such as filling interval, the thickness of powder layer, and filling strategy, but they cannot
evaluate the integrity of the part.

Cheng et al. [46] and Price et al. [47] investigated the effects of process parameters
such as the speed of scanning, electron beam current, and beam spot diameter over the
longitudinal melt pool distribution (along scanning direction) as well as the melt pool
size. The measured temperature distribution and the size of the melt pool were used
to verify simulation model. In addition, Price et al. [48] and Gong et al. [49] explored
the influence of forming height on the longitudinal temperature distribution of a melt pool
and of the suspended surface at different distances from the centerline of the melt pool.
It was found that longitudinal temperature distribution of the melt pool during filling
scanning is repeatable and very sensitive to heat dissipation conditions. Finally, it is verified
that the defect identification of temperature spatial distribution is feasible.

Internal void defects will weaken the heat dissipation ability of the local area and
change the distribution and evolution characteristics of the surrounding temperature.
Accordingly, Krauss, Eschey, and Zaeh [42] proposed a method for detecting internal void
defects using temperature detection. When the laser beam sweeps through a predetermined
defect area, the temperature distribution curve along the longitudinal direction of the melt
pool is extracted. In comparison to the defect–free temperature distribution curve, the
temperature distribution curve at the back end of the melt pool is found to have significant
differences in defect position and size. Therefore, the dynamic data on the temperature of
the powder bed can not only identify the pore defects but also obtain information such as
the size of defects.

Moreover, Krauss et al. [50,51] attempted to identify defects based on the time–domain
evolution of the temperature. Relevant key indicators were extracted from the dynamic
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temperature evolution data, including high temperature holding time, equivalent thermal
diffusion coefficient, maximum temperature, and splash amount. The equivalent thermal
diffusion coefficient is the cooling rate defined by a one–dimensional downward thermal
diffusion simplified model. The index extracted by each layer of temperature evolution
can form a frame index map. After the forming is completed, distribution maps of the
layers are stacked to form a three–dimensional index distribution model. This method has
a layered nature. In the subsequent process, all the information needed for part quality
can be obtained by monitoring each layer. Then, the quality index diagram of each layer is
derived. Finally, a 3D quality report similar to the tomography method is combined.

In terms of microstructure prediction, Price et al. [47] extracted the average cooling
rate of shaped cross sections at different scanning speeds based on the temperature–time
evolution curve and found that fast scanning produces higher cooling rates and smaller β
columnar crystals. Raplee et al. [52] used different scanning strategies (point scan and line
scan, as shown in Figure 12) during the EBM process. By analyzing these data, it is found
that the thermal gradient and the velocity of the solid–liquid interface are approximately
the same, so they are related to some changes in microstructure. The thermographic data
were analyzed to determine the transition of material from metallic powder to a solid as–
printed part. Compared with the experiment, it is found that the line scanning strategy
will form a higher temperature gradient and a lower solid–liquid interface velocity, tending
to form columnar crystals. The point scanning strategy will form a lower temperature
gradient and a higher solid–liquid interface velocity, which is beneficial to equiaxed crystal
forming (Figure 13). The above research shows that using thermal imaging to predict the
microstructure of forming parts is helpful for achieving flexible preparation and effective
control of forming parts in the process of adding materials.

Figure 12. Line scan and point scan schematics [52].

Williams et al. [53] used a wide–field in situ infrared imaging system to monitor
the powder surface temperature of the entire powder bed. This system studies the influ-
ence of interlayer cooling time by constructing cylindrical scenes with different heights.
In the whole construction process, the in situ surface temperature data were obtained
and compared with the results of porosity, microstructure, and mechanical properties.
The research shows that using thermal imaging technology to predict the microstructure
of the formed parts is helpful for controlling the part structure in the manufacturing process.

Although the real–time acquisition and analysis of dynamic temperature in the PBF
process have made great progress in internal defect detection and tissue prediction, there
are still many deficiencies. Due to the insufficient time resolution and spatial resolution
of these thermal imaging devices, the accuracy and sensitivity of current defect detection
are insufficient. Moreover, the EBM process produces a large amount of metal vapor, which
makes it difficult to conduct continuous dynamic monitoring of the temperature. Although
scholars have studied anti–vapor deposition systems and transmittance compensation
methods, they still cannot completely eliminate the effects of evaporation [54,55]. In ad-
dition, in order to convert the radiation intensity output by the camera into an absolute
temperature, it is necessary to accurately determine the parameters such as the infrared
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emissivity, window transmittance, and ambient temperature of the material, which also
brings difficulties and challenges to real–time temperature measurement [56,57].

(a) (b)

(c) (d)

Figure 13. Influence of scan strategies on grain morphology in EBM [52]. (a) The layer thermal
gradients; (b) Interface velocity; (c) Grain morphology distribution under line scan strategy; (d) Grain
morphology distribution under point scanning strategy.

5. Melt Layer Detection

When a powder bed is melt–deposited by electron beam or laser beam to form a melt
layer, the state of the melt layer not only reflects the quality of melt deposition and the
matching of process parameters but also affects the subsequent coating and melting forming
processes. Therefore, melt layer detection is a very important part of online monitoring.
It can detect cross–section profiles, geometric parameters, and surface defects. At the same
time, it can record the forming results of each layer and provide basic data for final quality
traceability. At present, the main objects of melt layer detection are temperature and surface
topography morphology.

5.1. Temperature Detection

The temperature detection of the melt layer is similar to the temperature detection in
the fused deposition process. Both of them use a near–infrared/infrared thermal imager.
The difference is that the temperature of the melt layer changes slowly. Usually, temperature
is taken only once to extract and identify part contour defects in a single frame image.
Schwerdtfeger et al. [58] used different focus bias parameters in the EBM process as a
control. The thermal image of the melt layer was compared with the metallographic
diagram. The results show that thermal imaging can effectively reveal unmelted material
and defects within the cambium. Dinwiddie, Dehoff, Lloyd, Lowe, and Ulrich [54] used
infrared thermal imaging to study the influence of EBM focusing parameters on the porosity
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and evolution of subsequent melt layers on suspended surface. Rodriguez et al. [56] used
temperature distribution histograms to quantify the nonuniformity of the temperature
distribution of the melt layer and found that temperature distribution of the superheated
region is wider. It was considered that histogram analysis was a method for effectively
identifying local overheating defects. Ridwan et al. [59] realized the extraction of workpiece
sections through image processing and calculated the porosity of the melt layer to reflect
quality. Mireles et al. [60] verified the feasibility of online defect repair by infrared thermal
imaging monitoring. Compared with the thermal images before and after the remelting
of melt layer, remelting effectively reduced pore defects. Based on this, the authors also
proposed a closed–loop control method for the online repair of local defects.

The above research demonstrates the feasibility of using near–infrared or infrared
thermal imaging technology to detect melt layer defects. Real–time melt layer detection
based on this technology needs further research.

5.2. Surface Topography Detection
5.2.1. Optical Inspection

The aforementioned powder bed detection techniques, such as visible light imaging
and low coherence interference, can also be applied to detect the morphology of a melt
layer. Foster et al. [6] extracted contours from melt layer optical images and stacked
them to form a three–dimensional solid model. The three–dimensional model not only
contains size information of the formed part but also visually shows the problem of the
uneven powder bed (Figure 14). Abdelrahman et al. [27] took five images of a melt layer
under different lighting conditions after each layer scan. First, the melt layer contours are
extracted according to a CAD model of the part. The front and back three–layer contours
are averaged, and these images are segmented to obtain cross sections. The cross sections
are stacked layer by layer to obtain a three–dimensional solid model. Then, an abnormality
occurring in the same position on at least two adjacent melt layers is regarded as a real
defect. Finally, the internal parts such as unfused material and voids were identified and
located. DePond et al. [13] studied the influence of melt layer surface roughness under
different filling strategies. Low–coherence interferometry was used to monitor change
roughness when forming a suspended structure. Compared with the height distribution
map, it was found that the melt layer has a greater roughness and a clear directionality
under round–trip scanning without rotation between layers. When the uneven layers are
accumulated layer by layer, the entire part will eventually be deformed. In addition, Erler
et al. [61] proposed a monitoring method for measuring height distribution surfaces using
3D mapping technology and studied the influence of coating parameters and laser power
on uneven melt layers. With this method, the uniformity, thickness, and layer defects of
powder layers and sintered layers can be monitored. To avoid false detections during the
detection process, direct process control should be added to the detection method. Imani
et al. [62] used X–ray computed tomography to identify pores and obtained layered optical
images of powder layers during part manufacturing. Then, spectral theory and multifractal
features were extracted from the layered images of each test part. Finally, the machine
learning method was used to link these features with the process parameters (Figure 15).

By measuring the laser beam to scan melt layer line by line, the laser displacement
sensor receives reflected signals and calculates height at different positions. The result is a
standard for calculating the height distribution of a melt layer, and the quality is judged
according to this standard. Monitoring the melt layer using visible light imaging technology
is difficult due to the analysis and processing of the grayscale images. Currently, contour
extraction and defect recognition have been implemented, but most of this technology uses
offline processing; the output of low–coherence interference imaging and 3D topography
mapping is the distribution of melt layer heights, which reduces data analysis and pro-
cessing, but its problem is that it must be scanned point by point or progressively, which
increases the time cost. Moreover, due to the complex detection system, there are not many
detection studies that directly measure height distribution.
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(a) (b)

Figure 14. Melt layer inspection based on visual imaging. (a) Melt layer image; (b) 3D reconstruction
model and powder bed anomaly [6].

Figure 15. Diagram of linking features and process parameters using machine learning methods [62].

5.2.2. Electro–Optical Inspection

Electro–optical inspection is a unique technology for monitoring the morphology of
the melt layer in EBM. Because electron imaging and scanning electron microscopy (SEM)
have the same advantages, they can also be used in the current EBM detection technology.
As electronic imaging is an image generation mechanism, it is not affected by the above
problems such as thermal cameras and optical cameras. Watt [63] showed that after
scanning layer by layer, a small electron beam was used to scan the molten layer point by
point. The secondary electron and backscatter electron signals were collected and arranged
into two–dimensional grayscale images according to scanning point order. Figure 16 is a
schematic of the principle of electron microscopy. Electron detectors in existing studies
are usually placed below the electron beam, above the building platform, and coaxial with
the electron beam. Metal plates are often used as detectors due to the adverse environmental
effects of high evaporation, high radiation, and high temperature.

The use of electro–optical imaging to monitor the surface topography of a melt layer
can greatly reduce difficulty in extracting the contours of the melt layer and identifying
defects. Due to differences in the morphologies of the powder region and the solid re-
gion, the two can be easily separated to extract cross sections, measure contour size, and
create 3D reconstructions based on the electron–optical image; Furthermore, the number
of backscattered or secondary electrons emitted by the sub–micron pore area is small,
and they appear as dark spots on the electron optical image, so it is easy to identify and
locate pores. Arnold et al. [64] found that electro–optical monitoring can effectively iden-
tify pore defects and gives information about the quality of the resulting components.
Wong et al. [65] separated the powder layer and the molten layer using electronic images
and used specially designed hardware to detect the interaction between the electron beam

56



Materials 2022, 15, 7598

from the machine and the treatment area, thereby generating a digital electronic image.
This method is simple and reliable, so it can be a very good system for establishing rapid
process optimization and timely feedback. Wong et al. [66] proposed an index to estimate
the spatial resolution including the information depth of backscattered electrons (BSE),
and they estimated the spatial resolution that can be achieved by Arcam A1 EBM electronic
imaging. The experimental results show that the spatial resolution is 0.3 to 0.4 mm at
room temperature. This study is helpful for the quality evaluation of on–site monitoring
EBM process.

Figure 16. Electronic microscope schematic [63].

Electro–optical monitoring effectively overcomes the difficulties of high temperature,
high evaporation, and strong radiation in the EBM process, greatly simplifying the diffi-
culty of online monitoring and feedback control. Although electron optical monitoring
has initially achieved defect recognition and feedback control, much research work is
still needed for the analysis and interpretation of electro–optical images. In addition, in
the existing research, electro–optical images are insensitive to macroscopic topography
information, such as undulations and roughness, and it is impossible to extract effective
macroscopic morphological information from them. Further research is needed in the
detection of macromorphologies.

5.2.3. Acoustic Inspection

In the AM process (PBF), as with optics and thermals, acoustic sensing is also regarded
as a key technology. Rieder et al. [67] used ultrasonic testing (UT) technology to monitor
porosity. In the experiment, changes in laser power induce the formation of the porous
layer. When ultrasonic waves enter the porous layer, the detector detects the reflection
and scattering of the wave, thereby generating porosity. Compared with X–ray computed
tomography (CT), UT can correlate online and offline data. Figure 17 shows the ultrasound
scan and X–ray CT images. The technique has certain limitations and is currently limited
to parts with simple geometries. In the future, the method will be used to classify defects.
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Figure 17. Ultrasound scan and corresponding X–ray CT scan [67].

Ye et al. [68] showed that there is some connection between the acoustic signal and the
laser power. Using a deep belief network (DBN) to simplify the monitoring steps of the
support vector machine and monitoring the PDF process by acoustic emission spectroscopy
found that five different defect states could be detected, namely spheroidization, mild
spheroidization, normal, mild overheating, and overheating. Smith et al. [69] presented
spatially resolved acoustic spectroscopy (SRAS) to monitor porosity. However, because the
signals generated in the PBF process are very complex, machine learning needs to be used
to analyze these signals. Shevchik et al. [70] revealed that acoustic emission has a faster
processing speed than imaging and tomography. The method combines acoustic emission
spectroscopy and convolutional neural networks to pinpoint the locations of defects and
monitor the porosity of parts. Furthermore, samples can be classified by porosity grade. In
this study, the SLM process was monitored, and its feasibility was verified. In the future,
this technology can be migrated to other PBF process monitoring.

6. Perspective

Laser selective melting and electron beam selective melting have significant differences
in their monitoring. Optical monitoring technology has developed rapidly in the former
for melt pool dynamic monitoring, powder bed inspection, and melt layer detection, and
melt pool dynamic monitoring has been applied to process feedback control. In the field
of electron beam selective melting process monitoring, optical monitoring technology is
severely restricted, but electron optical imaging has become an effective means of reliably
monitoring the forming quality of the electron beam selective melting process.

The following is a summary of the various parts of this paper. Table 1 summarizes
the powder recoating monitoring process. Table 2 provides an overview of powder bed
inspection. Table 3 reveals building process monitoring. Table 4 presents melt layer
detection. Analyzing Tables 1–4, the monitoring methods summarized in this paper can
detect some defects in the PBF process in time, but there are some common weaknesses:

(1) The monitoring method in this paper detects only superficial defects.
(2) Much of the data processing is offline, and the analysis of monitoring results relies

on empirical data.
(3) All are measured by a single monitoring method, which may have an impact on

monitoring stability.
(4) Conventional online monitoring techniques for powder–bed melting, such as those

based on optical imaging, are limited by a number of factors.
(5) Some machine–based monitoring methods are less reliable.
(6) The monitoring method in this paper is only used to monitor defects in operation

and does not involve the correction of defects detected.
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Table 1. Summarizes the powder recoating monitoring process.

Monitoring
Process

Monitoring
Method

Monitored
Defects

Advantages Disadvantages

Powder
recoating

monitoring

Digital camera
Coater problems,

low or excessive powder
feed

Low cost

Precision errors,
requiring a trade–off between

field of view and
spatial resolution

Piezoelectric
accelerometer

Smoothness of coating,
unevenness of previous

deposited layer
- -

High–resolution CCD
camera

Poor supports,
coater damage,

insufficient powder
Easy to operate CCD cameras

have a single use

Edge projection
profilometry

Powder overfeed,
powder shortage,

part thermal expansion

Low cost,
no vacuum environment,

fast acquisition time,

No automatic feedback,
no intelligent measurement

Powder scanner
Grooves,

ultra–high edges,
powder unevenness

High spatial resolution,
automation

To ensure the synchronization
of the recoater module

movement and the CIS sample
rate

The coating process is the key first step, but there is little information about the formation of defects.

Table 2. An overview of powder bed inspection.

Monitoring Process
Monitoring

Method
Monitored

Defects
Advantages Disadvantages

Powder bed
inspection

Visible light imaging Damage to the coater - The exact location of the defect
could not be obtained.

Methods for thresholding
grayscale images

Topological defects,
powder bed defects

Parameter optimization
(material identification)

The monitoring method based
on optical imaging has higher

requirements regarding the
relative position of the sensor

and the light source.

Image–based
two–dimensional

acceleration

Influence of the angle of
the overhang structure

and the parameters of the
support structure on the

expanded melt layer

Sorting the stability of
different components

Low–coherence
interferometry Powder bed flatness -

Inline coherence imaging
Surface roughness,

recoater blade damage,
powder packing density

Correction of surface
roughness based on
ICI measurements,
closed loop control,

full feedback control

3D indexing 3D locations of
powder bed anomalies

Accurate location of
defects -

Digital image processing Single–layer defects and
defects between layers

Accurate, fast, and low
cost Image distortion

EPMP

Inhomogeneities in
powder beds,

irregular surface of
fusion area

Reliable,
high precision,
high efficiency

Failure to implement real–time
closed–loop control or

automatic
defect identification

and classification

Camera layered
acquisition combined with

image processing

Powder deficiency,
powder overload,

powder bed
contamination

Highly usable for
industrial EBM

Cannot be used to
monitor oxidation of surface

powders
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Table 2. Cont.

Monitoring Process
Monitoring

Method
Monitored

Defects
Advantages Disadvantages

Powder bed
inspection

Numerical simulation
combined with GBNN Thermal anomalies Feedback control -

TS–CNN model
Warpage,
short feed,

part shifting

High precision,
high efficiency,

anti–geometric distortion
No real–time control

MSCNN model
Debris,

coater jumps,
recoat streaks,

High anomaly
classification accuracy Lack of real time

ML and DSLR camera

Recoater hopping,
recoater streaking,

debris, superelevation,
part failure, incomplete

Less amount of calculation Less accurate monitoring of
repaint streaks

The powder bed is the basis of the melting process and effectively reflects the quality of current layer.
Limited to monitoring the surface state of the current layer.

Table 3. Reveals building process monitoring.

Monitoring
Process

Monitoring
Method

Monitored
Defects

Advantages Disadvantages

Building process
monitoring

Melt pool monitoring

Coaxial
sensor

Warpage,
spheroidization,

High local
spatial resolution,

high timeliness

With an on–axis
setup, the laser can
be affected by lens

characteristics
in the Lagrangian
reference frame.

Photodiode and
CMOS camera

Spheroidization,
convex hulls at

corners,
powder coating

failures

Keeping the molten
pool size constant

by controlling
the laser power,
improving the

forming accuracy
of suspended

surface structures

Low–coherence
interferometry Globular defects High speed,

real time

Location–based
visual pore detection Pore defects Real time,

high sampling rate No feedback controls

Thermal imaging and
off–axis sensor

Pore defects,
irregularities close to
overhang structures

Widely used Parameter deviation,
no real–time control

Numerical
simulation combined
with CMOS camera

Melting pool size Low cost,
feedback control -

Temperature
monitoring

Near–infrared
thermal imaging Pore defects Visibility

Insufficient temporal
and spatial

resolution, inaccurate
temperature

Two–wavelength
pyrometer

Filling interval,
filling strategy,

thickness of
powder layer

Sensitive to
parameter changes -

Based on
longitudinal
temperature
distribution

Internal void defects

Sensitive to
heat dissipation

conditions,
defect size

information
can be obtained.

Evaporation,
no real–time control,
insufficient accuracy

and sensitivity
of defect detection
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Table 3. Cont.

Monitoring
Process

Monitoring
Method

Monitored
Defects

Advantages Disadvantages

Building process
monitoring

Wide–field
in situ infrared

imaging
Pore defects

Error calibration,
prediction of the
microstructure of

formed parts

-

Effectively reflecting the internal formation process. Contributing to real–time defect repair and organization control.

Table 4. Presents melt layer detection.

Monitoring
Process

Monitoring Method
Monitored

Defects
Advantages Disadvantages

Melt
layer inspection

Temperature
detection

Infrared or
near infrared

Pore defects,
Unmelted material

within
the cambium,

non–uniformity of
temperature
distribution

- Lack of real–time
control

Surface topography
detection

Visible light imaging
Inhomogeneous

powder bed,
internally not fused

Contour extraction,
defect recognition

Analysis and
processing of

grayscale images,
offline processing

Low–coherence
interferometry

Melt layer surface
rough,

suspended structure
rough

Less
analysis data

Long time,
complex system,

point–by–point scan

3D mapping
technology

Uniformity,
thickness,

layer defects

Electro–optical
inspection

Pore defects,
surface defects

Suitable for EBM,
online monitoring,
feedback control

Optical image
research,

roughness cannot
be monitored

Ultrasonic testing Porosity Correlated online
and offline data

This method
cannot be used for
complex geometry.

Acoustic emission
spectroscopy

Spheroidization,
slight

spheroidization,
slight overheating,

overheating

- -

Spatially resolved
acoustic spectroscopy Porosity -

PBF process signals
are complex and

must be integrated
with ML.

Acoustic emission
spectroscopy and

convolutional neural
network

Porosity
Fast,

efficient,
positioning defects

-

Most intuitively reflecting the quality of melt layer.

Additionally, the authors believe that the online monitoring of the PBF process has the
following development trends:

(1) Gradually from monitoring surface state to monitoring internal defects and grain
morphology. The online monitoring technology of early powder bed melting intends
to monitor the macroscopic morphology of parts by measuring the radiation intensity
of the melting pool. With the development of online monitoring technology, the online
monitoring of defects in parts has become a popular topic and involves the monitoring of
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grain structure, which will lay the foundation for the realization of real–time defect repair
and organization control.

(2) More automated and intelligent. Most of the above online monitoring studies
use offline data processing methods, and the analysis of monitoring results depends on
empirical data. With the deepening of research, through the introduction of computer
vision, artificial intelligence, data mining, and other technical means, defects and pores
can be monitored more accurately and efficiently to further promote the development and
application of online monitoring technology.

(3) Multi–information fusion monitoring. Use multiple monitoring methods to monitor
different stages of the process. Comprehensively judge the stability and defect information
of the forming process according to different monitoring data. This monitoring technique
not only makes up for the deficiencies of a single measurement method but also avoids
the uncertainty of a single–signal indicator. By realizing the comprehensive processing
and judgment of multi–sensing signals and multi–physical information of the process,
the exactitude and reliability of the monitoring system are improved.

(4) Active online monitoring. The conventional online monitoring of PBF processes, es-
pecially the monitoring technology based on optical imaging, is subject to many restrictions,
namely lighting, metal evaporation, and temperature. Active monitoring technologies (such
as low–coherence interference and electro–optical imaging) actively emit measurement
beams or electron beams, which not only reduce the requirements on the working environ-
ment but also improve the sensitivity of the measurement system, the ability to counteract
interference, and the adaptability to the working environment. Active monitoring is a more
promising direction in the future online monitoring of PBF.

(5) Real–time and interactive data. A large amount of data will be generated in
the abovementioned monitoring method based on machine algorithms. Due to the closed–
loop control system, feedback from the online control process is usually not realized.
Therefore, some monitoring methods based on machine algorithms have poor credibility.
Improve data interaction by establishing a unified data communication protocol. The online
monitoring technology based on machine algorithms obtains real–time feedback during the
monitoring process, which improves the accuracy and efficiency of the monitoring system.

(6) Correction of observed deficiencies. These monitoring methods monitored defi-
ciencies at different stages of the process, but they did not correct the deficiencies observed.
According to the defect information provided by the monitoring here and some process
parameters, there will be a good trend in the future research on defect correction methods.
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Abstract: Metal additive manufacturing (AM) has been evolving in response to industrial and social
challenges. However, new materials are hindered in these technologies due to the complexity of direct
additive manufacturing technologies, particularly selective laser melting (SLM). Stainless steel (SS)
316L, due to its very low carbon content, has been used as a standard powder in SLM, highlighting
the role of alloying elements present in steels. However, reliable research on the chemical impact of
carbon content in steel alloys has been rarely conducted, despite being the most prevalent element
in steel. Considering the temperatures involved in the SLM process, the laser–powder interaction
can lead to a significant carbon decrease, whatever the processing atmosphere. In the present study,
four stainless steels with increasing carbon content—AISI 316L, 630 (17-4PH), 420 and 440C—were
processed under the same SLM parameters. In addition to roughness and surface topography, the
relationship with the microstructure (including grain size and orientation), defects and mechanical
properties (hardness and tensile strength) were established, highlighting the role of carbon. It was
shown that the production by SLM of stainless steels with similar packing densities and different
carbon contents does not oblige the changing of processing parameters. Moreover, alterations in
material response in stainless steels produced under the same volumetric energy density mainly
result from microstructural evolution during the process.

Keywords: additive manufacturing; selective laser melting; stainless steel; AISI 316L; AISI 630
(17-4PH); AISI 420; AISI 440C; carbon content

1. Introduction

Metal additive manufacturing (MAM), and particularly selective laser melting (SLM),
is an effective way of producing steel metal parts [1]. In SLM, a laser is used to melt and
fuse metallic powder particles, layer by layer, to build the desired three-dimensional shape
(3D object) [2]. SLM was shown to be able to produce low-carbon stainless steel with good
quality and reliability [3]. However, some properties in SLM are primarily dependent on
the processing step, since a large number of variables affect the quality of final parts, such as
powder characteristics, atmosphere, the response of the material to the volumetric energy
density (VED) and the rapid heating and cooling cycles [4,5]. As a result, the complex
physical and chemical behavior in the melting pool leads to an anisotropic microstructure
and the appearance of voids, affecting the final properties [6,7]. The carbon content must
be carefully controlled during the manufacturing process, since its presence and quantity
can significantly impact the properties of the resulting steel. While the carbon content of
SLM-produced stainless steels can be controlled to some degree and generally leads to
better mechanical properties, typically associated with less corrosion resistance [8], these
steels have a tendency to form cracks and pores during the SLM process [9,10].

Besides porosity, which has a significant impact on mechanical properties, interstitial
defects (chemical composition of powder, processing atmosphere, etc.) during SLM and
microstructures can also contribute to substantial variations in the properties of the stainless

Materials 2022, 15, 7575. https://doi.org/10.3390/ma15217575 https://www.mdpi.com/journal/materials67



Materials 2022, 15, 7575

steels. Thus, it is essential to carefully consider the properties of an SLM-produced alloy
before selecting it for application [11–13].

Stainless steel 316L has been the subject of many studies since the dawn of SLM [14].
The ease of production associated with the low carbon content, no phase transformation
(austenitic matrix) in the SLM process, and good mechanical properties make it a stan-
dard material in SLM [15,16], and it was used as a standard stainless steel in this study.
SS 630 studies have been growing in the last few years due to its excellent mechanical
properties [17]. Note that 420 martensitic stainless steel has also been of significant interest
in SLM, since its properties are suitable for specific applications, due to its high strength
and corrosion resistance [18]. Consequently, many studies have been published concerning
the microstructure, mechanical properties, and roughness of these stainless steels, pro-
duced by SLM ([19–21] −316L, [22–24] −630, [25–27] −420). SS 440C is also a martensitic
stainless steel, but has high carbon content; it is used in applications where high hardness
and corrosion resistance are necessary, such as bearings, knives and automotive parts [28].
As far as the authors are aware, this steel has not been subject to any studies regarding SLM
technology. Moreover, a detailed study comparing various stainless steels produced with
the same parameters in SLM is not available.

In addition to 316L, the standard, in the present study, three stainless steels with
similar chromium contents and various levels of carbon content were processed through
SLM, using the same atmosphere and set of SLM parameters, as a way to highlight the role
of carbon content in AM mechanical properties. A detailed study of the microstructures
of these steels compared with the powder was performed. It is worth noting that powder
production was also attained in the same atmosphere. The occurrence of defects and
their consequences on the mechanical properties can be highlighted by microcomputed
tomography (μCT). This non-destructive technique can be useful to study 3D objects pores,
voids and impurities distribution, whatever the material [29–31].

2. Materials and Methods

Four stainless steel powders with increasing carbon content were selected for this study,
attained by gas atomization. The 316L and 630 (17-4PH) stainless steels powder were from
SLM Solutions GmbH (SLM Solutions Group AG, Lübeck, Germany), and 420 and 440C
powders were from Sandvik Osprey Ltd. (Sandvik AB, Sandviken, Sweden). The powders’
chemical compositions are summarized in Table 1. Particle size and particle size distribution
(PSD) were evaluated by laser diffraction spectrometry LDS, Malvern Mastersizer 3000
(Malvern Panalytical, Egham, UK). SEM Quanta 400 FEG STEM (FEI Company, Hillsboro,
OR, USA) was used for powder shape-factor evaluation. Powder density was measured
(5 measurements per steel) by helium pycnometry with Accupyc 1330 (Micrometrics,
Norcross, GA, USA).

Table 1. Chemical compositions of the different stainless steels (wt.%).

Element C Cr Ni Cu Mo Nb + Ta Si Mn N P S O

316L 0.030 16–18 10–14 - 2–3 - 1 2 0.100 0.045 0.030 0.100

630 0.070 15–17 3–5 3–5 - 0.150–0.450 1 1 0.100 - 0.030 0.100

420 min 0.150 12–14 - - - - 1 1 - 0.040 0.030 -

440C 0.950–1.200 16–18 - - 0.750 - 1 1 - 0.040 0.030 0.100

X-ray diffraction to evaluate types of phases involved a Philips X’Pert diffractome-
ter (Philips, Egham, UK) at 40 kV, Bragg–Brentano geometry (θ–2θ), cobalt anticathode
(λ(kα1) = 0.178897 nm and λ(kα2) = 0.179285 nm) and a current intensity of 35 mA. The X-
ray diffraction scans were carried out from 40 to 100° in steps of 0.025°, with an acquisition
time of 1 s per step.
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The SLM equipment was an EOS M290 system (EOS GmbH, Krailling, Germany)
equipped with a Yb-fiber laser (λ = 1064 nm) with a maximum power of 400 W and a spot
size of 100 μm. The SLM processing was undertaken with an oxygen content below 0.1%
in the working chamber using a continuous flow of nitrogen. The laser power was set to
260 W, scanning speed was 1060 mm/s, hatch space was 100 μm and layer thickness was
30 μm (VED = 82 J

mm3 ). The scanning strategy was a zigzag pattern with a rotation angle
of 67° between adjacent layers. Each batch included density cubes (10 × 10 × 10 mm3)
and tensile test specimens. Additionally, a 10° rotation relative to the substrate position
(Figure 1) was added to avoid contamination by spattering. All 3D objects were studied as
SLMed, without post-processing treatment.

Figure 1. Positions of the specimens on the SLM bed.

The final density was evaluated through the Archimedes method and averaged for
10 specimens (density cubes).

Surface and inside defects on tensile specimens were evaluated by X-ray micro-
computed tomography using a Bruker SkyScan 1275 (Bruker, Kontich, Belgium). Specimens
were polished on both the top and bottom surfaces of tensile test specimens until a thickness
of 2 mm was achieved. An acceleration voltage of 100 kV and a beam current of 100 μA
were set using a 1 mm copper filter with step-and-shoot mode. Pixel size was set to 10 μm,
and the random mode was used. The images were acquired at a 0.4° angular step with
10 frames on average per step using an exposure time of 245 ms. The μCT images were
reconstructed with the dedicated manufacturer software.

Optical microscopy was done using a Leica DM 4000 M LED (Leica Microsystems AG,
Wetzlar, Germany) with a Leica camera, model MC 120 HD.

For 316L, 630 and 420 steels, etching used a Vilella solution (2 g of picric acid, 5 mL of
HCl and 100 mL of ethanol). For 440C, Kalling solution etching (5 g of CuCl2, 100 mL of
HCl and 100 mL of ethanol) was selected.

Surface roughness was evaluated using focus variation microscopy Alicona Infinite
Focus (Bruker, Kontich, Belgium) following ISO 4287 and 4288.

Microhardness measurements were performed on a Fisherscope H100 (Fischer Instru-
mentation LTD, Pershore, UK), equipped with a Vickers indentor (10 measurements per
sample, maximum load of 1000 mN, holding time of 30 s).

Tensile tests were performed on a SHIMADZU Autograph (Shimadzu, Kyoto, Japan),
with a 100 kN load cell, according to ISO 6892, at room temperature, at a strain rate of
10 MPa per second. Tensile specimens’ dimensions were in accordance with Figure 2.
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Figure 2. Tensile test specimen measurements, in mm (ISO 6892).

3. Results

3.1. Powder

All four studied stainless steel powders showed symmetric and narrow normal particle
size distributions. Table 2 summarizes the d10, d50 and d90 powder particle size and density.

Table 2. Powder size distribution and density of each stainless steel powder.

Powder d10 (μm) d50 (μm) d90 (μm) ρ
(

Kg
m3

)

316L 22.7 32.4 45.2 7880
630 17.8 26.2 37.6 7880
420 17.0 24.3 34.3 7820

440C 18.1 26.4 37.9 7940

Powder shape was almost spherical for all powders; there were some satellites, partic-
ularly in 316L and 420 steel powders (Figure 3).

Figure 3. Particle shapes of the 316L (a), 630 (b), 420 (c) and 440C (d) powders (SEM).

The selected stainless steels presented martensitic and austenitic phases (Figure 4).
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Figure 4. X-ray diffractograms of the 316L, 630, 420 and 440C powders (from bottom to top, respectively).

3.2. 3D Object
3.2.1. Porosity Evaluation

Porosity is directly related to density. However, the measured values for the four steels
are not only related to the porosity, but mainly to the phase difference between the 3D
object and starting powder.

The reduced section (cross-section) of the tensile specimen can be observed in Figure 5.
Figure 6 shows a rendering of the pore distribution within the reduced section of the
tensile specimen. It is noteworthy that only defects bigger than the pixel size (10 μm) were
observable in this case.

Figure 5. 2D visualization of the pores location in cross-section for 316L (a), 630 (b), 420 (c)
and 440C (d).
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Figure 6. 3D visualization of the pores location within the 3D object volume for 316L (a), 630 (b),
420 (c) and 440C (d).

Table 3 summarizes the values of density of the 3D object and the relative porosity,
compared to powder density.

Table 3. Density comparison between powder and 3D object.

Type Powder Density
(

Kg
m3

)
3D Object Density

(
Kg
m3

)

316L 7880 7790

630 7880 7660

420 7820 7590

440C 7940 7490

3.2.2. Microstructure

X-ray diffractions of the 3D objects are shown in Figure 7. Stainless steel 316L showed
only an austenitic phase but a strong orientation in [220]. The texture corresponds to <011>
direction, which has a major influence on mechanical properties [32]. SS 630 showed an
increase in martensite, and 420 showed a shift in the austenite phase when compared to
the powder.

All observed stainless steels, besides SS 316L, tended to form elongated grains in
the scanning direction, which is common in metals processed by SLM (Figure 8). It was
possible to distinguish narrower elongated grains in 630, 420 and 440C, which allowed the
distinction between the previous layer (rotated 90°) and the current layer.
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Figure 7. X-ray diffractograms of the 316L, 630, 420 and 440C 3D objects (from bottom to top, respectively).

Figure 8. Micrographies of the etched surfaces of 316L (a), 630 (b), 420 (c) and 440C (d) stainless steels.

3.2.3. Roughness, Topography and Geometrical Evaluation

Table 4 shows the attained roughness values of each specimen.
In what concerns the surface topography, a group of beads corresponding to the

scanning direction could be observed in Figure 9. Moreover, the not-fully melted powder
could be observed scattered throughout the surface.

Produced tensile specimens were measured in order to ensure the adequacy of me-
chanical tests. Table 5 summarizes the size comparison between CAD and 3D objects.
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Table 4. Roughness measurements of the tensile test specimens, for each stainless steel.

Type Ra (μm) Rq (μm) Rz (μm)

316L 16.204 19.864 94.401

630 12.988 16.030 79.347

420 7.669 9.440 53.783

440C 6.369 8.093 46.391

Figure 9. Micrographies of the 316L (a), 630 (b), 420 (c) and 440C (d) surfaces.

Table 5. Comparison between CAD and final 3D object sizes of tensile test specimens, for each
material type.

Type Width at Grip (%) Width at Reduced Section (%) Length (%)

316L 99.40 ± 0.24 98.50 ± 0.32 99.70 ± 0.03

630 99.60 ± 0.19 99.00 ± 0.27 99.81 ± 0.05

420 99.70 ± 0.25 98.67 ± 0.27 100.00 ± 0.06

440C 99.20 ± 0.03 98.83 ± 0.25 99.58 ± 0.05

3.2.4. Mechanical Properties
Microhardness

Table 6 summarizes the measured hardness (HV0.1) for the different stainless steels
and compares it to the bulk.

Table 6. Microhardness levels of the selected stainless steel 3D objects, compared to the bulk [33].

Type 3D Object HV0.1 Bulk HV0.1

316L 133 ± 17 170–220

630 306 ± 11 250–460

420 647 ± 27 260–641

440C 803 ± 26 510–760

Tensile Tests

Figure 10 shows the stress–strain results for five tensile test specimens per stainless
steel type.
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Figure 10. Strain–stress curves for the 316L (black), 630 (red), 420 (green) and 440C (blue) steels.

Table 7 summarizes the elongation and ultimate tensile strength (UTS) of the stainless
steel tensile specimens.

Table 7. Elongation and ultimate tensile strength for each steel-type 3D object, compared to bulk [34].

Type 3D Object ε (%) Bulk ε (%) 3D Object UTS (MPa) Bulk UTS (MPa)

316L 25.4 ± 2.4 30–50 645 ± 10 550

630 10.0 ± 1.3 4–6 1020 ± 33 943

420 0.7 ± 0.2 5–11 814 ± 74 655

440C 0.4 ± 0.1 0.5–4 1164 ± 13 760

4. Discussion

4.1. Powder

All selected powder particles had similar particle sizes, particle size distributions
and shape factors. However, some satellites were observed for 316L and 420 steel pow-
ders. These characteristics did not contribute to a significant discrepancy in the powder
flowability, and consequently, packing behavior in the powder bed. The difference in
measured powder density was mainly related to the phase composition of the steel and its
atomization atmosphere. Thus, the austenite phase is always present, resulting from the
atomization atmosphere—nitrogen. This is supported by the X-ray diffraction (Figure 4).
The SS 440C powder presented mainly the austenite phase and the highest powder density.
In opposition, the 420 powder showed the highest martensite content of all selected powder,
and therefore, the lowest density.

4.2. 3D Object
4.2.1. Density and Microstructure

A representative area of defects (Figure 6) shows that the main pores in all stainless
steel 3D objects were relatively similar, independently of carbon content. Surface finishing
is mostly obligatory in SLM, since close-to-surface defects can be the main driving force
for crack initiation, if not removed. Thus, the presence of these defects is not relevant
in real-world applications. However, due to μCT resolution, it can be concluded that
microporosity (<10 μm) could also have been present. Nevertheless, this is not enough to
justify the measured 3D object’s density.
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Considering that the nitrogen atmosphere was similar for powder and 3D objects,
and the fact that the carbon content’s effects on the porosity distribution and percentage
were negligible, the density must be justified by taking into account the microstructure of
the steel (before and after SLM). This means that the density modification can be attributed
mainly to the content of the prevalent austenitic phase and the presence of carbide phases,
particularly in high-carbon content steels.

SLM processing of the 3D objects, despite 440C not sustaining a phase alteration,
affected the phase compositions of 316L, 630 and 420 steels. Particularly, 316L and
420 suffered a shift in the crystallographic orientation, and 630 had an increase in the
martensitic phase. This deviation in crystallographic texture resulted from short, deep melt
pools, resulting from higher laser power, as shown by [32].

As is common in metals processed by SLM, the microstructure is oriented toward
the scanning strategy. This is due to the heating and cooling rates involved in the SLM
process, which are the main drivers of microstructure growth. However, high carbon
presence in the melt pool was shown to have a particular effect on microstructure due to
the carbon movement in the direction of the melt pool frontier, resulting from Marangoni
convection [35,36]. Moreover, carbon is a significant element of austenite stabilization.
Thus, the carbon depletion of 630 may have been the driver for the increase in martensitic
content when compared to the same material powder.

Figure 8 displays apparent grain anisotropy in the 3D objects, whatever the steel. SS
316L’s clear etched surface was consistent with the fact that little-to-no martensite was
present in the steel, but grain orientation along the scanning direction was still visible. SS
630 presented a microstructure close to that of dual-phase steel, with austenite and marten-
site distributed almost equally within the steel and strong processed-caused anisotropy. SS
420 had a dominant martensitic phase with residual austenite. Martensite grew alongside
austenite in these steels, as a virtue of the complex melt pool temperature dynamics that
occur in the SLM production.

4.2.2. Roughness, Geometry and Topography

Melt pool beads could be seen all over the surfaces. However, it is possible to relate
the reduced z-growth of the melt pool with increased carbon content, resulting in lower
roughness for higher carbon steels. All steels presented fused powders on their surface,
which is detrimental to roughness but can usually be mitigated by shot-peening [37].

The geometrical deviation between the steels, after SLM, was low and consistent,
which can mean that the selected VED is indicated for all the steels. VED has a significant
effect on melt pool width. If too low, a clear frontier within adjacent melt pools should be
observed, along with oriented porosity along the scanning direction. If too high, an uncon-
trolled melt pool with varying lengths is achieved, and growth in XY direction is expected.
Consequently, VED must be considered to be within the optimal range for all the studied
stainless steels, corroborating the previous statements.

4.2.3. Mechanical Properties

The microhardness values of the SLM 3D objects produced from the powders of
630, 420 and 440C stainless steels were higher than the maximum hardness of the bulk
steels processed by conventional approaches, including heat treatment. Nevertheless,
SS 316L showed a slight decrease in hardness compared to the bulk due to the texture
assumed during SLM processing. In concomitance with hardness, UTS values for all
stainless steels studied, processed by SLM, show a tendency to be higher than the values
of conventional processing. It must be highlighted that SS 630 had hardness within the
range of the values assumed, considering the various heat treatments that can be used.
However, the tensile test showed a particular behavior consistent with the strain-induced
martensite formation (TRIP) effect observed by [1,23,24], resulting from a high retained
austenite content. This effect led to higher ductility than conventionally heat-treated
SS 630. SS 420 and 440C have higher hardness, and the UTS values are outstanding.

76



Materials 2022, 15, 7575

Nevertheless, SS 420 processed by SLM is a brittle material with negligible elongation due
to an unconventional microstructure.

5. Conclusions

Whatever the carbon composition, the SLM parameters generally used for 316L induce
in other stainless steels with low nickel and higher carbon content low porosity and high
densification. The microstructures resulting from SLM without post-processing treatments
are mandatory for assessing the mechanical behavior of 3D objects. The hardness and UTS
of SLM 3D objects are higher than those of bulk stainless steels with the same compositions,
after heat treatment. This is due to a direct relationship between carbon and elements
with high affinity to it (e.g., chromium, iron, and molybdenum); however, the content of
other elements of selected stainless steels is insufficient for carbide formation. Moreover,
it must be highlighted that the stabilization of residual austenite present in the steels
with higher carbon content can result from the processing atmosphere; nitrogen is more
effective than other elements in the matrix. Furthermore, the strong anisotropy observed
in all stainless steels resulted from the selected scanning strategy and VED values. In the
studied stainless steels, the microstructural difference, when compared to conventionally
processed bulk materials, is mainly due to the processing atmosphere, so a constant VED
can be used to process different stainless steels with varying carbon compositions. Future
studies regarding the influence of carbon content in indirect additive manufacturing will
be compared to the results reported here.
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Abstract: Additive manufacturing processes such as selective laser melting are rapidly gaining a
foothold in safety-relevant areas of application such as powerplants or nuclear facilities. Special
requirements apply to these applications. A certain material behavior must be guaranteed and
the material must be approved for these applications. One of the biggest challenges here is the
transfer of these already approved materials from conventional manufacturing processes to additive
manufacturing. Ferritic steels that have been processed conventionally by forging, welding, casting,
and bending are widely used in safety-relevant applications such as reactor pressure vessels, steam
generators, valves, and piping. However, the use of ferritic steels for AM has been relatively little
explored. In search of new materials for the SLM process, it is assumed that materials with good
weldability are also additively processible. Therefore, the processability with SLM, the process
behavior, and the achievable material properties of the weldable ferritic material 22NiMoCr3-7,
which is currently used in nuclear facilities, are investigated. The material properties achieved in the
SLM are compared with the conventionally forged material as it is used in state-of-the-art pressure
water reactors. This study shows that the ferritic-bainitic steel 22NiMoCr3-7 is suitable for processing
with SLM. Suitable process parameters were found with which density values > 99% were achieved.
For the comparison of the two materials in this study, the microstructure, hardness values, and tensile
strength were compared. By means of a specially adapted heat treatment method, the material
properties of the printed material could be approximated to those of the original block material.
In particular, the cooling medium/cooling method was adapted and the cooling rate reduced.
The targeted ferritic-bainitic microstructure was achieved by this heat treatment. The main difference
found between the two materials relates to the grain sizes present. For the forged material, the grain
size distribution varies between very fine and slightly coarse grains. The grain size distribution in
the printed material is more uniform and the grains are smaller overall. In general, it was difficult
and only minimal possible to induce grain growth. As a result, the hardness values of the printed
material are also slightly higher. The tensile strength could be approximated to that of the reference
material up to 60 MPa. The approximation of the mechanical-technological properties is therefore
deemed to be adequate.

Keywords: ferritic steel; heat treatment; SLM; additive manufacturing; nuclear application

1. Introduction

Additive manufacturing (AM) processes have evolved in a short time from rapid
prototyping—the production of prototypes and sample components, to industrially appli-
cable components and structures [1]. The national and international effort to bring these
additively manufactured components into use in safety-relevant areas such as power plants
or nuclear facilities is great [2]. The production processes developed for the second genera-
tion of nuclear power plants during the first peak of nuclear technology (Generation II Peak)
have become obsolete due to dismantling of existing plants, restructuring of production
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facilities (scrapping of machinery, takeover, etc.), and loss of knowledge (retirement of
employees), and can no longer be applied without considerable effort and expense [3].
Currently, we are seeing a second peak (Generation III Peak) in the nuclear power sector,
with some countries like Germany dealing with the dismantling of nuclear facilities, while
in other areas of the world new plant systems are being built (Gen. III), developed (Gen. IV)
and commissioned. Therefore, new advanced production processes and manufacturing
techniques such as additive manufacturing are being relied upon for future spare parts,
the development, and new construction of power plants worldwide [3]. According to
the German Gesellschaft für Reaktorsicherheit (GRS) [4], the trend in the development
of new reactors and reactor concepts is moving towards Small Modular Reactors (SMR).
As a result, component sizes are likely to decrease in the future and new manufacturing
methods such as additive manufacturing could be applied. Among the most important
advanced manufacturing technologies in this regard, based on industry interest, is selec-
tive laser beam melting (SLM/L-PBF), according to the United States Nuclear Regulatory
Commission (USNRC) [2]. Currently, the SLM process is mainly used for the production of
small to medium-sized components. In the field of nuclear technology, additively manufac-
tured valves and other non-safety-critical small to medium-sized components are already
being used. The industry’s interest in also being able to manufacture large components
with this process is significant and is leading to the development of ever-larger machines.
For example, the SLM®800 developed by SLM Solutions already has a build envelope
with dimensions of 500 × 290 × 850 mm [5]. Another example of the rapid growth of
the available built envelope dimensions is the SLM laboratory system developed by the
Aachen University of Applied Sciences and the Fraunhofer Institute for Laser Technology
ILT. Their system has an effectively usable built envelope of 1000 × 800 × 500 mm, which
is considerably larger than other previous commercial SLM systems [6]. This trend makes
the use of additively manufactured components in the reactor sector feasible and could
lead to the manufacturing of large components.

The principle of the laser and powder bed-based manufacturing process (SLM/L-PBF)
is a layer-by-layer build-up, in which a component is created using selective melting of
metal powder with a laser beam [1]. The resulting component properties are determined
by a variety of influencing factors, such as machine size, powder properties, process
parameters, resulting imperfections, etc. In total, there are more than 130 quality-deciding
influencing factors [7]. In addition, each material exhibits different behavior in the additive
manufacturing process and must therefore be investigated separately. The most commonly
used materials for L-PBF are AlSi10Mg [8,9], Ti6Al4V [10,11], Inconel [12] or 316L [13,14].
These have been studied in more detail in the past, so optimized process parameter sets for
these materials are available in the literature. However, the parameter sets presented in
the published studies are often incomplete or are not transferable to other manufacturing
equipment because of the selected performance settings. In addition, it has been found that
even the same parameter sets on identical production equipment in different sites can lead
to different results, for example in terms of porosity and mechanical strength, so that the
parameters must be adapted separately for each machine [15].

This study focuses on the ferritic reactor steel 22NiMoCr3-7 as this material was
used almost exclusively in reactor pressure vessel construction in the Federal Republic of
Germany [16]. The optimized reactor steel 22NiMoCr3-7 was derived from the American
material ASTM A 508 Cl.2 (20NiMoCr3-6). The ASTM A 508 Cl.2 low-alloy (higher-strength)
steel was selected for use in German nuclear power plants on account of its mechanical
properties (especially toughness), which are adequate even for large wall thicknesses,
its good through-temperability, its low tendency to radiation embrittlement, and it is at this
time considered good weldability. The optimized reactor steel 22NiMoCr3-7 had also been
considered well suited for welded joints. Later, however, this steel proved to be sensitive to
embrittlement and cracking in weld-affected zones under certain circumstances [16]. Ex-
periments were conducted at the Materials Testing Institute (MPA) when this welding issue
was discovered analyzing the reason and influencing factors for relaxation embrittlement
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and crack formation in 22NiMoCr3-7. These experiments confirmed the only cause for the
development of relaxation embrittlement and crack formations to be overheating of the
material with coarse grain formation and if the initially dissolved metallic carbides are
precipitated at the grain boundaries because of rapid cooling followed by subsequent heat
treatment. These precipitates are responsible for additional hardening of the material and
reduce both its creep tendency and its ductility in the grain boundary zones. The residual
stresses generated during welding are relieved during conventional two-stage stress relief
annealing by plastic creep deformation. In damaged grain boundary regions, however,
the creep and strain capacity is quickly exhausted, and inter-granular cracking may occur.
It was found out that the main decisive influencing factors are, in addition to the acting
stresses, the chemical steel composition, as well as the kinetics of the precipitation processes
in the heat-affected zone (HAZ), which depend on the temperature-time processes during
welding and the subsequent heat treatment [16].

The problems with the welding safety of the steel 22NiMoCr3-7 and its tendency to
undercladding and side cracks led to a discussion of whether 20MnMoNi5-5 might not be
more suitable. However, the discussion about the competing reactor steels eased after a
strong narrowing of the chemical analysis limits, preferably for molybdenum and trace
elements accompanying the steel, which was recommended after the investigations of
the MPA Stuttgart, so that the steel 22NiMoCr3-7 could be substantially improved in its
properties. The limit values that should not be exceeded are shown in Table 1. According
to the Reactor Safety Committee, the modified 22NiMoCr3-7 is a desirable alternative to
the steel 20MnMoNi5-5 [16]. Because of its still important role as one of the main materials
for reactor pressure vessels erected in the Federal Republic of Germany, it is therefore of
interest for future research endeavors with regard to spare parts production using additive
manufacturing processes. Possible problems arising with regard to weldability and thus
processability using additive manufacturing were investigated in this study. The material
behavior of the conventionally manufactured 22NiMoCr3-7 has already been extensively
investigated in past studies and research projects at the MPA of the University of Stuttgart.
The material properties, as well as the material and failure behavior of the conventionally
manufactured material, with which the obtained results of this study are compared, were
for example elaborated by Seebich [17].

Table 1. Crack initiation after exceeding two or more of these values [18].

Limit Contents in Weight Percent

Mo P S Cu Sn N

0.62 0.008 0.008 0.12 0.011 0.013

In literature, there are only a few published studies on the subject of processing fer-
ritic materials using L-PBF [19–24]. To date, there are no empirical values or published
parameter windows for the processability of 22NiMoCr3-7 using the L-PBF method. The pa-
rameter sets given in the literature cannot be applied unchanged for the reasons already
mentioned, but serve as a data basis for future process parameter variations. Moreover,
the use of ferritic powder materials such as 22NiMoCr3-7 in the L-PBF process makes the
manufacturing process and the creation of the desired microstructure and the associated
material properties even more complex. Due to the higher cooling rates > 106 ◦C/s [25]
during the manufacturing process, subsequent heat treatment is required to obtain the
desired ferritic-bainitic microstructure instead of the expected martensitic structure present
after printing. Initial studies on microstructure adjustment with subsequent heat treatment
for ferritic materials exist [19] and are used for comparison purposes.

However, to establish additive manufactured components (AM components) and
structures in safety-critical and certification-relevant application areas, the process-related
material properties and the resulting material behavior must be fundamentally understood
and mastered. The challenges that have to be overcome in the future include anisotropic
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microstructures, non-uniform stress distributions and pore formations as well as many
other effects. Only when additive manufacturing processes have been sufficiently validated
can the economic and technical advantages of this technology be used without hesitation
in safety-critical areas such as nuclear power plants.

2. Materials and Methods

2.1. Material

The material block of 22NiMoCr3-7 used in this study was taken from the upper
forged core ring of the reactor pressure vessel originally planned for the nuclear Biblis-C
plant. The material is a ferritic-bainitic fine-grained structural steel. The microstructure
of the block material displays the lines and textures typical for a forged material. The
mentioned lines can be seen in the vertical color differences visible in the left image in
Figure 1. For this material, the heat treatment takes place after the forging process, which
makes the texture slightly less obvious. The grain size varies from very fine to slightly
coarse [17], as can be seen in the right image in Figure 1.

Figure 1. Textures and lines of the forged block material [17].

The hardness resulted in an average value of 189 HV 30. Further investigations of the
material in previous projects show that the material has very homogeneous and isotropic
material properties [17]. The results of the performed tensile test are shown in Table 2.

Table 2. Strength and deformation characteristics from tensile test [17].

L0 UTS UYP A Ag Z
[mm] [MPa] [MPa] [%] [%] [%]

50 584 445 23.0 10.7 68

The steel powder was produced by atomizing the 22NiMoCr3-7 block material pro-
vided by the Materials Testing Institute (MPA) Stuttgart at Höganäs. The influence of the
particle size on the flowability of metal powder material was taken into account when
selecting the particle size range. In this respect, it was considered that fine powder particles
tend to form agglomerates and thus impair flowability. However, fine particles can fill the
voids of the coarser particles and help to increase the density of the powder layer, which
leads to a better process result [26]. Based on experience and typical industry specifications
for steel powder for L-PBF production, 15 μm was chosen as the lower limit. The upper
limit was set at 45 μm.
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The specification for the chemical composition of 22NiMoCr3-7 including limit values
and an overview of the chemical compositions of the block and powder material is shown
in Table 3.

Table 3. Specification [27] and overview of chemical composition for 22NiMoCr3-7.

C Si Mn Cr Mo Ni P S Cu Sn Al V Ta Co As

Spec min. 0.17 0.10 0.50 0.25 0.50 0.60 - - - - - - - - -
Spec max. 0.25 0.35 1.00 0.50 0.75 1.00 0.012 0.015 0.1 - 0.05 0.05 0.03 0.03 -

block 0.21 0.20 0.88 0.4 0.53 0.83 0.006 0.002 0.039 0.007 0.016 0.007 <0.003 0.011 0.005
powder 0.19 0.22 0.93 0.28 0.51 0.67 0.006 0.004 0.007 0.02 0.02 <0.01 <0.01 0.01 -
as-printed 0.197 0.21 0.79 0.43 0.547 0.93 0.007 0.004 0.042 0.007 0.014 0.007 0.004 0.013 0.006

The chemical composition of the original block material is compared with the com-
position of the resulting target grain to guarantee the correct alloy composition even after
pulverization. In addition, information on welding behavior, microstructure development
and the effect of a subsequent heat treatment strategy can be derived from the listed compo-
sition. The chemical composition of the block material was determined using a Quantovac
analysis at MPA Stuttgart [17], while the powder was analyzed at the manufacturer’s
site. Since losses of certain alloying elements can occur during the production process, for
example due to burn-off, the chemical composition was also checked after the production
of the specimens by means of Spark Optical Emission Spectrometry (F-OES). The results
for the chemical composition of the as-printed material are discussed in Section 3.1.

2.2. Manufacturing

At present, there is almost no information to be found on the additive processing of
reactor steel, especially on 22NiMoCr3-7. Therefore, no parameter sets for the processing of
22NiMoCr3-7 by means of SLM are available. There is also little information on the general
processing of ferrites or high-temperature steels. One study dealing with a material similar
in area of application, namely a strong and ductile Reduced Activation Ferritic/Martensitic
(RAFM) steel employed for fusion reactors [23], is used as a starting point for the parameter
variation of this study. Jiang et al. provides a complete defined process parameter window
with parameters adaptable to the equipment available for this study. The laser power varied
between 160 W and 320 W at scanning speeds of 400 to 1200 mm/s, while keeping the layer
thickness constant at 30 μm and a hatch spacing of 85 μm. The parameter combinations
of 200 W and scanning speed of 800 mm/s, as well as laser power of 320 W and scanning
speed of 600 mm/s proved to be the most suitable for the RAFM material [23]. To verify
whether this parameter window deviates strongly from other materials frequently used
in additive manufacturing, the process parameters of the austenitic steel 1.4404 were also
considered. 1.4404 is one of the most common steels processed by SLM because the material
is very inexpensive and has very good processing properties. For this reason, there are
already process parameter sets available. Laser powers between 150 W and 250 W and
scanning speeds of 600–950 mm/s have proven suitable for this material on the Aconity
Mini System used in this study. It was found that even for different materials with different
properties, the parameter windows overlap to a large extent. Therefore, parameters from
this range or slightly above or below were selected for the parameter determination of this
study. The process parameter variations carried out are listed in Table 4.

The processability of 22NiMoCr3-7 was investigated on cube-shaped specimens
with different process parameter variations using an Aconity Mini system (Aconity3D).
The printed cubes were designed with wedge-shaped solid support structures, as seen
in Figure 2, to ensure a secure bond to the build plate. An edge length of 10 mm was
chosen for the cubes. The layer thickness was set constant at 30 μm for all cubes. The hatch
spacing and laser spot diameter were not changed during the parameter variation. A sim-
ple hatching scan strategy was chosen for the entire cross-section, which was rotated 90°
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for each subsequent layer. The contour was exposed after filling. The manufacturing was
performed under an argon atmosphere at an oxygen content below 100 ppm. The build
plate was initially not preheated to investigate the influence of the high cooling rate during
the printing process on the resulting microstructure.

Table 4. Parameter variation.

Parameter Set Laser Power [W] Scan Speed [mm/s]

PV1 250 700
PV2 200 800
PV3 150 800
PV4 300 1000
PV5 250 1525

Figure 2. Specimen cube with a wedge-shaped support structure.

2.3. Density Measurement

The relative density of the additively manufactured cube specimens achieved with the
selected process parameters was used as a determining criterion for assessing the suitability
of the parameters used. The density was determined according to Archimedes’ principle
(ASTM B962-17) and additionally by microscopic image analysis of a cut surface of the
cube specimens. For this purpose, one cube per parameter set was cut in the center parallel
to the direction of build-up. Subsequently, the cut surfaces of each specimen were polished
to visualize the pore size and distribution.

2.4. Heat Treatment and Hardness Measurement

To approximate the mechanical properties of the additively manufactured material
to those of the original forging block material, various heat treatment strategies were
investigated. The performed heat treatment variations are listed in Table 5. The temperature
profile for the specimens cooled in the oven in a controlled environment is shown in
Figure 3.

Following the heat treatment, sections were again prepared to analyze the resulting
microstructure. In addition, Vickers hardness tests were carried out in accordance with
DIN EN ISO 6507-1.
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Table 5. Heat treatment strategies.

Strategy
Austenitization Austenitization

Cooling
Tempering Tempering

Temperature Time
Medium

Temperature Time
[◦C] [min] [◦C] [min]

Z 900 water 650 450
A0 - - - - -

B1/B2 900 20 oil/water - -
C1/C2 900 20 oil/water 650 60

D1 900 20 air 650 60
D2 900 20 air 650 240
D3 900 240 air 650 60
E1 900 60 oven (100 °C) - -
E2 900 60 oven (100 °C) 700 240
E3 900 60 oven (100 °C) 700 480

Figure 3. Controlled heat treatment for E1–E3.

2.5. Tensile Testing

For further material characterization, tensile specimen blanks (TSB) with dimensions
12 mm × 12 mm × 86 mm were manufactured in horizontal orientation (0°). The parameter
set PV1 (laser power = 250 W, scan speed = 700 mm/s) was used for the production.
The layer thickness was left at 30 μm. Fabrication also took place in an argon atmosphere.
For the fabrication of these specimens, to minimize residual stresses, the build platform
was heated to 150 °C. In addition to the tensile test specimens printed with the simple
hatching scan strategy (designation according to pre-process software Netfabb Autodesk)
three additional scanning strategies (see Figure 4) were tested to estimate their effect on the
resulting material properties.
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Figure 4. Specimens with different scan strategies.

The tensile specimen blanks were heat-treated before machining the target contour by
lathing according to B 8 X 40 DIN 50125 (see Figure 5) to prevent decarbonization of the
layers near the surface. The tensile tests were performed in accordance with DIN EN ISO
6892-1:2020-06 on a Zwick Roell 100 kN tensile testing machine Typ BZ1-MMZ100.ZW02.

Figure 5. Tensile test specimen B 8 X 40 DIN 50125.

3. Experimental Results

3.1. Material

The results of the chemical analysis of the printed material show that the amount of
alloying elements present is still within specification, see Table 2. However, significant
deviations from the powder analysis are noticeable in some cases. The manganese content
has decreased because of vaporization during by the manufacturing process. An increase
in chromium, nickel and copper was detected compared to the results of the atomized
powder material. As the measured values of these elements in the printed material are
very similar to those of the block material, it is assumed that the chemical analysis of the
powder material is inaccurate due to the different material state (powder versus solid).

The fact that material burns off during the process is confirmed by the fact that the
filters in the area of the process gas circulation are completely black and clogged after the
process. The results of the chemical analysis of the material deposited on the filters are still
pending and will provide further information on the loss of alloying elements.

3.2. Density Measurement and Parameter Evaluation

The results of the density test are shown below in Table 6. There were significant
differences in the relative density for the different process parameter sets used. Parameter
set PV1 showed the highest density values. Moreover, the specimens showed a good
surface quality. PV2 and PV3 showed a considerably worse surface quality compared
to PV1.
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Table 6. Density measurement according to the Archimdedean principle.

Specimen Laser Power [W] Scan Speed [mm/s] Density [%]

PV1-1 250 700 99.10
PV1-2 250 700 98.07
PV1-3 250 700 99.60
PV2-1 200 800 90.74
PV2-2 200 800 95.17
PV2-3 200 800 91.57
PV3-1 150 800 90.74
PV3-2 150 800 99.58
PV3-3 150 800 95.93

The measurements according to the Archimedean principle could be quantitatively
confirmed by light microscopic images of the micrographs. The micrographs of parameter
set 2 (PV2) show a relatively large number of flaws and attachment defects (see Figure 6a),
whereas PV1 (see Figure 6b) and PV3 hardly show any discontinuities.

(a) Parameter set PV1 (b) Parameter set PV2

Figure 6. Micrograph without defects (a) and with defects (b).

Except for the area of influence of the flaws, all samples show a uniform layer thickness.
The tested parameter variations PV4 and PV5 are not suitable for the processing of the
investigated material. In the case of PV4 unwanted material accumulations on the surface
occurred during the manufacturing process and in the case of PV5, only a poor bond to the
building board was achieved. Parameter set 1 (PV1) was therefore used for all further tests.

3.3. Heat Treatment and Hardness Measurement

The aim of the heat treatment was to approximate the microstructure of the as-printed
material, as well as the mechanical properties to that of the forged material. The target
microstructure of the forged block material (Z) is displayed in Figure 7a and shows a
ferritic-bainitic microstructure with fine to slightly coarse grain size. In Figure 7b the
as-printed state (A0), the individual melting traces of the manufacturing process are clearly
visible. The results of the different heat treatment strategies are shown in Figures 8–12.
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(a) block material (b) as-printed

Figure 7. Microstructure forged block material (a) and as-printed material (b).

In contrast to the as-printed material, the melt traces are no longer visible in the cross-
section of all heat-treated specimens. Homogenization of the microstructure takes place
during the heat treatment. Initially, heat treatments were carried out without subsequent
tempering (Figure 8). Quenching after austenitizing took place in oil Figure 8a or water
Figure 8b. With these heat treatment strategies, only a martensitic microstructure could be
produced (see Figure 8).

(a) 900 °C/20min/Oil—no tempering (b) 900 °C/20min/Water—no tempering

Figure 8. Heat treated but not tempered specimens, quenched with oil (a) or water (b).

The bright streaks in the microstructure image probably originate from particle
splashes that were ejected from the melt pool and landed back on the specimen surface,
resulting in a different cooling rate than the rest of the sample. These streaks are no longer
visible in the micrographs after other heat treatment strategies with subsequent tempering.

An additional tempering process at 650 °C for 60 min followed by cooling in air lowers
the hardness value, but only a or fine-grained martensitic microstructure could be achieved,
see Figure 9a,b. The additional tempering process at 650 °C for 60 min followed by cooling
in air lowers the hardness value, but the microstructure is still martensitic. The results
show that quenching in oil and water is too fast so that the bainite region cannot be reached.
Therefore, for the subsequent heat treatment tests, cooling in the air was carried out after
austenitizing at 900 °C and then tempering at 650 °C for 60 min.
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(a) 900 °C/20 min/Oil/650 °C/60 min/Air (b) 900 °C/20 min/Water/650 °C/60 min/Air

Figure 9. Heat treated and tempered specimens, quenched with oil (a) or water (b).

The slower cooling process in air allowed to reach the bainitic region, see Figure 10a.
However, a very fine structure with small grains is still present here.

(a) 900 °C/20 min/Air/650 °C/60 min/Air (b) 900 °C/20 min/Air/650 °C/240 min/Air

Figure 10. Heat treated with different tempering times and cooling in air.

At this point, a significant increase in grain size is estimated to be only possible
through overheating. This heat treatment, however, deviates from the specifications of the
material manufacturer. Therefore, the grain size was supposed to be increased by a longer
tempering time (specimen D2, see Figure 10b) or austenitizing time (specimen D3, see
Figure 11a). This goal could not be achieved, only the hardness could be lowered further.
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(a) 900 °C/240 min/Air/650 °C/60 min/Air (b) 900 °C/60 min/Air/650 °C/240 min/Air

Figure 11. Optimized cooling in air (a) and first attempt at controlled cooling in the oven (b).

Heat treatment with a controllable cooling process for both austenitizing and temper-
ing allows further reduction of hardness and slight grain growth (specimen E2 and E3, see
Figure 12).

(a) 900 °C/240 min/Air/650 °C/60 min/Air (b) 900 °C/20 min/Air/650 °C/240 min/Air

Figure 12. Different controlled cooling strategies in the oven.

For subsequent component tests, the duration of austenitizing and tempering must be
determined as a function of the dimensions. The heat treatment of the component tests can
therefore deviate from the heat treatment strategy determined here.

3.4. Tensile Performance

The results of the tensile tests showed a substantial difference between the block
material and the as-printed material (see Figure 13), which was to be expected because of
the difference in the presented microstructure and the corresponding mechanical properties.
The dashed black curve (block material) corresponds to the conventionally produced forged
material and the black curve to the as-printed condition. The as-printed specimen was
produced using the simple hatching scanning strategy, parameter set PV1, and was not
heat treated. The forged block material possesses a tensile strength of UTS = 563 MPa
and an elongation at fracture of A = 26%. In comparison the as-printed material has a
significantly higher tensile strength with a value of UTS = 1230 MPa and an elongation at
fracture of A = 15%. All other specimens shown in Figure 13 were manufactured using the
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same parameter set (PV1) as the as-printed material and in addition, subject to the D3 heat
treatment strategy (900 °C/240 min/Air/650 °C/60 min/Air) available at the time of testing.
Further on the D3 heat treatment is also referred to as HT.1 because it was considered the
first successful heat treatment strategy. Applying heat treatment D3 significantly reduced
the tensile strength. The tensile strength of the specimens could thereby be approximated to
a difference of 140 MPa to the forged block material. Moreover, the plots of the stress-strain
curves of the specimens with different scan strategies confirm a correlation of the applied
scanning strategy with the ductility of the additively manufactured material.

Figure 13. Stress-Strain curves - 22NiMoCr3-7 at RT for specimens with different scan strategies.

The first three tensile test specimens were manufactured using the quad island strat-
egy. The results of the tensile tests showed strong scattering with regard to the achieved
elongation at fracture, as can be seen in Table 7. Analysis of the fracture surface of specimen
RTS-1 under the electron microscope reveals lack of fusion between the quad islands (see
Figures 14 and 15) resulting from the selected scan strategy. The result from the specimen
RTS-1 is plotted in dark blue in Figure 13.

Figure 14. Overview of the fracture surface of a specimen printed with the quad island scan strategy.
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Figure 15. Detailed image showing lack of fusion and uniform material sections on fracture surface
using quad island scan strategy.

To further increase the elongation at fracture an overlap of individual islands within
the quad island scan strategy was tested. For this purpose, the hatch spacing was re-
duced, while the laser spot diameter remained the same, to achieve a larger overlap of the
individual fusion tracks. The stress-strain curve in Figure 14 shows, however, that this
adjustment, plotted in red, does not lead to an improvement for the elongation at break.
In contrast, the scanning strategies of the specimens RTS-5 (simple-hatching, orange) and
RTS-6 (overlapping checkerboard, dark green) visibly improve the toughness.

Continued optimization of the D3 heat treatment (HT.1) lead to the E3 strategy
(HT.2) with even better results concerning the tensile performance (see the green curve in
Figure 16).

Figure 16. Stress-Strain curves—22NiMoCr3-7 at RT for specimens with different heat treatment strategies.

An evaluation of the results of the new tensile tests shows that the elongation at break
could be approximated to within 4% of that of the forged block material using the HT.2
method. The goal of achieving the same tensile strength of the bulk material could not be
fully achieved due to the grain refinement caused by L-PBF. There is a remaining deviation
of 60 MPa.

92



Materials 2022, 15, 383

Table 7. Strength and deformation characteristics.

Specimen
Diameter L0 UTS UYP A Ag Z

[mm] [mm] [MPa] [MPa] [%] [%] [%]

Block material no information 50 584 445 23.0 10.7 68
As-printed 7.96 40 1230 - 15.0 - 68
RTS-2 8.00 40 700 665 19.0 - 51
RTS-3 8.01 40 703 636 18.0 - 48
RTS-4 7.98 40 690 646 17.5 9.6 55
RTS-5 7.98 40 693 651 22.0 9.7 71
RTS-6 7.96 40 693 635 22.0 9.8 71
RTS-7 8.00 40 623 492 24 12.0 57
RTS-8 8.00 40 618 510 23 11.8 57
RTS-9 8.00 40 618 519 28 12.2 72
RTS-10 8.00 40 618 517 27 12.0 70
RTS-11 8.00 40 616 510 26 11.8 73
RTS-12 8.00 40 622 469 27 12.2 72

4. Conclusions

In this study, the ferritic reactor steel 22NiMoCr3-7 was successfully processed addi-
tively using the L-PBF process. The focus of the investigation was on defining a suitable
process parameter window for selective laser melting of the selected material. The laser
power, scan speed, and scan strategy were varied to develop a suitable process window.
A set of process parameters (PV1) was developed that achieved a relative density of over
99%. In addition, different scanning strategies were tested and their effect on the resulting
tensile strength and toughness was investigated. The scan strategy named simple hatching
showed the best results. The parameter set PV1 and the named scan strategy were used
for subsequent sample fabrication and investigation of various post-treatment heat strate-
gies. The additively manufactured samples with no heat treatment showed insufficient
ductile material behavior in the as-printed state, as well as a martensitic microstructure.
The goal to approximate the microstructure and the mechanical-technological properties
of the forged block material was first successful with the D1 heat treatment. The desired
ferritic-bainitic microstructure was obtained. Even the hardness values (218 HV10) were
in a similar range to those of the forged material (189 HV30). Further optimization of
the heat treatment strategy adding a controlled cooling process in an oven achieved even
better results concerning the grain size of the microstructure as well as the hardness values
(198 HV10). The development of the E3 heat treatment concludes the search for a suitable
heat-treatment process. With this heat treatment, it was possible to achieve the original mi-
crostructure of the forged block material as well as its mechanical-technological properties.
Based on these investigations, tensile specimens were manufactured and tested. The results
showed very good agreement between the additively manufactured and forged specimens.
In addition, further experiments on notch tensile, shear tensile, and flat tensile specimens
with cracks are in preparation and should show that the material behavior with varying
stress multiaxiality is similar for additively manufactured and forged material.
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Abbreviations

The following abbreviations are used in this manuscript:

AM Additive manufacturing
SLM Selective Laser Melting
L-PBF Laser Powder Bed Fusion
GRS Gesellschaft für Reaktorsicherheit
SMR Small Modular Reactors
USNRC United States Nuclear Regulatory Commission
MPA Materials Testing Institute
HAZ heat-affected zone
L0 Measuring length
UTS Ultimate tensile strength
UYP Upper yield point
A Elongation at fracture
Ag Uniform elongation
UTS Ultimate tensile strength
Z Necking
F-OES Spark Optical Emission Spectrometry
RAFM Reduced Activation Ferritic/Martensitic
TSB tensile specimen blank
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Abstract: The advancement of additive manufacturing (AM) for metal matrix nanocomposites (MM-
NCs) is gaining enormous attention due to their potential improvement of physical and mechanical
performance. When using nanostructured additives as reinforcements in 3D printed metal composites
and with the aid of selective laser melting (SLM), the mechanical properties of the composites can be
tailored. The nanostructured additive AEROSIL® fumed silica is both cost-effective and beneficial
in the production of MMNCs using SLM. In this study, both hydrophobic and hydrophilic fumed
silicas were shown to successfully achieve homogenous blends with commercial 316L stainless steel
powder. The powder blends, which exhibited better flow, were then used to fabricate samples using
SLM. The samples’ microstructure demonstrated that smaller grains were present in the composites,
resulting in improvements in mechanical properties by grain refinement compared to those of 316L
stainless steel samples.

Keywords: additive manufacturing; 3D printing; selective laser melting; powder bed fusion; metal
matrix composites

1. Introduction

Additive manufacturing (AM), also commonly known as 3D printing or formally
known as rapid prototyping (RP), is a family of processes that produces parts by joining
materials together, usually layer-by-layer, based on information retrieved from computer
aided design (CAD) software without the use of physical moulds. They can be directly used
to fabricate functional parts without the need for post-processing. AM also circumvents
some of the limitations of conventional methods, such as the need for multiple exhaustive
processes that must be used to produce sophisticated and complex parts [1].

AM has been increasingly used over the years and provides key benefits that product
manufacturers over conventional manufacturing. These benefits include, but are not
limited to, cost effectiveness from the short downtime in terms of prototyping, reduced
material wastage, vast potential for product design innovation, and the ability to build
complex workpieces which cannot be achieved through conventional processes [1]. AM is
capable of fabricating parts using metals, ceramic, and polymers [2,3]. Among the many
AM methods currently available in the industry, several processes such as selective laser
melting (SLM) and direct metal laser sintering (DMLS) are used for the fabrication of metals.
SLM and DMLS are also commonly called laser powder bed fusion (LPBF). Due to the
inherent benefits of AM over conventional manufacturing, it has been adopted widely for
manufacturing by many industries, including aerospace, medical, and automotive [4].
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Stainless steel has been used widely across many industries including construction, au-
tomotive, and pharmaceutical. It has been one of the most essential and important materials
to keep costs low compared to other available materials [5–8]. Among all grades of stainless
steel, 316L stainless steel is commonly used due to its mechanical properties’ advantages,
such as being highly resistant to corrosion and oxidation. Many papers in the literature
reported on SLM 316L stainless steel samples with regard to the effect of processing pa-
rameters, such as laser power, scanning speed, hatch distance, and scanning pattern [5,6].
Many engineers have leveraged the advantages of this technology and have successfully
experimented with adding in different kinds of additives to improve the characteristics of
stainless steel by forming metal matrix composites (MMCs). MMCs have been effectively
applied to aerospace, automotive, and medical industries, which require the latest material
improvements [5]. MMCs are normally fabricated with a metallic matrix phase and with
one or more different kinds of phases for reinforcement purposes. The reinforcements come
in the form of particulates, whiskers, or fibres from materials such as ceramics, carbon or
metallic materials. Studies have been conducted to improve the properties by introducing
solid solution [9] and grain refinement [10]. Past research has involved adding in reinforce-
ment such as silicon carbide (SiC), titanium diboride (TiB2), and titanium carbide (TiC) in
316L stainless steel to increase wear resistance [3,11,12]. Furthermore, investigations have
also been conducted on the use of nanostructured materials such as silica, titania, carbon
nanotubes, and layered silicates as reinforcements to modify the properties of different
matrices [13,14]. There are reports regarding the use of small amounts of nanostructured
materials to polymers, which was shown to improve the mechanical properties [15–17] and
dimensional stability under creep conditions [18]. Among all the additives, fumed silica is
a prime candidate that can be produced with different surface areas (50–400 m2/g) using a
variety of surface treatments from hydrophilic to hydrophobic. These silica structures have
a fractal structure, and can form a network of interconnecting particles [19].

The ability to be customised to suit the industry’s needs in comparison to conventional
metals has increased the use of MMCs in the industry [20]. In the past twenty years, the use
of MMCs has grown significantly [21]. Numerous researchers have conducted intensive
tests and proven, with the aid of suitable reinforcement, that the shortcomings of properties
in materials such as 316L stainless steel can be improved [11,22,23]. This led to an increase
in demand for customised material, specifically with lightweight and high-performance
parts, which has steered the advancement of metal matrix nanocomposites (MMNCs).

MMNCs, a version of MMCs, use nanostructured materials as reinforcements. Due to
their nanostructure morphology, MMNCs are capable of performing better than MMCs for
wear resistance, damping properties, and mechanical strength, which are key for various
applications [24,25]. Experiments have been conducted and the results have shown that for
aluminium matrix composites with only 3 vol % of Al2O3 nanostructured materials, the
parts performed better in comparison to the same parts made of 10 vol % Al2O3 and 10
vol.% SiC reinforcement in the microscale [26,27].

Despite the exceptional gains in interest from these industries, the complex processes
and lack of economic efficiency have restricted the use of MMNCs. However, SLM has be-
come a viable processing technique due to its ability to fabricate near-net-shaped parts and
recycle unused powder which lowered the cost of producing MMNCs. Thus, SLM shows
rising popularity in the production of MMNCs with complex structures and properties at
a fair cost [28–31]. This has led to various studies concentrating on the exploration and
development of this process [32,33].

In this study, the properties of MMNCs fabricated under the same processing condi-
tions with 316L stainless steel combined with reinforcement materials, which consisted of
hydrophilic and hydrophobic fumed silicas from the same manufacturer, are analysed. The
investigation also evaluate the compatibility of different reinforced materials in terms of
distribution and agglomeration. Finally, conclusions were drawn on the effect of different
properties of additives (hydrophilic or hydrophobic) on the MMNCs properties, fabricated
using SLM by benchmarking them with 316L stainless steel.
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2. Materials & Methods

2.1. Preparation of Powder

The 316L stainless steel powder used in this experiment was produced by TLS Technik
Spezialpulver (Bitterfeld-Wolfen, Germany) and was spherical in shape with a particle
size distribution between 20 and 63 μm. The two kinds of fumed silica powder used were
AEROSIL® R 812 S hydrophobic fumed silica and AEROSIL® 200 hydrophilic fumed silica.
AEROSIL® 200 is a hydrophilic fumed silica with surface silanol groups; AEROSIL® R
812 S is a hydrophobic fumed silica surface modified with hexamethyldisilazane. The
same amount (0.05 wt %) of silica was added to the 316L stainless steel powder in this
experiment to determine if one produced more advantages over the other by evaluating
the characteristics of the specimens. The powders were mixed using an Inversina Tumbler
Mixer (Bioengineering, Inc., Massachusetts, MA, United States). The mixing speed was set
at 140 rpm and the duration was set at 4 h for the powder to flow and mix freely while using
three-dimensional inversion kinematics, otherwise known as the Paul Schatz principle, to
homogenize the powders. Powder flowability was measured using the ISO4490 standard
with a Hall flowmeter (MZ-102, Mayzun, Shenzhen, China), which measures the time
needed for 50 g of a sample to pass through a funnel with an aperture of 2.5 mm.

2.2. Selective Laser Melting

The SLM machine used to fabricate the specimens was an SLM 250HL (SLM Solutions
AG, Lubeck, Germany). Its build volume can reach 250 × 250 × 250 mm3 and produce
homogeneous metal components using fine metal powders. During the process of fab-
ricating the specimens, argon gas was introduced into the system to prevent specimens
from oxidising by keeping the oxygen level below 2%. During the process, a recoater was
used to lay a coat of powder across the building platform. As it moved backwards, the
recoater blade smoothed out the surface, and excess powder was collected in a container,
which would be recycled. The laser beam scanned each layer of powder directed by the
data of the stereolithography (STL) file. The building platform was lowered by the layer
thickness defined after each scan before a new coat of powder was laid by the recoater. This
cycle repeated until the final parts were fabricated. The processing parameters used for
fabricating the specimens were laser power of 400 W, scanning speed of 760 mm/s, hatch
spacing of 0.120 mm, and layer thickness of 0.05 mm. The stripes laser scanning pattern
was used.

A total of three sets of five cubic specimens, with each set for 316L stainless steel, 316L
stainless steel with AEROSIL® R 812 S, and 316L stainless steel with AEROSIL® 200, were
fabricated for testing and evaluation. Each cube had dimensions of 10 × 10 × 10 mm3 and
were fabricated to conduct density, surface roughness, microhardness tests and microstruc-
ture analysis.

2.3. Density

The Archimedes method was used to measure the density of the specimens. The
measurements were taken using a XS204 density test kit (Mettler Toledo, Columbus, OH,
USA), with 99.9% ethanol at 23.8 ◦C. Five replicates for each material were used in the
density measurement.

2.4. Surface Roughness

The surface roughness of the samples was measured using a confocal microscope
(VK-X130K, Keyence Corporation, Osaka, Japan) to find the roughness average (Ra). Five
replicates were used in the measurement with five Ra values obtained for each surface.
Each specimen’s measurement was taken straight after removal from the substrate to
evaluate the surface produced by SLM and to identify any characteristic changes due to the
different additives.
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2.5. Grinding and Polishing

After the samples were mounted, grinding and polishing were performed prior to
performing microhardness and microstructure tests. The samples were first processed on
a grinding and polishing machine (Tegramin-25, Struers, Copenhagen, Denmark) with
320 grit SiC paper for 5 min, followed by MD-Largo and DiaPro Largo 9 μm suspension for
5 min. The specimens then underwent polishing steps with MD-Dac and DiaPro Dac 3 μm
suspension for 5 min and another polish with MD-Nap and DiaPro Nap 1 μm suspension
for 3 min. Lastly, in order to achieve a mirror finish for the samples, they were polished with
Chem and OP-S 0.25 μm suspension for 1 min. All the polishing cloths and suspensions are
from Struers (Copenhagen, Denmark). All grinding and polishing steps were completed
with 150 rpm co-rotation and 25 N force pressing on the samples.

2.6. Microstructure Analysis

Microstructure analysis was carried out on the mirror polished and etched surfaces
(using etchant containing HCl and HNO3 in a ratio of 1:1). Microstructural analysis was
also performed on the powders of 316L stainless steel, 316L stainless steel with AEROSIL®

R 812 S and 316L stainless steel with AEROSIL® 200. All (5 replicates) top and side surfaces
of the cubes and fractured surfaces of the tensile test coupons were also evaluated.

2.7. Microhardness Testing

The Vickers microhardness testing was performed using an FM-300E microhardness
tester (Future-Tech Corp., Kanagawa, Japan). Five replicates were used, with 10 measure-
ments obtained from each top and side surface.

2.8. Tensile Test

Tensile test coupons were fabricated to evaluate the performance of 316L stainless
steel, 316L stainless steel with AEROSIL® R 812 S, and 316L stainless steel with AEROSIL®

200. Five test coupons following the ASTM E8/E8M standard for the tensile testing of each
material were fabricated. The dimensions of the samples followed the subsize specimen
stated in the standard, with a gauge length of 40 mm. The tensile tests were conducted
using an Instron Static Tester Series 5569 (Instron, Norwood, MA, USA) with a 50 kN load
cell and a strain rate of 1 mm/min.

3. Results and Discussion

Fumed silica products of AEROSIL® were mixed homogenously with 316L stainless
steel powders. The two additives were homogenously coated onto the 316L stainless steel
powder particles, as shown in Figure 1. The nanostructure fumed silica is shown as a white
spot that spread evenly on 316L stainless steel particles, indicated by the white arrows.

Figure 1. Scanning electron microscopy of (a) 316L stainless steel, (b) 316L stainless steel with
0.05 wt % AEROSIL® R 812 S, and (c) 316L stainless steel with 0.05 wt % AEROSIL® 200 powder at
1000× magnification.

In Figure 2, the addition of 0.05 wt % AEROSIL® 200 or AEROSIL® R 812 S had a slight
effect on the flowability of the powders. This is attributed to the fact that the 316L stainless
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steel powder particles were already spherical, hence possessed adequate flowability. The
total flow time taken for a 50 g sample was used as a gauge for flowability using a Hall
flowmeter. There was little improvement in the metal powder’s flow, with a total flow
time of 16.8 s for 316L stainless steel powder compared to 17.2 s with the addition of
0.05 wt % AEROSIL® 200. However, a reduction to a flow time of 14.8 s with the addition
of 0.05 wt % AEROSIL® R 812 S was observed, corresponding to a 12% improvement. The
hydrophobic modification of the silica surface in AEROSIL® R 812 S fumed silica particles
reduced cohesive forces between the powder particles, enabling the silica particles to serve
as spacers to improve powder flow.

Figure 2. Flowability of 316L stainless steel, 316L stainless steel with 0.05 wt % AEROSIL® 200, and
316L stainless steel with 0.05 wt % AEROSIL® R 812 S powders.

The density of the SLM fabricated samples is shown in Table 1. With a small amount
of additives added, there was an insignificant change in the densities in terms of average
density, which was expected. The small amount of additives was not effective in modifying
the thermal properties of the powder. However, AEROSIL® 200 significantly lowered the
density’s standard deviation, which may be attributed to more stable melt flows during
SLM. A higher stability is desirable in terms of fabrication. Smaller deviations in density
refer to the ability to produce consistent parts, which can eventually reduce quality control
issued and downtime.

Table 1. Density of SLM specimens.

Sample SS316L AEROSIL® R 812 S AEROSIL® 200

Density (g/cm3) 7.722 ± 0.012 7.718 ± 0.011 7.718 ± 0.005

In this experiment, marginal improvement in the surface roughness was observed
in the specimens mixed with AEROSIL® R 812 S in terms of average value and smaller
standard deviation compared to that of 316L stainless steel. The average value and standard
deviation taken from the samples mixed with AEROSIL® 200 showed a slightly rough
texture, as shown in Table 2. The surface roughness of the samples could have been due to
the partially melted particles adhering to the specimens.
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Table 2. Surface roughness of SLM specimens.

Sample SS316L
SS316L with AEROSIL®

R 812 S
SS316L with AEROSIL®

200

Surface Top Side Top Side Top Side

Ra (μm) 15.6 ± 1.5 16.6 ± 1.4 14.0 ± 1.7 13.8 ± 0.7 17.6 ± 7.0 15 ± 1.5

Microhardness tests were performed to investigate the surface hardness of the pro-
duced samples. The results shown in Figure 3 show improvement in the microhardness
of specimens with the addition of 0.05 wt % AEROSIL® 200 and 0.05 wt % AEROSIL® R
812 S. This shows that there was a significant improvement in the microhardness of the
parts manufactured with silica additives. The microhardness of the 316L stainless steel,
316L stainless steel with AEROSIL® 200, and 316L stainless steel with AEROSIL® R 812
S are 177, 247, and 242 HV, respectively. As such, 40% and 37% improvements due to the
silica additives AEROSIL® 200 and AEROSIL® R 812 S were achieved, respectively. Such
improvements present an opportunity for enhancing the wear and durability of functional
parts. The low standard deviation showed that the hardness of the specimen was relatively
consistent throughout the surface, which is desirable. These consistent hardness values
lead to accurate material selection, which might have otherwise resulted in premature
mechanical failure.

Figure 3. Microhardness of SS316L, SS316L with 0.05 wt % AEROSIL® 200, and SS316L with 0.05 wt %
AEROSIL® R 812 S.

A comparison of the tensile properties of 316L stainless steel and 316L stainless steel
with AEROSIL® R 812 S and AEROSIL® 200 is shown in Figure 4 and Table 3. The specimens
with AEROSIL® R 812 S additives had properties that were comparable to those of 316L
stainless steel, while specimens with AEROSIL® 200 showed poorer performance compared
to those with AEROSIL® R 812 S additives, but they still performed better than the 316L
stainless steel samples. The test results demonstrated that the MMNCs produced have
better tensile properties than 316L stainless steel.
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Figure 4. Tensile properties of 316L stainless steel, 316L stainless steel with 0.05 wt % hydrophobic
AEROSIL® R 812 S, and 316L stainless steel with 0.05 wt % hydrophilic AEROSIL® 200.

Table 3. Young’s modulus, ultimate tensile strength, yield strength, and elongation of SLM-built samples.

Specimen SS316L
SS316L with

AEROSIL® R 812 S
SS316L with

AEROSIL® 200

Young’s modulus (GPa) 147.91 ± 5.67 143.14 ± 8.71 81.84 ± 6.25

Ultimate tensile
strength (MPa) 491.76 ± 11.05 494.78 ±16.54 485.05 ± 14.56

Yield strength (MPa) 363.4 ± 8.22 358.9 ± 12.63 283.7 ± 10.29

Elongation (%) 38.14 ± 3.86 35.18 ± 5.23 37.47 ± 2.71

As stated in Table 3, 316L stainless steel with AEROSIL® R 812 S had better ultimate
tensile strength at 495 MPa than 316L stainless steel with AEROSIL® 200 at 485 MPa and
316L stainless steel at 492 MPa, while maintaining a satisfactory Young’s modulus, yield
strength, and elongation. However, SS316L with AEROSIL® 200 suffered from a reduction
in Young’s modulus to 82 GPa and a yield strength of 284 MPa compared to the control of
SS316L at 148 GPa and 363 MPa, which are reductions of 44% and 22%, respectively. This
phenomenon is explained later using Figure 5.

 
Figure 5. Scanning electron micrograph of (a) 316L stainless steel, (b) 316L stainless steel with
0.05 wt % AEROSIL® R 812 S, and (c) 316L stainless steel with 0.05 wt % AEROSIL® 200 after etching
in 2000× magnification.
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The differences in tensile properties between the samples can be explained by the
differences in their microstructure. Samples with columnar grains have lower strength but
higher plasticity, while those with equiaxed grains have higher strength and lower plasticity.
A mix of equiaxed grains and columnar grains and, to an extent, an even distribution of
the two grain types, would provide the optimal balance of strength and plasticity [34].
Specimens of 316L stainless steel with AEROSIL® 200 had a more distinct segregation of
equiaxed grains and columnar grains compared to pure 316L stainless steel specimens,
as shown in Figure 5. The distinct segregation could be a reason for the reduction in the
mechanical properties of the specimens of 316L stainless steel with AEROSIL® 200.

Another significant difference worth mentioning is the grain size observed in Figure 6.
Based on image measurements, the 316L stainless steel specimens contained five grains
within 5 μm, while both 316L stainless steel with AEROSIL® R 812 S and 316L stainless
steel with AEROSIL® 200 specimens showed eight grains in 5 μm. This implies that the
additives resulted in smaller grains, which likely led to the improvements in microhardness
observed in Figure 2. The increase in their mechanical properties is due to the reduction
in grain size, which potentially leads to improved microhardness of the specimens when
accompanied by ideal grain segregations [34].

 

Figure 6. Scanning electron micrograph of (a) 316L stainless steel, (b) 316L stainless steel with
0.05 wt % AEROSIL® R 812 S, and (c) 316L stainless steel with 0.05 wt % AEROSIL® 200 after etching
in 5000× magnification.

4. Conclusions

In this investigation, adding fumed silica to 316L stainless steel showed the potential
to improve the mechanical properties of parts fabricated by SLM. This was achieved by
using additives to manipulate the microstructure of the MMNCs, which resulted in grain
refinement and distinct segregation between the equiaxed and columnar grain structures.
The 316L stainless steel with hydrophobic AEROSIL® R 812 S fumed silica specimens had
lower surface roughness and improved microhardness. Furthermore, the 316L stainless
steel with AEROSIL® R 812 S specimens achieved tensile properties comparable to those
of 316L stainless steel. This shows that the mechanical properties of the material can
be improved with the introduction of fumed silica as nanostructured reinforcements in
MMNCs. However, the 316L stainless steel with hydrophilic AEROSIL® 200 fumed silica
specimens performed poorly compared to 316L stainless steel in several aspects and, thus,
may not be a suitable additive for MMNCs produced by SLM. Future work can consider
adding different weightages of fumed silica to investigate and understand the relationship
with regard to the changes in material characteristics.
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Abstract: In porous titanium scaffolds manufactured via 3D printing, the differences in bone forma-
tion according to pore design and implantation period were studied. Titanium scaffolds with three
types of different pore structures (Octadense, Gyroid, and Dode) were fabricated via 3D printing
using the selective laser melting method. Mechanical properties of scaffolds were investigated. Pre-
pared specimens were inserted into both femurs of nine rabbits and their clinical characteristics were
observed. Three animals were sacrificed at the 2nd, 4th, and 6th weeks, and the differences in bone
formation were radiologically and histologically analyzed. The percentage of new bone and surface
density in the pore structure were observed to be approximately 25% and 8 mm2/mm3, respectively.
There was no difference in the amount of newly formed bone according to the pore design at 2, 4,
and 6 weeks. In addition, no differences in the amount of newly formed bone were observed with
increasing time within the same pore design for all three designs. During the 6-week observation
period, the proportion of new bones in the 3D-printed titanium scaffold was approximately 25%.
Differences in bone formation according to the pore design or implantation period were not observed.

Keywords: titanium scaffolds; 3D printing; pore design; selective laser melting

1. Introduction

Titanium has been successfully applied to humans in various fields currently. Titanium
is widely used in various implantable medical devices such as dental implants, bone
fixators, artificial joints, vascular stents, and shielding membranes [1]. Because titanium
is not resorbed like polymers or some ceramics, the application of titanium as a scaffold
for bone growth is still not extensive compared to that of ceramic materials [2]. However,
titanium, which has higher tensile and compressive strength than ceramic and similar
elastic modulus to human bone, is recognized for its high clinical value as bone grafting
material [3].

The porous structures of titanium are considered to be effective for eliminating elastic
modulus mismatches with human bone [4]. Additionally, the porous structure provides
space for bone formation and regrowth [5]. However, accurately controlling the pore size,
porosity, shape, and connectivity of the porous structures of titanium scaffolds manufac-
tured by conventional casting or milling methods is difficult [6]. To overcome this problem,
various manufacturing methods such as sintering of metal fibers, plasma spraying, anodic
dissolution, or powder metallurgy have been introduced; however, constructing a homoge-
nous porous structure is still difficult [7]. In addition, fabricating a small-sized scaffold
with a microstructure using a conventional manufacturing method was impossible [8].
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However, 3D printing, which has been actively researched and used in recent years, has
made it possible to overcome such manufacturing imperfections. Based on a fast, uniform,
and simple process through 3D printing, producing a metallic scaffold with a homogeneous
porous structure has become possible [9].

It has been reported that the porosity of the ideal scaffold for bone regeneration is
more than 66% [10]. Moreover, the pore shape of a scaffold affects bone formation through
cell growth. Bidan et al. demonstrated that the optimization of the pore shape can increase
the growth rate of the bone tissue in a porous scaffold, and the cells grow faster in square
pores [11]. The results of Urda et al. indicate that the straight and low convexities in the
pore structure are the least favorable for cell growth [12]. Van Bael et al. studied the pore
shape and curvature, and the results showed that an obtuse angle between the pores was
more prone to cause blockage of cell growth than an acute angle [13]. However, these
studies were conducted at an in vitro level, and the results of in vivo experiments on the
effect of pore structure and bone formation were inconsistent [14,15].

In this study, under the premise that the specimens have the same porosity, titanium
alloy scaffolds with microstructures of three different shaped pore designs were fabricated
using 3D printing. In addition, we analyzed whether there was a difference in bone
formation according to pore design or implantation period in titanium scaffolds in vivo
using rabbit animal model.

2. Materials and Methods

2.1. Selection of the Pore Design

Among the various mesh designs provided by the Magics 21.0 program (Materialise
NV, Leuven, Belgium), 5 designs with a pore size of 1 mm were selected—Diamond, Cubic,
Dode, Octadens, Gyroid. Before specimen production for the experiment, non-destructive
analysis was performed using micro-computed tomography (μCT) (Quantum FX micro-CT,
Perkin Elmer Inc., Hopkinton, MA, USA) to analyze the structure of the lattice shape.
After obtaining μCT images of each pore design sample, 3D images were rendered with
NRecon program (Bruker-CT, Kontich, Belgium). BoneJ tap of ImageJ software (NIH and
LOCI, University of Wisconsin, Madison, WI, USA) for bone micro-architecture analysis
was used for stereology analysis of the output design. After cropping a certain area
(TV, 125 mm3) from the entire μCT image, scaffold volume ratio was calculated on the
program. It was observed that the Dode (0.708%), Octadens (0.828%), and Gyroid (0.775%)
designs had relatively higher densities than the Diamond (0.455%) and Cubic (0.447%)
designs. Therefore, it was decided to manufacture Dode, Octadens, and Gyroid designs for
experimental specimens.

2.2. Manufacture of 3D-Printed Titanium Specimens

A 3D printing method was adopted with the selective laser melting (SLM) (Cusmedi©,
Sungnam, Korea) fabrication method. All manufacturing processes were managed in
accordance with the Good Manufacturing Practice standards of the Korean Ministry of
Food and Drug Safety. The raw material for printing was Ti-6Al-4 V-ELI powder (Arcam
A2, Arcam, Moindal, Sweden) suitable for the ASTM F3001-14 (Standard specification for
additive manufacturing Ti-6Al-4 V-ELI with powder bed fusion). The composition of the
powder was mainly titanium, which contained trace elements such as 5.94% aluminum,
4.14% vanadium, 0.008% carbon, 0.049% iron, 0.010% yttrium, 0.10% oxygen, 0.010%
nitrogen, and less than 0.002% zinc and hydrogen (in wt.%). The manufacturing process
based on the SLM system was as follows: Thin layers of atomized fine titanium powder
were evenly distributed onto a substrate plate via selective laser melting using a coating
mechanism. This process occurred inside a chamber with a strictly controlled atmosphere
of inert nitrogen and argon. Once each layer had been stacked, each 2D slice of the part
geometry was fused by melting the powder selectively. The laser energy was sufficiently
intense to permit complete welding of the particles to form a solid and hard metal. This
process was accomplished by a high-powered laser beam, which is usually composed an
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ytterbium fiber. The process was repeated layer-by-layer until the manufacturing process
was complete (Figure 1). The standard of the manufactured product was the ASTM F136
(Grade 23, Standard specification for Ti-6Al-4 V-ELI alloy). Through the manufacturing
process, cylinder-shaped specimens with four different pore designs were prepared: Solid
(sham, no pore), Octadense, Gyroid, and Dode. All specimens have isotropy in which the
same shape is repeated in the X, Y, and Z planes, and these structures also have similar
mechanical strength along the X, Y, and Z axes. The specimens were 7 mm in height and
3 mm in diameter (Figure 2). Except for the solid, the specimens of the other designs were
manufactured with the same porosity of 75%. The pore size of Octedens, Gyroid, and
Dode design were 1.07, 0.30, and 0.76 mm, respectively. The strut thickness of Octedens,
Gyroid, and Dode design were 0.12, 0.14, and 0.30 mm, respectively. The strut spacing
of all specimens except solid was 0.8 mm, and the printing error was set within 0.05 mm.
Surface roughness was less than 15um, and Vickers hardness was more than 310 VHN.

Figure 1. Selective laser melting type 3D-printing process of highly porous titanium specimens.

Figure 2. Stereolithographic image of four different pore designs. (a) Entire shape (Solid (sham),
Octadens, Gyroid, and Dode). (b) Image of the unit cell (Octadens, Gyroid, and Dode) (A: pore size,
B: strut thickness).
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2.3. Animal Experiments

These animal experiments were approved by the Animal Laboratory Ethics Committee
based on the law on laboratory animals (Approval No: CRONEX-IACUC 201908-001).

Nine twenty-week-old New Zealand white rabbits (weight: 3.6–3.8 kg) were used
herein. After one week of acclimatization, general anesthesia using a combination of zo-
lazepam and tiletamine (Zoletil®, 50 mg/kg, Virbac Korea, Seoul, Korea) and xylazine HCl
(Rompun®, 10 mg/kg, Bayer Korea, Seoul, Korea) was administered intramuscularly. On
one side of the shaved femur, a disinfection agent with betadine was applied. Subsequently,
lidocaine with 1:100,000 epinephrine was administered subcutaneously for hemostatic
purpose, and an incision of approximately 4 cm was made longitudinally on the inner thigh.
Complete bony exposure of the medial aspect of the femur was performed through careful
dissection between the rectus femoris and vastus medialis muscles. Four cuts at a width of
3 mm were made using drills for the installation of specimens. The gap between the cuts
was 7 mm. The prepared specimens were individually inserted into each cut (Figure 3). To
minimize the effect of the installation location, each different pore-designed specimen was
inserted into a random location. After inserting the specimens, layer-to-layer suturing was
performed using 4-0 Vicryl® and 5-0 Ethylon® (Johnson & Johnson, New Brunswick, NJ,
USA). The same surgical procedure was performed on the opposite leg.

Figure 3. (a–d) Cylinder-shaped highly porous 3D-printed titanium specimens with four different
pore designs (Octadens, Gyroid, Dode, and Solid (sham)). (e) Application and insertion of 3D-printed
titanium specimens onto the rabbit medial femur.
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For pain relief and prevention of infection, prednisolone (0.5 IM, IM, Yuhan, Seoul,
Korea) and cephalexin (5 mg/kg, IM, Yuhan, Seoul, Korea) were postoperatively injected
for two days. The animals were monitored weekly for infection, inflammation, wound
dehiscence, delayed healing, and general health until they were euthanized. Out of a
total of nine rabbits, three were euthanized at the 2nd, 4th, and 6th weeks. After being
anesthetized using a zolazepam, tiletamine, and xylazine HCl, the animals were euthanized
by administering potassium chloride to the marginal ear vein. After euthanasia process, the
surgical site of the femur was dissected supra-periosteally, and the long bone and adjacent
soft tissue of the femur were harvested.

2.4. Micro-CT Imaging and Volumetric Analysis

The extracted femurs were moved and fixed in a μCT machine (SkyScan1174®, Ver.
1.7; Bruker CT, Kontich, Belgium). Subsequently, μCT imaging was taken. The imaging
settings were as follows—tube voltage of 130 kVp, tube current of 60 μA, aluminum filter
of 1 mm, exposure time of 500 ms, and rotation angle of 0.3◦. The pixel size of image
was 13.86 μm. The number of pixels of each image cut was 2240 × 2240. Under these
circumstances, a total of 800 high-resolution image cuts were obtained. NRecon (Ver 1.7.0.5,
Bruker-CT, Kontich, Belgium) was used for reconfiguration of cross-sectional image cuts,
and Dataviewer (Ver. 1.5.1.3, Bruker-CT, Kontich, Belgium) were used for the construction
of 3D images. The volume of newly formed bone inside the pore of the specimen was
calculated using the difference at the grayscale level. The formula for calculating the new
bone volume is as follows:

(Percentage of) New bone volume (%) = (Percentage of) Total bone volume − (Percentage of) Grafted specimen volume

The surface density of newly formed bone inside the pores of the specimen was
calculated in the same manner. The formula for calculating the surface density of a new
bone is as follows:

Surface density of new bone (mm2/mm3) = segmented bone surface/total new bone volume of the region of interest.

2.5. Histological Findings

Tissue slides were prepared using a non-decalcified sample preparation method. The
harvested long bone and adjacent soft tissue of the femur were fixed with 10% formalin
solution. After soaking of the specimens in formalin solution for one week, they were
rinsed meticulously with massive water for 12 h. The specimens were dehydrated using
increasing concentrations of 70%, 90%, and 100% ethanol. Then, the tissue samples were
infiltrated with resin solution (Technovit 7200 resin, Heraeus KULZER, Hanau, Germany)
with increasing resin ratios. After penetration by vacuuming the resin solution for two
days, curing of the resin was performed using a UV Embedding system (KULZER EXAKT
520®, Heraeus KULZER, Hanau, Germany), and cut of the center of the resin block was
done using a diamond cutter to produce a cross-section of the embedded tissue until 40 μm
thickness. Sectioned thin tissue was stained using hematoxylin and eosin (H&E), and tissue
slides were produced. The images of tissue slides were scanned using an optical microscope
(OLYMPUS BX®, Olympus Optical CO. Tokyo, Japan) equipped with a complementary
metal–oxide–semiconductor sensored camera. Subsequently, the histological images were
observed.

2.6. Statistical Interpretation

The Kruskal–Wallis test was used to analyze the differences in the percent volume and
the surface density of new bone among the three different pored groups simultaneously.
Moreover, the Kruskal–Wallis test was used to compare the percent volume and the
surface density of new bone at 2, 4, and 6 weeks within the group. Statistical analysis was
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performed using SPSS 22 program (IBM SPSS Inc., Chicago, IL, USA). Statistical significance
was designated at p < 0.05.

3. Results

3.1. Clinical Findings in the Animal Experiment

During the observational period, the animals did not show any life-threatening clinical
signs. In addition, abnormal symptoms such as wound dehiscence, infection, or inflamma-
tion were not observed at the operated sites. Significant gait impairment was not observed
during the observational period.

3.2. Radiological Findings

In all specimens of all groups, an uneven increase in radio-opacity in the pores was
observed. This increase in opacity was lower than that of the cortical bone and higher
than that of the marrow portion. There were no visual radiographic differences according
to the time of sacrifice. No bony resorption pattern was observed around the specimens
(Figure 4).

Figure 4. Micro-computed tomography findings of the titanium specimens with four different pore
designs. (a) Longitudinal directional images (Dode, Gyroid, Octadens, and Solid (sham)). (b) Axial
images (Dode, Gyroid, Octadens, and solid (sham)).

3.3. Histological Findings

Histological findings obtained using H&E staining showed that inflammatory reac-
tions associated with titanium specimens did not occur in any of the groups. Necrosis,
infiltration of immune cells, and granuloma formation were not observed. Over time,
more bony growth and maturation appeared in the pores. An interesting observation is
that the compact bony tissue was penetrated into the pores adjacent to the cortical layer
and spongious bony tissue was penetrated into the pores adjacent to the marrow layer
(Figure 5).
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Figure 5. Histological images of the titanium specimens with four different pore designs. (a) Octadens
pore design. (b) Gyroid pore design. (c) Solid. (d) Dode pore design (H&E staining, X1.0).

3.4. Statistical Interpretation of Bone Conduction Capacity

Based on the difference in grayscale level, the percentage of new bone in the pore
structure was observed to be approximately 25% (Table 1). There was no difference in the
amount of newly formed bone according to pore design at 2, 4, and 6 weeks (p > 0.05). In
addition, no difference in the amount of new bone formation was observed with increasing
time within the same pore design for all three designs (p > 0.05).

Table 1. New bone volume (%) of 3D-printed porous titanium with variable pore design.

Octadense Gyroid Dode p-Value

2 weeks 24.888 ± 0.872 25.069 ± 1.259 24.990 ± 2.715 0.957
4 weeks 27.874 ± 2.184 25.171 ± 1.656 26.527 ± 2.311 0.491
6 weeks 26.835 ± 2.078 27.591 ± 1.719 27.433 ± 4.143 0.733

p-value 0.252 0.193 0.670

The surface density of the new bone in the pore structure was observed to be ap-
proximately 8 mm2/mm3 (Table 2). There was no difference in the surface density of new
bone according to pore design at 2, 4, and 6 weeks (p > 0.05). In addition, no difference in
the surface density of new bone was observed with increasing time within the same pore
design for all three designs (p > 0.05).

Table 2. Surface density of new bone (mm2/mm3) of 3D-printed porous titanium with variable pore
design.

Octadense Gyroid Dode p-Value

2 weeks 8.073 ± 0.170 8.100 ± 0.055 8.278 ± 0.205 0.393
4 weeks 8.117 ± 0.399 7.727 ± 0.081 8.263 ± 0.127 0.099
6 weeks 7.765 ± 0.181 7.746 ± 0.341 7.989 ± 0.084 0.587

p-value 0.193 0.301 0.113
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4. Discussion

As mentioned in the introduction, when titanium is applied as a porous structure,
a space for bone formation and regrowth can be provided [5]. In addition, the porous
structure lowers the weight of the substitute, lowers the stiffness to avoid stress shielding,
has an elastic modulus similar to bone, and allows nutrient and oxygen exchange to occur
along the connected pores [3,4,16].

However, until the introduction and development of 3D printers, imparting porosity
to titanium has undergone many trials and errors. Casting and milling methods, which
were the simplest manufacturing processes in the early days, are unsuitable for making
homogeneous and fine pores in the internal structure of titanium [6]. To overcome such
process limitations, various methods for manufacturing porous titanium have been studied,
including hot isostatic pressing [17], metal injection molding [18], spark plasma sinter-
ing [19], space holder technique [20], plasma spraying [21], anodic dissolution [22] and
powder metallurgy [23]. However, some techniques can produce only cavities and not
interconnected pores. In addition, constructing a small and homogeneous pore structure
using the above-mentioned methods was difficult.

3D printing, which is a revolutionary manufacturing method, has made it possible to
overcome existing manufacturing imperfections. Unlike early printing methods, where
only plastic materials were used, metal materials can now be processed through electron
beam melting or SLM methods. In this study, the specimens were processed using SLM.
The best advantages of constructing a bone substitute with titanium material having
a porous structure using 3D printing are homogeneity and microstructure. An open
and interconnected porous structure is typically needed for bone conduction with pore
sizes ranging from 200 to 500 μm [24,25] and porosity ranging from 60% to 90% [26]. In
addition, pore sizes larger than 300 μm could promote the formation of new bone and
capillaries [27,28]. SLM allows for the production of bone implants made of metals such as,
titanium and titanium-based alloys with a strut size as small as 200 μm [27]. Until now,
residual powder, the so-called balling phenomenon, is a problem in the manufacturing of
metal additives that causes adhering of particles in the 3D printing process. In other study,
it has been reported that the use of hydrofluoric acid could overcome this problem [29].

The titanium specimens used herein were not subjected to special surface treatments.
In fact, the current, widely used sandblasted or acid-etched techniques are known to
increase the biocompatibility of titanium by maximizing the surface roughness of com-
mercially pure titanium or titanium alloys [30]. Despite the advantages of such surface
treatments, we did not perform it in consideration of the simplicity of the manufacturing
process, and as excessive surface treatment may cause deformation of the set pore design.
We envisioned that all used surfaces were treated the same to avoid additional effects of
the surface treatment. Actually, according to one study, SLM-fabricated structures with
native, sandblasted, acid-etched, polished, or vibratory grinded surfaces show identical
cyto-compatibility with osteoblast compared with conventional titanium surfaces [27].

In this study, statistical differences in bone formation according to pore design were
not identified. Regardless of the pore design, the percentage of new bone and surface
density in the pore structure were observed in approximately 25% and 8 mm2/mm3,
respectively, over 6 weeks. Research on titanium pore design has been actively conducted,
even before the introduction of 3D printing. Under in vitro examination, there was a
study that demonstrated better bone formation in square-shaped pores [11], and another
study showed that tissue amplification was superior in hexagonal-shaped pores [31]. One
study indicated that a larger pore throat size, which affects the interconnection, is more
advantageous for bone ingrowth [32], and another study indicated that the straight edges
and convexities in the pore design are the least favorable for cell growth [12].

The results were also inconsistent in a comparative study on the pore design of
porous titanium made with 3D printing that can be searched in the current medline
database. Deng et al. studied porous titanium manufactured by the SLM method with
four pore designs (diamond, triangular, circular, cubic) having a size of 650 μm and
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a porosity of 65%. In a specimen of diamond pore shape, more bone formation was
observed in animal experiments, and slower flow rates were observed with computational
fluid dynamics, which would help blood vessel growth [33]. In addition, Zhao et al.
compared the octahedral and tetrahedron structures of porous titanium fabricated by the
SLM method and demonstrated that cell proliferation was better in the octahedral unit
with immunofluorescence [34]. Van Bael et al. studied the pore shape and curvature, and
their results showed that an obtuse angle between the pores was more prone to cause cell
blockage than an acute angle [13].

Although statistical significance was not observed herein, several peculiarities were
discovered. Histologically, ingrowth of the compact bone was observed in the specimen
area close to the cortical layer, and ingrowth of the spongeous bone was observed in the
specimen area close to the marrow layer. In addition, no difference in bone formation
according to the implantation period was observed radiographically, suggesting that the
maturation and calcification of bone tissue proceeded slowly before 6 weeks.

In this study, experiments related to cell affinity such as cell adhesion were not
performed. Because except the pore design, the material and surface treatment were the
same between the specimens, it was thought that there would be no significant difference
in cell affinity. Even considering the existing literature, there is no disagreement about the
high cell affinity of 3D-printed porous titanium. At 1 to 2 weeks after cell culture, more
cell binding, filopodia, and lamellipodia were observed comparing to initial time [35]. In
addition, it is reported that there was no significant difference in this tendency even when
the specimen pore size was changed [25].

In addition to cell affinity, trabecular anisotropy may be considered in order for future
porous specimens to adapt to loading conditions. As there are studies on bone mechanical
integrity according to the open site of the pore [36,37], trabecular anisotropy according
to the pore design should be investigated in the future. Besides that, the lack of sample
size, short-term observation period, and non-loading environment are limitations of this
study. Moreover, due to the absence of a device capable of superimposing the STL file
used in the scaffold design and the CT data of the actually manufactured specimen, the
printing accuracy could not be measured in this study. Studies addressing these aspects in
the future would lead to more reliable results with regard to the effect of pore design on
bone formation, which could not be observed herein.

5. Conclusions

High-porosity 3D printed titanium scaffolds that were constructed using the SLM
method have high biocompatibility and bone conductivity in vivo. During the 6-week
observation period, the proportion of new bones in the 3D-printed titanium scaffold
was approximately 25%. However, radiologically and histologically, differences in bone
formation according to the three types of pore design or implantation period were not
observed.
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Abstract: Laser powder bed fusion (LPBF) is a powder-bed-based metal additive manufacturing
process with multiple influencing parameters as well as multi-physics interaction. The laser scan-
ning speed, which is one of the essential process parameters of the LPBF process, determines the
microstructure and properties of the components by adjusting the instantaneous energy input of the
molten pool. This work presents a comprehensive investigation of the effects of the laser scanning
speed on the densification behavior, phase evolution, microstructure development, microhardness,
and tensile properties of K418 alloy prepared by laser powder bed fusion. When the scanning
speed is 800 mm/s, the microstructure of the material is dominated by cellular dendrite crystals,
with coarse grains and some cracks in the melting tracks. When the scanning speed is increased to
1200 mm/s, a portion of the material undergoes a cellular dendrite–columnar crystal transition, the
preferred orientation of the grains is primarily (001), and internal defects are significantly reduced.
When the scanning speed is further increased to 1600 mm/s, columnar crystals become the main
constituent grains, and the content of high-angle grain boundaries (HAGBs) within the microstruc-
ture increases, refining the grain size. However, the scanning speed is too fast, resulting in defects
such as unmelted powder, and lowering the relative density. The experimental results show that by
optimizing the laser scanning speed, the microhardness of the LPBF-ed K418 parts can be improved
to 362.89 ± 5.01 HV, the tensile strength can be elevated to 1244.35 ± 99.12 MPa, and the elongation
can be enhanced to 12.53 ± 1.79%. These findings could help determine the best scanning speed
for producing K418 components with satisfactory microstructure and tensile properties via LPBF.
In addition, since the LPBF process is largely not constrained and limited by the complexity of the
geometric shape of the part, it is expected to manufacture sophisticated and complex structures with
hollow, porous, mesh, thin-walled, special-shaped inner flow channels and other structures through
the topology optimization design. However, due to the relatively narrow LPBF process window,
this study will benefit from LPBF in producing a lightweight, complex, and low-cost K418 product,
greatly improving its performance, and promoting the use of LPBF technology in the preparation of
nickel-based superalloys.

Keywords: laser powder bed fusion; K418 alloy; orientation; phase; microhardness

1. Introduction

Due to its considerable creep strength, thermal and cold fatigue resistance, and oxida-
tion resistance, K418 alloy is commonly used to produce hot precision parts operating below
900 ◦C, such as turbine working blades, guide vanes, guides, and whole-cast turbines [1–3].
Extensive research has been conducted to date on the influence of casting [4], forging [5],
and injection molding [6] on the microstructure and mechanical properties of the K418 alloy.
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The literature has primarily concentrated on K418 alloys processed conventionally. With the
increasing demand for precision components with complex structures in manufacturing,
novel process techniques including laser powder bed fusion (LPBF) become worthwhile to
investigate [7].

LPBF technology is a major technological approach in metallic additive manufacturing,
distinguished by simple processing, the absence of tooling, high forming accuracy, short
fabrication cycle, etc. It can efficiently produce parts with complex structures, and has found
widespread application in the aerospace, medical, energy, and other industrial fields [8–10].
The metal melts and solidifies rapidly when LPBF-molding metal parts under the scanning
of a high-energy laser beam, and the transition of the powder from solid to liquid and
liquid to solid is extremely fast and difficult to control—especially the cooling rate of the
melt pool, which can reach 108 K/s [11–13]. Therefore, the uniqueness of the process of
LPBF technology makes the durability of the material far superior to that of conventional
materials. For example, Li et al. [14] studied the influence of laser scanning speed on the
microstructure, phase evolution, and nanohardness of LPBF-ed Ti-45Al-2Cr-5Nb. As the
scanning speed increased slightly from 500 to 800 mm/s, the nanohardness of LPBF-ed
TiAl alloys was much higher than that of cast parts.

However, the parameters of the LPBF process have a complicated pattern of effects
on the qualities of the formed parts, and many defects can occur with improper forming
processes [15–18]. Jiang et al. [15] used LPBF to evaluate the effect of energy density on
the microstructural evolution and properties of new stainless steels. The findings revealed
that high scanning speeds not only caused the appearance of unmelted powder on the
surface of the samples, but also increased their porosity. As a result, choosing appropriate
and suitable process parameters can improve the mechanical properties. Wang et al. [19]
observed the effects of scanning speed on the melt pool morphology, grain changes, and
tensile properties of IN718 alloy produced by LPBF. The findings revealed that as the
scanning speed increased, the melt pool’s depth-to-width ratio increased, the microstructure
transformed from cellular to columnar crystals, and the tensile strength and elongation
potentially exceeded 1014 ± 19 MPa and 19.04 ± 1.12%, respectively, at a laser scanning
speed of 1300 mm/s.

As can be seen from the preceding literature, the scanning speed, as a critical pro-
cess parameter in LPBF technology, has a significant impact on the microstructure and
mechanical properties of LPBF-ed materials. In this work, K418 alloy was prepared via the
LPBF technique, and the effects of scanning speed on the densification, phase composition,
microstructural evolution, and mechanical behavior of LPBF specimens were thoroughly
discussed. The purpose of this research is to provide more references for the additive
manufacturing of nickel-based alloys.

2. Experimental Procedure

The K418 powder used in this work was purchased from Beijing AVIC Mighty Com-
pany. The chemical composition of the K418 powder was as follows (wt.%): 12.93 Cr,
5.96 Al, 4.26 Mo, 2.1 Nb, 0.82 Ti, 0.14 Fe, 0.13 C, and the remainder Ni. The powder had
an essentially spherical morphology, with a size range of 15 to 53 μm. A stainless steel
substrate with good wettability was chosen as the substrate material. The rated power
of the single-mode CW fiber laser was 200 W, the laser spot diameter was approximately
60 μm, and the maximum forming size was 120 mm × 120 mm × 150 mm. Argon was
employed as a protective gas to prevent the raw material from oxidizing during LPBF.
This research focuses on a single variable—scanning speed; the LPBF setup parameters
were determined after several trials to be laser power of 200 W, laser scanning speed of
800~1400 mm/s, layer thickness of 0.03 mm, and hatch spacing of 0.07 mm, as shown in
Table 1. The scanning strategy used was a rotational scanning strategy, implying a rotation
angle of 67◦ between the nth and n + 1st layers.
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Table 1. Laser powder bed fusion process parameters.

Process
Parameters

Laser Power
(W)

Scanning Speed
(mm/s)

Layer Thickness
(mm)

Hatch Spacing
(mm)

Value 200 800, 1000, 1200,
1400, 1600 0.03 0.07

After fabrication, all LPBF-ed K418 samples were ground and polished, and the relative
density of the samples was first determined using an automatic densitometer founded on
Archimedes’ principle, and observed for surface defects using an optical microscope (Axio
Vert. A1, Jena, Germany). The phase composition of the samples was characterized using
an X-ray diffractometer (XRD-6000, Shimadzu Instrument, Kyoto, Japan) with a 20–100◦
diffraction angle and a scan rate of 10◦/min. Following that, the samples were etched for
1 min in aqua regia (HCI:HNO3) = 3:1 using the standard metallographic procedure, and the
microstructure of the specimens was observed using a scanning electron microscope. The
grain orientation, grain boundary distribution, and grain size of the selected typical samples
were analyzed using an electron backscatter diffractometer. Finally, the microhardness of
the specimens’ surfaces was characterized using a microhardness tester (HXD-1000TMC,
Shanghai, China), with a load of 200 g and a holding time of 10 s. Measurements were
made on the surface of each specimen at 0.05 mm intervals, with 15 measurement points,
and their average values were calculated. The tensile properties of the LPBF samples were
tested using a tensile testing machine at a stretching rate of 0.5 mm/min, in accordance
with ASTM D638 GB/T 228-2010. To ensure data accuracy, three samples were tested for
each parameter. After the tensile experiments, scanning electron microscopy was used to
characterize the tensile fracture morphology.

3. Results and Discussion

3.1. Densification Behavior

Figure 1 shows the densities of the LPBF samples of K418 alloy at various scanning
speeds, as well as the corresponding metallographic images. It can be seen that the
relative density of the LPBF-ed K418 specimens increased slowly at first, and then rapidly
as the laser scanning speed increased. When the laser scanning speed was reduced to
800–1000 mm/s, the densities were approximately 97.6%, and the corresponding optical
photographs show that there were tiny pores and cracks on the surfaces of the samples.
At a laser scanning speed of 1200 mm/s, the densities reached 97.76%, and the optical
photographs revealed the best surface morphology of the samples. As the scanning speed
increased to 1400–1600 mm/s, the surface of the samples became more porous and less
well-formed, and the densities decreased rapidly. As a result, when the scanning speed
was too slow, the laser beam stayed in the molten pool for an extended period of time,
causing the energy input in the molten pool to be too high, and resulting in turbulence and
instability of the melt in the molten pool which, in turn, resulted in porosity and balling,
along with other defects, thereby reducing the relative density [20]. However, when the
scanning speed was too fast, the molten pool formation and cooling time were very short,
the Marangoni convection strength in the molten pool was weak, and the melt was prone
to Plateau–Rayleigh instability due to surface tension and capillary force. Discontinuous
melt tracks with more unmelted or semi-melted metal particles result in holes and cracks
on the surface, reducing the material’s densification.
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Figure 1. (a) Influence of different scanning speeds on relative density and (b–f) transverse section
appearance: (b) 800 mm/s; (c) 1000 mm/s; (d) 1200 mm/s; (e) 1400 mm/s; (f) 1600 mm/s.

3.2. Phase Behavior

Figure 2 shows the XRD analysis of K418 samples prepared at different scanning
speeds. The XRD results show that as the scanning speed increased, the changes in the
γ phase and γ′/γ′′ phase both became available in various grain orientations. As the key
strengthening phase is the γ′/γ′′ phase in Ni-based alloys, these are the strongest peak
and the weakest peak, respectively. In addition, the sample grain size is proportional to
the XRD diffraction peak’s full width at half-maximum (FWHM), based on Scherrer and
Wilson’s equation formulae [21]:

FWHM = 0.9μ/D cos θ (1)

where FWHM is the diffraction peak, μ is the X-ray radiation wavelength, D denotes
the mean grain size, and θ is the scanning angle. Therefore, on the strongest peak, the
half-width of the γ′/γ′′ phase diffraction peak at different scanning speeds can be cal-
culated using X’Pert HighScore Plus software (Royal Dutch Philips, Amsterdam, The
Netherlands), as illustrated in Table 2. When the laser scanning speed was 1200 mm/s,
the half-width of γ′/γ′′ phase diffraction peak was the largest, the average grain size of
the material was reduced, and the properties of the material were enhanced [22,23]. In
addition, no carbide peaks were detected in the XRD results, indicating a low level of
internal carbide generation.

3.3. Microstructure Evolution

Figure 3 depicts the metallographic microstructure of K418 samples in the corrosion
state as a function of scanning speeds. As the scanning speed increased, the morphology
and arrangement of the molten pool changed. The laser input energy density was high
at low scanning speeds, causing the temperature of the molten pool to rise too quickly,
and the Marangoni convection intensity inside the molten pool to be too strong to produce
turbulent flow, resulting in large fluctuations in the morphology of the forming surface
and the laser energy absorbed by the K418 powder [24,25]. When the scanning speed was
1200 mm/s, the thermal flow of the molten pool was stable, the quality of the melt track
quality improved, and cracks were reduced. However, as the scanning speed increased,
there were defects such as unmelted powder and porosity on the surface of the melt pool,
as well as the melt pool being short and irregular due to the faster laser shift speed, which
cannot completely melt the powder.
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Table 2. FWHM of γ′/γ′′ phase diffraction peaks at different scanning speeds.

Scanning Speeds (mm/s) 800 1000 1200 1400 1600

FWHM 0.1968 0.4330 0.4723 0.1181 0.1378

Figure 2. XRD analysis of K418 samples prepared at different scanning speeds.

Figure 3. (a) The 3D metallographic diagram of k418, and (b–f) the transverse section metallography
corresponding to different laser powers ((b) 800 mm/s; (c) 1000 mm/s; (d) 1200 mm/s; (e) 1400 mm/s;
(f) 1600 mm/s).

Figure 4 illustrates SEM images of the K418 samples at various scanning speeds. At low
scanning speeds, the specimen had a cellular dendritic microstructure inside the specimen,
due to the increased residence time of the laser beam in a specific area, the restricted
rate of energy loss in the melt pool, and the prolonged cooling time, promoting grain
nucleation and growth. When the scanning speed was increased to 1200 mm/s, some of
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the microstructures in the specimen were converted to columnar crystals, which noticeably
refined and grew continuously. However, increasing the scanning speed shortens the action
time of the laser beam on the surface of the molten pool, accelerates heat conduction in
the molten pool, and reduces the solidification time of the molten pool, providing suitable
solidification conditions for the formation of columnar crystals. As a result, columnar
crystals can be seen to preferentially grow along the deposition direction [26].

 
Figure 4. SEM image of the corresponding K418 sample under different scanning speeds:
(a,a1) 800 mm/s; (b,b1) 1000 mm/s; (c,c1) 1200 mm/s; (d,d1) 1400 mm/s; (e,e1) 1600 mm/s.
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Based on metallographic, scanning, and XRD analysis, it is clear that the microstructure
transitions from cellular dendrites to columnar crystals, that the columnar crystals are
obviously refined, and that the γ′/γ′′-reinforced phase is formed at the boundary of the
columnar crystals as the scanning speed increases. According to solidification theory, the
cooling rate of the melt pool is positively correlated with the laser scanning speed during
LPBF, and the phase transition of the microstructure during LPBF is strongly related to
the cooling rate during solidification [24]. As a result, as the scanning speed increases
from 800 mm/s to 1600 mm/s, the cooling rate tends to increase. Microstructure can be
determined according to Equation (2) [27]:

λ1 = A
(

G−0.55·V−0.28
)

(2)

where λ1 is the primary dendrite spacing, A is a constant, G represents the temperature
gradient, and V is the cooling rate. The primary dendrite spacing is inversely propor-
tional to the cooling rate. Therefore, as the scanning speed increases, the interaction time
between the laser beam and the powder decreases, the temperature of the center of the
molten pool decreases, and the cooling rate increases, resulting in a decrease in primary
dendrite spacing. Furthermore, when the scanning speed is too slow, the cooling rate of
the molten pool is slow, there are more liquid phases in the molten pool, and the unmelted
particles surrounding the molten pool are quickly dragged into the molten pool due to
strong Marangoni convection and high surface tension, resulting in interlayer defects. Thus,
residual stress is generated, resulting in the formation of interdendritic thermal cracks.
When the scanning speed is too fast, the laser moves too quickly, the temperature of the
molten pool is low, the cooling rate is high, and the surrounding powder particles in the
molten pool are too late to melt completely, resulting in the occurrence of defects such as
non-fusion and pores, as well as a large amount of accumulation in these defects. Further-
more, as the laser energy density increases, the LPBF-ed microstructure preferentially grows
ultrafine columnar crystals rather than secondary dendrites, and the microstructure has a
significant impact on the mechanical properties [28]. The XRD spectra in Figure 2 clearly
show that the scanning speed influences the intensity of the diffraction peaks, implying
that the grain orientation has shifted. As a result, the EBSD results at various scanning
speeds differ significantly. It can be clearly seen from Figure 5 that the microstructure at
800 mm/s is composed of coarser cellular dendrite crystals with a balanced microstructure
color distribution. Figure 6 depicts the grain orientation of a longitudinal section of K418
alloy at various scanning speeds. The weave intensity of the material is 2.93, as shown
by its corresponding antipodal map (Figure 6a), indicating weak anisotropy. The red
color inside the microstructure increases at a scanning speed of 1200 mm/s, implying that
the crystals grow significantly in the first (001) orientation meritocracy. Furthermore, the
inverse polarographic projection (Figure 6b) relationship reveals that the microstructure
has a high weave strength, with an intensity factor of 6.72. The number of fine crystals
within the microstructure increases as the scanning speed increases to 1600 mm/s, but
the red area decreases slightly, indicating that the (001) directional selective orientation is
weakened. The weakened orientation is also demonstrated by the weaving intensity in the
corresponding anti-polar diagram in Figure 6c.

Figure 5. Grain orientation maps of K418 alloy at different scanning speeds: (a) 800 mm/s;
(b) 1200 mm/s; (c) 1600 mm/s.
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Figure 6. The polar diagrams ((a) 800 mm/s; (c) 1200 mm/s; (e) 1600 mm/s) and anti-polar diagrams
((b) 800 mm/s; (d) 1200 mm/s; (f) 1600 mm/s) of K418 alloy at different scanning speeds.

The difference in grain boundary orientation is also an important indicator for the
microstructural characterization of the material. Figure 7 depicts the distribution of grain
boundaries in K418 alloy at various laser scanning speeds. The microstructure of the
specimen is dominated by high-angle grain boundaries (HAGBs). The preparation of
samples layer by layer and row by row is well known to be an important feature of the
LPBF technique. As the laser scans the next layer, the previously solidified melt pool is
partially remelted, similar to the annealing heat treatment process, which inevitably results
in recrystallization and, thus, a high percentage of HAGBs [29]. However, the migration
and integration rate of subgrain boundaries decreases as the laser scanning speed increases,
resulting in a reduction in HAGBs. As a result, as shown in Figure 7e, the grain size
decreases as the scanning speed increases.
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Figure 7. Grain boundary distribution of K418 alloy at different scanning speeds ((a) 800 mm/s;
(b) 1200 mm/s; (c) 1600 mm/s), (d) grain boundary size statistics of K418 alloy at different scanning
speeds, and (e) grain size statistics of K418 alloy at different scanning speeds.

Figure 8 depicts the Schmidt factor and distribution statistics for the K418 alloy at
various scanning speeds. According to Schmidt’s law, a smaller Schmidt factor results in
a higher yield strength [30]. Figure 8 shows that the Schmidt factors are approximate at
different scanning speeds and, thus, their yield strengths do not differ significantly. As the
laser scanning speed increases from 800 mm/s to 1600 mm/s, the migration and integration
rates of the subgrain boundaries decrease, causing the HAGB content to increase from
40.4% to 57.2% and the grain size to increase from 0.99 μm to 1.29 μm, as shown in Table 3.

Figure 8. Schmidt factor distribution ((a) 800 mm/s; (b) 1200 mm/s; (c) 1600 mm/s) and (d) statistical
diagram of K418 alloy at different scanning speeds.
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Table 3. Statistics of EBSD test results under different scanning speeds.

Scanning Speeds (mm/s) HAGBs Average Grain Size Substructured Deformed

800 40.4% 0.99 μm 16.67% 75.29%

1200 52.5% 1.01 μm 13.07% 80.23%

1600 57.2% 1.29 μm 13.22% 75.97%

3.4. Microhardness

The microhardness of LPBF-ed K418 samples at various scanning speeds is depicted
in Figure 9. When the scanning speed is low, the energy heat input is high, resulting in
coarse internal grains of the microstructure and low hardness. As the scanning speed
increases, the grains are refined, the melt pool morphology tends to be uniform, and the
extremely fast cooling rate causes the matrix grains to grow too late, resulting in fine crystal
reinforcement and high hardness. The linear relationship between Vickers hardness and
grain size is defined by Hall and Petch as follows [31]:

Hv = H0 + KH D− 1
2 (3)

where H0 and KH are the corresponding constants. The equation clearly shows that hardness
is positively related to grain size. Finer grain size results in higher hardness values.
When the scanning speed is too fast, the laser energy input is relatively low, resulting
in discontinuous melting tracks or unmelted powder, internal defects, and a reduction in
the microhardness of the formed part.

Figure 9. Influence of different scanning speeds on the microhardness of K418.

3.5. Tensile Property

Due to the extremely high temperature gradient and cooling rate (~108 K/s) of the
LPBF processing, the grain size after solidification is at the micrometer scale. Simultane-
ously, the material tends to generate metastable phases that deviate from the equilibrium
state due to the repeated thermal cycling process of rapid heating and rapid cooling. The
microstructural evolution is largely determined by the temperature gradient in the molten
pool, whereas the temperature gradient is influenced by the scanning speed, which affects
the microstructural evolution characteristics by manipulating the local solidification con-
ditions of the molten pool. The diffusion process is frequently constrained by the narrow
solidification window, second-phase precipitation or component segregation is rare, and
fine columnar crystals are obtained, inhibiting the growth of secondary dendrite arms
and ensuring excellent mechanical properties of LPBF-ed K418 parts. On the other hand,
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since nickel has a face-centered cubic (FCC) crystal structure, the maximum heat flow
and temperature gradient are generally consistent with the deposition direction during
LPBF processing—that is, from the substrate along the direction of the build-up layer
height increase. Therefore, the microstructure of LPBF-ed K418 alloy tends to exhibit <100>
cubic-textured columnar grains, which influence the final mechanical properties. Figure 10
depicts the tensile properties of K418 samples at various scanning speeds, demonstrating
that the tensile strength and elongation of the samples tend to increase and then decrease
as the scanning speed increases, whereas the yield strength shows only a slight change.
The tensile properties were the highest at 1200 mm/s, with the tensile strength reaching
1244.35 ± 99.12 MPa, the yield strength reaching 863.89 ± 132.71 MPa, and the elongation
of the material reaching a maximum of 12.53 ± 1.79%. When the scanning speed is less
than 1200 mm/s, the powder absorption time is longer, the melt pool cooling time is
slower, and the subsequent molten powder is prone to sputtering, resulting in poor melt
track bonding. When the scanning speed exceeds 1200 mm/s, the scanning track becomes
discontinuous, the metal powder is unable to be completely melted, and defects such as
pores and unmelted particles appear. When loaded, the defects act as a source of crack
propagation, resulting in early failure and reduced ductility.

Figure 10. Influence of different scanning speeds on the tensile properties of K418.

Figure 11 depicts the SEM morphology of a tensile fracture at various scanning speeds.
When the scanning speed is low, a large number of holes as well as cracks appear in the
fracture morphology, resulting in lower strength of the material. When the scanning speed
is increased to 1200 mm/s, the defects are obviously reduced, the fractures are distributed
with a certain number of tough nests, and the typical feature-tearing ribs can also be clearly
observed, as shown in Figure 11c. Then, as the scanning speed increases, a certain number of
unmelted particles and pores appear at the fracture. Figure 12 depicts a schematic diagram
of the defect distribution in the tensile fracture cross-section corresponding to different laser
powers. According to Figure 12 and the macroscopic morphology of the tensile fracture,
it can be concluded that the material’s tensile properties are related to internal defects
such as unmelted particles, pores, and cracks. At a low scanning speed (800–1000 mm/s),
defects such as pores and cracks exist in the internal microstructure and grain boundaries,
fracturing the specimen and reducing its tensile properties. However, due to the presence
of numerous small uniform dendrites and fewer defects in the microstructure, the ideal
tensile properties are obtained at a scanning speed of 1200 mm/s. Although the internal
microstructure of the specimen was significantly refined when the scanning speed was
increased (1400–1600 mm/s), the cooling rate was too fast due to the excessive scanning
speed, and the powder melted incompletely, resulting in unmelted particles, pores and other
defects, which generated stress concentration and, thus, reduced the tensile properties [32].
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Figure 11. SEM morphology of tensile fractures corresponding to different laser powers
((a) 800 mm/s; (b) 1000 mm/s; (c) 1200 mm/s; (d) 1400 mm/s; (e) 1600 mm/s).

Figure 12. Defect distribution diagrams of tensile fractures’ transverse sections corresponding to
different laser powers ((a) 800 mm/s; (b) 1000 mm/s; (c) 1200 mm/s; (d) 1400 mm/s; (e) 1600 mm/s).

130



Materials 2022, 15, 3045

4. Conclusions

In this work, the effects of laser scanning speed on the relative density, microstructural
characteristics, phase transformation, microhardness, and tensile properties of LPBF-ed
K418 samples were investigated. The main findings are summarized as follows:

(1) There are numerous factors affecting the LPBF processing, and the scanning speed is
one of the key process parameters influencing the microstructure and properties of
the LPBF-ed K418 superalloy. A satisfactory tensile strength of 1244.35 ± 99.12 MPa
and elongation of 12.53 ± 1.79% were obtained through process optimization.

(2) As the scanning speed increased from 800 mm/s to 1600 mm/s, the tensile strength
and elongation of the material tended to first increase and then decrease, while the
yield strength remained stable. The optimal comprehensive mechanical properties
were obtained when the scanning speed was 1200 mm/s.

(3) The microstructure of LPBF-ed K418 exhibits directional preferential growth of columnar
crystals along the (001) direction, which is dominated by high-angle grain boundaries
(HAGBs), and the volume fraction of HAGBs decreases with increasing scanning speed.

(4) The optimized laser scanning speed can be used as a reference for the LPBF prepara-
tion of nickel-based superalloys, and it is expected that this study will promote the
industrial application of nickel-based superalloys prepared via LPBF.
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Abstract: The range of available aluminum alloy powders for laser powder bed fusion (LPBF) is
restricted to mainly Al–Si based alloys. Currently aluminum alloy powders, designed for lightweight
application, based on Al–Mg (5000 series), Al–Si–Mg (6000 series), or Al–Zn–Mg (7000 series), cannot
be processed by LPBF without solidification cracks. This has an impact on the potential of LPBF
for lightweight applications. In fusion welding, solidification cracks are eliminated by using filler
materials. This study aims to transfer the known procedure to LPBF, by supplementing EN AW-
5083 (AlMg4.5Mn0.7) with AlSi10Mg. EN AW-5083 and two modifications (+7 wt.% and +15 wt.%
AlSi10Mg) were produced by LPBF and analyzed. It was found that, in EN AW-5083, the solidification
cracks have a length ≥200 μm parallel to the building direction. Furthermore, the solidification cracks
can already be eliminated by supplementing 7 wt.% AlSi10Mg. The microstructure analysis revealed
that, by supplementing AlSi10Mg, the melt pool boundaries become visible, and the grain refines by
40% relative to the base alloy. Therefore, adding a low melting point phase and grain refinement are
the mechanisms that eliminate solidification cracking. This study illustrates a practical approach to
eliminate solidification cracks in LPBF.

Keywords: laser powder bed fusion; solidification crack; hot crack; aluminum alloy powder; EN
AW-5083; AA5083; AlSi10Mg; selective laser melting

1. Introduction

Solidification cracks are severe defects that limit the processability of the commercially-
available aluminum alloy powders for laser powder bed fusion (LPBF), also known as se-
lective laser melting (SLM) [1]. This hinders the potential of lightweight design with LPBF.

The LPBF process is physically similar to fusion welding. In LPBF, a part is created
by iteratively melting metal powder along multiple tracks, with a focused laser beam in a
single plane, and adding new powder layers to build up the three-dimensional part. The
part is built up on a substrate plate, where the powder is added layer-by-layer by a powder
recoater. In contrast to fusion welding, single or multiple seams are welded to join parts.

The LPBF process has numerous influence factors that all impact the quality of the
part [2]. Overall, as reviewed in [3], the research in LPBF focusses on residual stresses and
distortion, the influence of the process on the surface quality, and their influence on the
mechanical properties of the LPBF-produced parts, as well as the interaction of the laser
beam with the metal powder [4–6]. Another important research subject is the density of
the part. Research groups focus on understanding the mechanisms of pore formation [7],
in order to find optimal process parameters for multiple materials [8,9]. Furthermore,
processing defects, such as splattering [10], balling [11], and disproportionate evaporation
of volatile elements [2,12,13], which can degrade the quality of the LPBF-produced part,
are addressed in current research. Another research area deals with the influence of the
properties of the metal powder on the finished part, as well as the process stability [14–16].
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In contrast to the process-related research, the LPBF machines are equally subject of a
research and development effort [17].

Additional effort is invested into developing high-strength aluminum alloy powders
for LPBF, as summarized by Leirmo [1], where solidification cracks must be overcome
to ensure their processability with LPBF. Various strategies are used to eliminate or re-
duce solidification cracks in fusion welding [18]. Solidification cracks can be reduced
in fusion welding (i) by controlling the solidification structure by supplementing grain
refiner [19,20] or adjusting the process parameters to increase the grain refinement [21]
or using specially-designed alloys [22] and (ii) by using favorable welding conditions by
adjusting the process parameters to reduce the stress on the weld seam [23] or adapting the
joint configuration [18].

These strategies were already applied to eliminate or reduce solidification cracks dur-
ing the LPBF process. For example, the powder alloy composition of AA7075 (AlZnMg5.5Cu)
was controlled by supplementing elemental silicon [24] or AlSi10Mg powder [25] to create
a powder–powder mixture. Mechanically mixing metal powders is a novel technique used
in LPBF research that enables flexible alloy design. This technique was performed for
various metal systems in LPBF [8,24–30]. In all these studies [8,24–30], the metal powders
were mixed dry for several minutes to hours. There is yet no uniform procedure for mixing
the powders. Furthermore, the effects of the mixing parameters on the homogeneity of the
resulting powder is still ongoing research [30]. Moreover, the LPBF process parameters
were adjusted in [13,31–33], and the base plate heating was adjusted in [12] to eliminate
or reduce solidification cracks. In addition, the solidification structure was controlled to
reduce solidification cracks by adding grain refiner [13,32,34–36].

Pre-alloying powder alloys [13,32] and/or coating with nanoparticles [34,36] requires
expensive or sophisticated technology and trained staff. In contrast, mixing the base
alloy with a supplement powder to modify and control the alloy composition appears
to be a practical technique. For example, Aversa et al. [25] supplemented 50 wt.% of
AlSi10Mg to AA7075 to eliminate solidification cracks, and Montero-Sistiaga et al. [24] sup-
plemented 4 wt.% elemental silicon to AA7075. However, supplementing too much silicon
results in brittle phases that can reduce the tensile ductility. For the 50 wt.% AA7075 and
50 wt.% AlSi10Mg alloy, Aversa et al. [25] found an elongation of break of 2.7%, whereas
for AA7075-T6, a typical value is 10% [37]. Therefore, an objective for this research field is
to minimize the amount of supplemented AlSi10Mg.

In order to calculate the minimal required AlSi10Mg addition to a base powder alloy
with a solidification crack criterion [38,39], the mechanisms that lead to the elimination of
solidification cracks need to be understood first. Furthermore, experimental data for low
additions of AlSi10Mg is required to validate solidification crack criteria. Up to now, there
is still a knowledge gap in current literature.

The 5000 series aluminum alloys show good weldability, good formability, and high-
strength, as well as good corrosion resistance [37,40]. One example of the 5000 series is
EN AW-5083. The alloy composition is listed in Table 1. Its high magnesium content
reduces the density of the alloy, as well as increases its weldability and solid solution
strength. Therefore, it is a widely-used alloy for lightweight applications [37,40]. However,
solidification cracks form when processing this alloy with LPBF [13]. How solidification
cracks in EN AW-5083 can be avoided by supplementing AlSi10Mg has not yet been
investigated in literature. There is a lack of experimental data.

Table 1. Alloy composition of EN AW-5083 (AlMg4.5Mn0.7), according to DIN EN 573-3 [41].

Si
(wt.%)

Fe
(wt.%)

Cu
(wt.%)

Mn
(wt.%)

Mg
(wt.%)

Cr
(wt.%)

Al
(wt.%)

EN AW-5083
(AlMg4.5Mn0.7) 0.4 0.4 0.1 0.4–1.0 4.0–4.9 0.05–0.25 Balance
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The objective of this study is to understand to what extent the selected process parame-
ters can reduce the solidification cracking susceptibility in EN AW-5083 and how even small
supplements of AlSi10Mg (+7 wt.% and +15 wt.% AlSi10Mg) can reduce the solidification
cracking susceptibility of EN AW-5083. This study provides essential experimental data
and insights for computer-aided alloy design.

2. Materials and Methods

In order to investigate the influence of the amount of supplemented powder and
process parameters, cubical specimens (10 × 10 × 10 mm3) were manufactured with LPBF
and analyzed metallographically, as seen in Figure 1. All specimens were produced with a
LPBF system by AconityMINI (Aconity3D GmbH, Herzogenrath, Germany).

Figure 1. (A) Cubical specimens, 10 × 10 × 10 mm3, were produced with LPBF and cut perpendicular
to the building direction. (B) The cross sections were cut, polished, and captured with a light
microscope, in order to reveal the solidification cracks parallel to the building direction.

The used scan strategy was unidirectional alternating by 90◦ in every layer. For
all conducted experiments, the powder layer thickness was t = 30 μm, and no substrate
heating was used. The scan velocity (v = 500–1500 mm/s) was varied because it is a
main influence on the solidification cracking sensitivity, as shown in [38]. Furthermore
the focal diameter was adjusted, in order to increase the size of the weld pool, thereby
decreasing the expected solidification crack sensitivity [18]. The hatch distance was adjusted
according to the focal diameter to get the required overlap of the melt tracks. Table 2
summarizes the process parameters used. Table 2 also highlights the volumetric energy
density (VED) = P/( v · h · df). Overall, the laser power was adjusted to reach a value of
VED, which led to dense parts made of AlSi10Mg in prior LPBF experiments conducted at
the institute.

Table 2. Applied process parameters for the LPBF experiments. For all experiments, no base plate
heating was used, and the layer thickness was kept constant at 30 μm.

Laser Power P (W)
Scan Velocity v

(mm/s)
Focal Diameter df

(μm)
Hatch Distance h

(μm)
Volumetric Energy

Density VED (J/mm3)

A 150 500 100 80 125
B 250 1000 100 80 104
C 250 1500 100 80 69
D 250 500 200 150 111
E 325 1000 200 150 72
F 350 1500 200 150 52
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For each combination of process parameters, one specimen was produced and investi-
gated further.

Two alloy modifications were prepared, in order to investigate the effect of supple-
menting AlSi10Mg on the solidification cracks. The alloy composition of the base alloys,
supplement AlSi10Mg powder, and two modifications are listed in Table 3. The amount of
AlSi10Mg was chosen, in order to get double (+7 wt.% AlSi10Mg) and fourfold (+15 wt.%
AlSi10Mg) the maximum allowed silicon content in EN AW-5083, according to DIN EN
573-3 [41] (Table 1). The goal was to keep the amount of supplemented AlSi10Mg as low as
possible because there is no available data in this region.

Table 3. Alloy composition of the base alloy, supplement AlSi10Mg powder, and two modifications.

Si (wt.%) Mg (wt.%) Mn (wt.%) Al (wt.%) Source

EN AW-5083 (AlMg4.5Mn0.7) 0.14 4.0 0.67 Balance Data sheet
AlSi10Mg 9.84 0.32 Balance Data sheet

MOD1: +7 wt.% AlSi10Mg 0.82 3.74 0.62 Balance Calculated
MOD2: +15 wt.% AlSi10Mg 1.60 3.45 0.57 Balance Calculated

The modifications were prepared by weighing and manually mixing them, as shown
in Figure 2. The base alloy EN AW-5083 (supplied by Rosswag GmbH, Pfinztal, Germany)
and supplement AlSi10Mg (supplied by TLS Technik GmbH & Co. Spezialpulver KG,
Bitterfeld-Wolfen, Germany) were mixed in a sealed container by manually shaking and
rotating it along its longitudinal axis for 30 s. The mixing procedure was repeated five times
for each powder mixture. After mixing, the resulting powder blend was inspected by naked
eye, in order to qualitatively evaluate the homogeneity of the blend. This evaluation was
possible due to the optical difference of AlSi10Mg, which appears darker due to the high
silicon content, compared to the base alloy EN AW-5083 (AlMg4.5Mn0.7), which appears
brighter under ambient lighting, as shown in Figure 2.

Figure 2. (A) Base alloy EN AW-5083 (AlMg4.5Mn0.7) was mixed with the supplement AlSi10Mg
powder. (B) Homogeneous mixture by manually shaking the two powders in a sealed container.

The powder size distribution for EN AW-5083 was D10 = 26.36 μm, D50 = 41.37 μm, and
D90 = 62.16 μm for the respective percentile quantile. For AlSi10Mg it was D10 = 14.53 μm,
D50 = 30.13 μm, and D90 = 44.14 μm. The powder supplier measured and provided this data
with a dynamic image analysis.

The resulting silicon content (Table 3) in the modifications exceeded the allowed
silicon content of the EN AW-5083 standard, where a maximum of 0.4 wt.% is specified.
The composition of the modifications is comparable to the EN AW-5026 alloy, which has
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an allowed silicon content of 0.55–1.4 wt.% and magnesium content of 3.9–4.9 wt.% [41].
Due to the increased silicon content, the modifications are considered to be hardenable by
Mg2Si precipitations.

The LPBF-produced specimens of the base alloy and two modifications were cut,
polished, and analyzed with light and electron microscopes. The specimens were polished
wet with SiC abrasive paper, with grit sizes in the following sequence: P180, P320, P400,
P800, P1200 (European P-grade). Afterwards, the specimens were further polished in a
sequence with diamond suspension with the following sizes: 15 μm, 6 μm, and 1 μm.
Lastly, the specimens were vibration polished with SiO2 of size 0.05 μm for approximately
two hours for the inspection with the light microscope and approximately 24 h for the
inspection with the electron microscope.

The analysis with the light microscope (Leica DM8000M, Leica, Wetzlar, Germany)
was conducted for all prepared specimens. The light microscope images were used to
approximate the density/porosity of the part. For the calculation of the density, the image
processing software ImageJ v1.52a [42] was used. First, the greyscale light microscope
image was adjusted to a black-and-white image, with the function Threshold of ImageJ.
Next, the function Analyze Particles was used to calculate the area fraction of the pores.
The automatic settings of ImageJ were used for all image processing steps. One image per
specimen was analyzed in this way.

The analysis of the microstructure was done with a scanning electron microscope
(SEM) (Auriga SEM System, Carl Zeiss AG, Oberkochen, Germany). The analysis was
conducted for the base alloy and two modifications prepared with the process parameters
B (Table 2). For the microstructure analysis, an electron back scattering diffraction (EBSD),
as well as an energy-dispersive X-ray spectroscopy (EDX), was performed. The EDX signal
was measured during the EBSD measurement. Therefore, it is to be interpreted qualitatively.
The microstructure analysis with SEM was performed with an acceleration voltage of 20 kV
at a magnification of ×100 of an 800 × 800 μm region, with a step size of 2 μm. A DigiView
detector (EDAX, Mahwah, NJ, USA) was used for EBSD, and an Octane Pro detector (EDAX,
Mahwah, NJ, USA) was used for EDX.

3. Results

3.1. Metallographic Analysis of EN AW-5083 (AlMg4.5Mn0.7)

The process parameters were varied, in order to evaluate their influence on the solidi-
fication cracks in EN AW-5083 (AlMg4.5Mn0.7). Of particular interest was the variation of
the scan velocity v because it influences the solidification and cooling rates [18]. Both are
influence factors on the solidification crack susceptibility [38]. Figure 3 depicts the polished
cross sections of the cubic specimens, viewed with the light microscope. The used process
parameters are listed in Table 2. The density was calculated by image processing and varied
between 95.4–97.5%, as summarized in Table 4.

In all images of Figure 3, cracks parallel to the building direction are present. The
crack length is between 100 μm to 300 μm. The horizontal spacing between the cracks is
between 50–150 μm. In the chosen process window, the cracks could not be eliminated.
However, in Figure 3A,D, the cracks occur qualitatively lesser in frequency and length,
compared to the Figure 3C,F.

This seconds the initial assumption that the cracks are solidification cracks. With
an increase in the VED, the temperature gradient and cooling rate is reduced, which
subsequently leads to a reduction of the solidification crack susceptibility [38]. If liquation
cracks were present, an increase in the VED would lead to a higher crack frequency, due to
an increased heat-affected zone [18].

Figure 4 depicts images, captured with SEM, of the fracture surface of an EN AW-
5083 specimen. The sample was cut and then forcefully torn apart, in order to reveal the
surface of the solidification cracks. Figure 4C shows the residual fracture surface and
the freely-solidified dendritic structure. The ductile forced fracture surface is a result of
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the laboratory procedure to beak the specimen. However, the freely-solidified dendritic
structure in Figure 4D is a result of the solidification during the LPBF process.

Figure 3. Light microscope images of the polished cross sections for the base alloy EN AW-5083
(AlMg4.5Mn0.7). (A–F) Process parameters are listed in Table 2 and correspond to the letter of each
cross section. Furthermore, the results of the density measurements, which were done with image
processing, are listed in Table 4.

Table 4. Results of the density measurements of the EN AW-5083 specimens, done with image
processing. The process parameters used are listed in Table 2.

Process Parameter Density (%)

A 97.49
B 96.03
C 96.92
D 97.39
E 96.88
F 95.44

As a conclusion, the freely-solidified dendritic structure and increase in the VED, leading
to a reduction in the crack frequency, are evidence for solidification cracks. Furthermore, the
variation of the process parameters in the given process window (VED = 52 J/mm3–25 J/mm3)
could not eliminate the solidification cracks in the LPBF-produced EN AW-5083 (AlMg4.5Mn0.7)
specimens. Kouraytem et al. [43] showed that pores, such as those present in Figure 3, can lead
to solidification cracks. Therefore, there could be a combination of process parameters, where
no pores or solidification cracks are present. However, this combination of process parameters
is currently unknown for EN AW-5083.

3.2. Modifying EN AW-5083 (AlMg4.5Mn0.7) with AlSi10Mg
3.2.1. Modification I: AlMg4.5Mn0.7 +7 wt.% AlSi10Mg

The process parameters were varied, in order to evaluate their influence on the solidi-
fication cracks in the modified alloy MOD1 (AlMg4.5Mn0.7 +7 wt.% AlSi10Mg). Figure 5
depicts the polished cross sections of the cubic specimens, viewed with the light microscope.
The process parameters used are listed in Table 2. The resulting density (Table 5) of the
specimens was measured with image processing and range between 95.3–99.1%.
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Figure 4. SEM images of the fracture surface of the base alloy EN AW-5083 (AlMg4.5Mn0.7).
(A) Indicating the procedure for the forced fracture in the laboratory, (B) magnification highlighting
the melt pools, (C) magnification highlighting the forced ductile fracture surface and dendritic struc-
ture, and (D) magnification of freely-solidified dendritic surface, typically for solidification cracks.

Figure 5. Light microscope images of the polished cross sections for the MOD1 +7 wt.% AlSi10Mg
(Table 3). (A–F) Process parameters are listed in Table 2 and correspond to the letter of each cross
section. The results of the density measurements, which were calculated with image processing, are
listed in Table 5.
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Table 5. Results of the density measurements of Modification I specimens, done with image process-
ing. The process parameters used are listed in Table 2.

Process Parameter Density (%)

A 97.67
B 95.26
C 99.11
D 98.56
E 98.31
F 98.96

In all images of Figure 5, no solidification cracks are visible for all combinations of
the process parameters. However, there are various processing defects, such as lack of
fusion or porosities. Porosities and lack of fusion can be reduced by adjusting the process
parameters, for example by increasing the VED, as proposed by Weingarten et al. [7] and
Ghasemi-Tabasi et al. [9].

Even though pores can initiate solidification cracks [43], no solidification cracks were
observed for the modification I with a residual porosity. In conclusion, supplementing
AlSi10Mg can eliminate the solidification cracks.

3.2.2. Modification II: AlMg4.5Mn0.7 +15 wt.% AlSi10Mg

The process parameters were varied, in order to evaluate their influence on the solidi-
fication cracks in the modified alloy MOD2 (AlMg4.5Mn0.7 +15 wt.% AlSi10Mg). Figure 6
depicts the polished cross sections of the cubic specimens, viewed with the light micro-
scope. The process parameters used are listed in Table 2. Table 6 lists the results of the
density measurements, which were done with image processing. The density of the MOD2
specimens range between 96.6–99.1% for the used process parameters.

Figure 6. Light microscope images of the polished cross sections for the MOD2 +15 wt.% AlSi10Mg
(Table 3). (A–F) Process parameters are listed in Table 2 and correspond to the letter of each
cross section. Table 6 lists the results of the density measurements, which were calculated with
image processing.

In all images of Figure 6, no solidification cracks are visible for any combination of
the process parameters, similar to the results of Modification I (Figure 5). However, single
microcracks, with different orientations, are visible in Figure 6B,D,E. Furthermore, there
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are various processing defects, such as lack of fusion or porosities. Lack of fusion and
porosities can be reduced by adjusting the process parameters further.

Table 6. Results of the density measurements of Modification II specimens, done with image process-
ing. The process parameters used are listed in Table 2.

Process Parameter Density (%)

A 98.51
B 96.60
C 98.61
D 99.10
E 98.89
F 97.61

For both modifications, solidification cracks were eliminated, even though there were
pores. As shown by Kouraytem et al. [43], pores can lead to solidification cracks.

3.3. Microstructure Analysis

In this section, the microstructure is studied in more detail, in order to highlight the
mechanisms that eliminate the solidification cracks. The effect of supplementing AlSi10Mg
on the grain structure is demonstrated. Furthermore, the distribution of the alloying
elements, compared to the base powder alloy, is analyzed qualitatively.

3.3.1. EBSD Measurement

Figure 7 depicts the EBSD analysis of the base alloy and its two modifications. The
analyzed specimens were processed with the process parameters B in Table 2. The colors
indicate the different grain orientations. All images are aligned according to their building
direction (BD).

Figure 7. Electron back scattering diffraction (EBSD) for the (A) base alloy EN AW-5083, (B) MOD1
+7 wt.% AlSi10Mg, and (C) MOD2 +15 wt.% AlSi10Mg (Table 3). The process parameters for all
specimens were p = 250 W, v = 1000 mm/s, and df = 100 μm (Table 2).

In the base alloy EN AW-5083, the grains grow parallel to the building direction.
The grains in the base alloy reach lengths between 300–500 μm. There are no melt pool
boundaries visible. The grains outgrow multiple layers.

In the modification +7 wt.% AlSi10Mg, the grains grow parallel to the building di-
rection. However, they are smaller, compared to the ones of the base alloy. The melt pool
boundaries are visible for the modification +7 wt.% AlSi10Mg. Similar observations can be
drawn from the modification +15 wt.% AlSi10Mg.

The EBSD analysis revealed that the base alloy has elongated grains that could lead
to the increased solidification crack susceptibility. Supplementing the base alloy with
AlSi10Mg leads to a qualitative grain refinement.

141



Materials 2022, 15, 572

The grain diameter and area fraction of these grains can be calculated from the EBSD
analysis. Figure 8 compares the area fraction of a specific grain diameter for the different
alloys in this study with results from literature [13]. The x-axis in Figure 8 represents the
grain diameter (μm) in a logarithmic scale. The y-axis represents the area fraction (%) of a
specific grain diameter.

Figure 8. Histogram of the area fraction over the grain diameter. The data was extracted from the
EBSD measurement Figure 7.

The grain diameter with the maximum area fraction for both base alloys is approx-
imately 100 μm. Modifying the base alloy reduces the grain diameter with the max-
imum area fraction to 40 μm (+15 wt.% AlSi10Mg), 50 μm (+7 wt.% AlSi10Mg), and
6 μm (+0.7 wt.% Zr). Furthermore, by modifying the alloy, the mean grain diameter is
reduced, as listed in Table 7. Relative to the base alloy, the mean grain diameter is reduced
by 40% by modifying it with +7 wt.% or +15 wt.% AlSi10Mg. Modifying the base alloy
with zirconium reduces the mean grain diameter, relative to the base alloy by 91% [13].
Zirconium has a higher potential for grain refinement than AlSi10Mg because it adds more
nucleation particles to the alloy.

Table 7. Calculated mean grain diameter from the EBSD results for the different alloys.

Alloy Mean Grain Diameter (μm) Source

AlMg4.5Mn0.7 69 This study.
+7 wt.% AlSi10Mg 41 This study.
+15 wt.% AlSi10Mg 39 This study.

AlMg4.5Mn0.7 82 [13]
+0.7 wt.% Zr 7 [13]

Supplementing the alloy with AlSi10Mg increases the fraction of dissolved alloying
elements in the melt, which subsequently restricts the grain growth and promotes a grain
refinement. The grain refinement decreases the solidification cracks significantly. In other
studies, grain refiners, such as titanium or zirconium, were supplemented to the base alloy
to reduce the solidification cracks [34,36].

3.3.2. Qualitative EDX Measurement

Figure 9 depicts the results of the qualitative EDX measurement. The EDX signal was
recorded during the EBSD measurement. In Figure 9, the color bars qualitatively indicate
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the amount of silicon present in the cross section. The color bars are not comparable with
each other. A different color scheme was chosen to avoid misinterpretation. The goal
of the EDX measurement was to get an indication of how homogeneously the silicon is
distributed in the analyzed cross section.

Figure 9. Qualitative energy-dispersive X-ray spectroscopy (EDX) was done during EBSD measure-
ment for the (A) base alloy EN AW-5083, (B) MOD1 +7 wt.% AlSi10Mg, and (C) MOD2 +15 wt.%
AlSi10Mg (Table 3). The process parameters for all specimens were p = 250 W, v = 1000 mm/s, and
df = 100 μm. (Table 2).

In the +7 wt.% (Figure 9B) and +15 wt.% AlSi10Mg (Figure 9C) modification, some
melt pool boundaries are more pronounced than others. This shows that the silicon is not
equally distributed. Furthermore, in the +15 wt.% AlSi10Mg modification (Figure 9C), a
size 72 μm indication is highlighted where the silicon signal is increased. It is hypothesized
that the indication is a not fully dissolved AlSi10Mg powder particle.

In the base alloy, an increased silicon signal is measured at the location of the solidifi-
cation cracks. During the polishing process, the SiO2-rich polishing emulsion accumulates
within the solidification cracks. This leads to an increase in the signal. Therefore, the results
close to cracks should be disregarded. Similar behavior is observed for lack of fusion
and pores.

The qualitative EDX measurements suggest that no pronounced segregation is present
in the modifications.

4. Discussion

4.1. Mechanisms to Reduce Solidification Cracks

In fusion welding, solidification cracks can be reduced by (i) controlling the solid-
ification structure and (ii) using favorable welding conditions [18]. In this study, these
mechanisms were investigated (i) by adding supplement powder and (ii) changing the
process parameters.

In Figure 3, the base alloy was processed with varying process parameters with no base
plate heating. It is expected that, with an increase in VED, the temperature gradient and
cooling rate decreased [18], which leads to reduction in the solidification crack susceptibility,
according to Rappaz et al. [38]. Only a minor change in the solidification crack frequency
was observed in Figure 3. Overall, varying VED = 52 J/mm3 and 125 J/mm3 could not lead
to a significant reduction in the solidification crack length and frequency.

In comparison, Zhou et al. [13] found that, at VED = 224 J/mm3 and 513 J/mm3

(P = 200 W and 350 W, v = 100 mm/s and 400 mm/s, t = 30 μm, h = 130 μm), no cracks
were detected for the EN AW-5083 (AlMg4.5Mn0.7) alloy. However, Zhou et al. [13]
measured a significant reduction in the magnesium concentration, due to a disproportion-
ate evaporation during the LPBF process, as well as densities between 93% and 99% at
VED = 224 J/mm3 and 513 J/mm3. Furthermore, at higher scan velocities, v > 400 mm/s
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solidification cracks could not be avoided. In conclusion, Zhou et al. [13] showed that pro-
cessing EN AW-5083 without solidification cracks is possible, at the cost of (a) changing the
magnesium concentration from 3.27 wt.% in the powder to about 1.5 wt.% in the specimen,
(b) lower densities, and (c) slower build up rates (v < 400 mm/s). Even though solidification
cracks were avoided with VED = 224 J/mm3 and 513 J/mm3, the LPBF-produced specimens
cannot be specified as EN AW-5083 anymore, due to the disproportionate evaporation of
magnesium. It is concluded that (i) adjusting the parameters P, v, and df to reduce the
solidification cracks is not a valid strategy to eliminate solidification cracks in EN AW-5083
or AA5083. This agrees with the findings of this study.

For the experiments shown in Figures 5 and 6, the base alloy is supplemented with
+7 wt.% and +15 wt.% AlSi10Mg. The modifications eliminate the solidification cracks
in the complete process window. Kouraytem et al. [43] showed that pores, similar to the
ones present in Figures 5 and 6, can cause solidification cracks. Therefore, the results
suggest that the benefits of supplementing AlSi10Mg cannot be decreased by the pores
observed in these cross sections. The results suggests that the benefit of supplementing
AlSi10Mg is independent of the combination of the process parameters. Furthermore,
the findings suggest that eliminating solidifications cracks in LPBF is a metallurgical
problem. This allows to further adjust the combination of process parameters to avoid
the common processing defects, such as pores, lack of fusion, and even the change in
the magnesium concentration, as shown by [13], in the supplemented base alloy without
expecting solidification cracks.

As it is known from fusion welding, adding silicon leads to a low melting point phase
that reduces the solidification crack susceptibility [18,44]. Furthermore, it was found that
supplementing AlSi10Mg increases the grain refinement and texture. With supplementing
+7 wt.% AlSi10Mg, the melt pool boundaries are visible and restrict the grains to overgrow
multiple layers, as can be seen in Figure 7. In this experiment, the grain refinement effect
was saturated already at +7 wt.% AlSi10Mg and mean grain diameter is reduced by 40%
relative to the base alloy (Table 7). It is hypothesized that either all the nucleation particles
are already activated or the process parameters are limiting further grain refinement. In
summary, supplementing AlSi10Mg increases the grain growth restriction [20].

Zhou et al. [13] produced a pre-alloyed powder alloy with an addition of 0.7 wt.%
zirconium to AA5083. This leads to a significant grain refinement of 90%, relative to the base
alloy mean grain size (Table 7). Mehta et al. [32] showed that this approach is also applicable
for AA6061. Martin et al. [34] added zirconium nano particles to the powder alloy to
promote grain refinement and eliminate the solidification cracks in AA7075. These findings
further support the hypothesis that solidification cracks are a metallurgical problem.

Modifying a base alloy with a supplement powder, such as AlSi10Mg, reduces the
solidification cracks because of two mechanisms. First, the grain refinement is increased
and, second, a low melting-point silicon rich phase is added.

4.2. Feasibility of the Mixing Strategy

A homogeneous microstructure leads to homogeneous material properties. Therefore,
the added silicon from the AlSi10Mg is preferably distributed homogeneously, so that all
solidification cracks are eliminated. Figure 9 depicts the qualitative EDX measurements.
The qualitative EDX measurements suggest that there is a segregation present. However,
overall, the silicon is distributed sufficiently enough because the solidification cracks
were avoided in all cross sections, as shown in Figures 5 and 6. Adding a silicon-rich
supplement powder to an aluminum alloy was already done successful in previous studies:
Aversa et al. supplemented 50 wt.% AA7075 with 50% AlSi10Mg [25], and Montero-Sistiaga
et al. supplemented up to 4 wt.% elemental silicon to AA7075 [24].

In conclusion, it is a feasible process strategy to supplement the base alloy by man-
ually mixing it with AlSi10Mg, in order to eliminate solidification cracks. As shown by
Skelton et al. [30], the size distribution of the metal powders can have an effect on the
homogeneity of the blend. However, some questions still remain unanswered. What is
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the influence of the mixing strategy on the material properties? What are the limits of
mixing that lead to an inhomogeneous silicon distribution? These questions are known in
the field of particuology and addressed in [45]. The influence of the mixture procedure on
the quality of the part, namely the porosity, lack of fusion, or the segregation, should be
addressed and researched in-depth.

5. Conclusions

Solidification cracks hinder the development of new aluminum alloy powders for
LPBF. In this study, a practical approach to overcome solidification cracks was presented.
Up to now, there is no known experimental data on supplementing AlSi10Mg powder
to the base alloy powder EN AW-5083 (AlMg4.5Mn0.7). Most research focusses on the
aluminum alloy powder AA7075.

It was possible to eliminate the solidification cracks by supplementing +7 wt.%
AlSi10Mg powder to EN AW-5083 powder. The powders were mixed before the specimens
were manufactured with LPBF. The microstructural analysis showed that supplementing
AlSi10Mg leads to a grain refinement of 40%, relative to the mean grain size of the base
alloy. Subsequently, the grain refinement caused by supplementing AlSi10Mg helps to
eliminate the solidification cracks, besides the known effect of adding a silicon-rich phase.

By varying the process parameters between VED = 52 J/mm3 and 125 J/mm3, the
solidification cracks in the base alloy EN AW-5083 could not be eliminated. The results
suggest that eliminating solidification cracks in EN AW-5083 during LPBF is a metallurgical
problem and requires a modification of the base alloy.

In literature, pre-alloying or adding nanoparticles are both procedures that are used to
avoid solidification cracks. In comparison to those, the presented approach is considered
practical because of the availability of AlSi10Mg as a supplementing powder. The approach
can be easily transferred to other powder alloys and supplement powders.

Furthermore, this study highlights the mechanisms to eliminate the solidification
cracks, which are prerequisites for modelling the phenomenon. Additionally, this study
provides valuable experimental data, which can also be used for modelling and calculating
the required amount of supplement powder. Numerous models are available to describe the
solidification crack susceptibility. They can be used as a starting point for computer-aided
alloy design.
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Abstract: In this study, laser-directed energy deposition was applied to build a Ti-rich ternary
Ti–Ni–Cu shape-memory alloy onto a TiNi shape-memory alloy substrate to realize the joining of
the multifunctional bi-metallic shape-memory alloy structure. The cost-effective Ti, Ni, and Cu
elemental powder blend was used for raw materials. Various material characterization approaches
were applied to reveal different material properties in two sections. The as-fabricated Ti–Ni–Cu alloy
microstructure has the TiNi phase as the matrix with Ti2Ni secondary precipitates. The hardness
shows no high values indicating that the major phase is not hard intermetallics. A bonding strength
of 569.1 MPa was obtained by tensile testing, and digital image correlation reveals the different
tensile responses of the two sections. Differential scanning calorimetry was used to measure the
phase-transformation temperatures. The austenite finishing temperature of higher than 80 ◦C was
measured for the Ti–Ni–Cu alloy section. For the TiNi substrate, the austenite finishing temperature
was tested to be near 47 ◦C at the bottom and around 22 ◦C at the upper substrate region, which
is due to the repeated laser scanning that acts as annealing on the substrate. Finally, the multiple
shape-memory effect of two shape-memory alloy sides was tested and identified.

Keywords: additive manufacturing; directed energy deposition; shape-memory alloys; joining of
metals; elemental powders

1. Introduction

Joining different metal alloys into a single bi-metallic component can realize a wide
variety of combinations with excellent material properties [1–3], and the joining of bi-metals
is necessary in many industrial environments where different properties are needed at
different locations [3]. The directed energy deposition (DED) additive manufacturing (AM)
process has become an important approach to realize various types of metal joining and
metal repair since strong metallurgical bonding can be achieved [4–6]. So far, DED has
been used in various applications including metal joining and part repairing [2,6–8]. Also,
since the AM process has a high degree of freedom for the spatial distribution of both
geometry and material compositions, it can be much more flexible in developing more
novel alloy structures [9,10]. Typical works using DED to join similar or dissimilar alloys
include steels, Ti alloys, Ni-based superalloys, and Cu alloys. Sahasrabudhe et al. [2] joined
SS410 with Ti-6Al-4V to obtain a high application temperature at the Ti-alloy end and the
economic corrosion-resistive steel end. Jones et al. [11] applied DED for the manufacturing
of steel-Inconel bi-metallic structures. Zhang et al. [12] used DED to join steels and Cu
in order to obtain both high strengths from steel and high thermal conductivity from Cu.
Functionally graded structures and interlayers can also be used for joining two dissimilar
alloy parts by DED, which benefits from the flexible nature of the additive process [13–15].

Shape-memory alloy (SMA) is a type of smart metallic material that is able to demon-
strate different shapes at different temperatures and memorize its original shape through
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austenite-martensite phase transformation [16,17]. TiNi alloy is a popular metallic material
that can demonstrate shape-memory effects [17–19]. For TiNi alloys, it has been found that
their phase-transformation temperature (TT) can be changed by adjusting the chemical
composition and processing methods [17,20]. Therefore, the TTs of TiNi alloy can cover a
wide temperature range for multiple functions [20]. Also, if different types of TiNi SMAs
can coexist in a single component, it will obtain more unique and attractive multiple shape-
memory behaviors. For example, Khan et al. [21] flexibly applied a laser to TiNi alloys to
generate a discrepancy between laser-affected areas and created location-dependent TTs
within a single part. Nematollahi et al. [22] applied selective laser melting (SLM), a powder-
bed-based AM process, to build a graded TiNi SMA by changing the processing parameters
at two different sections. For DED, by taking advantage of the flexible capability in similar
or dissimilar joining, SMAs with multiple shape-memory behaviors can also be combined
using DED to demonstrate more functions. Most of the aforementioned DED processes
used for metal joining focused on improving the comprehensive mechanical, structural, and
thermal properties. However, the joining effect and shape-memory behavior after joining
two different types of TiNi-based SMAs using DED have not been widely reported.

For DED, both the feedstock SMA materials and the substrate SMA materials can
have a wide range of selections. In this paper, we applied the DED approach to join two
different TiNi-based parts into a bi-metallic SMA in order to exhibit multiple shape-memory
behaviors. A Ti-rich ternary Ti–Ni–Cu SMA was deposited on a near equiatomic binary
TiNi alloy to realize the bi-metallic SMAs, which were joined by two SMA parts with
different element types, element compositions, and processing methods. A small amount
of a third element can be applied to create more applications [23], such as by adding Cu to
replace a small portion of Ni, Ti–Ni–Cu SMA can obtain narrower hysteresis and potential
applications in the biomedical field [24,25]. The Ti–Ni–Cu ternary SMA was fabricated by
the powder mixture of Ti, Ni, and Cu elemental powders. The elemental powder mixture
was used as an alternative form of raw materials other than pre-alloyed powders [26,27].
The SMA with an as-mixed atomic composition of Ti–45at.%Ni–5at.%Cu was fabricated by
elemental powders in [28,29] with titanium as the substrate material. In this work, more
details will be studied on using elemental powder DED to build Ti–Ni–Cu/TiNi bi-metallic
alloys. The joining effect at the interface, the bonding strength, and the multiple functional
behaviors from different sections of SMA will all be evaluated.

2. Materials and Methods

In this work, a Ti-rich Ti–Ni–Cu alloy single-wall structure was deposited on a TiNi
substrate by a DED processing system mainly including a laser system, a CNC-controlled
moving stage, and a powder feeder. Near spherical Cp-Ti powder (AP&C, particle size
53~150 μm), Ni powder (Atlantic Equipment Engineers Inc., Upper Saddle River, NJ, USA,
particle size −100/+325 mesh), and Cu powder (Royal Metal Powders Inc., Maryville,
TN, USA, average particle size 110 μm [12]) were mixed with the atomic composition
of Ti/Ni/Cu = 53/44/3 to create a Ti-rich composition that is different from the TiNi
substrate. We use Ti–Ni–Cu alloy to represent this Ti–44at.%Ni–3at.%Cu ternary SMA that
was deposited and studied in this paper. The powder blend was homogenized using a
Turbula T2F mixer for 0.5 hr. The substrate material is near-equiatomic TiNi binary SMA
bar material purchased from Kellogg’s Research Labs (New Boston, NH, USA), which was
cut to size, 25 mm × 10 mm × 5 mm. The Ti–Ni–Cu alloy single-wall deposition strategy
on the TiNi substrate is illustrated in Figure 1a. The substrate was fixed by a vise on the
moving stage, and the single wall structure was deposited on the surface of 25 mm × 5 mm
of the substrate. An IPG Photonics CW fiber laser with a 1064 nm wavelength was used in
this work to create a melt pool on the substrate. The spot size was adjusted and fixed at
approximately 2.5 mm. A powder nozzle was used to feed powders into the melt pool and
the nozzle was 10 mm above the substrate surface. The moving stage followed a single track
and multilayer toolpath. The toolpath consists of uniform +Y direction and −Y direction
movements with no dwell time for multiple cycles. Between each change in the Y direction,
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the stage dropped down vertically by one increment, which represents the layer thickness.
The travel speed for the stage in the +Y and −Y directions was 250 mm/min. During the
traveling guided by the toolpath, the Ti, Ni, and Cu powder mixture was delivered into the
melt pool through the powder nozzle by the powder feeder supplied by Powder Motion
Labs. Solid layers build up along the Z direction as seen in Figure 1a,b, which is called the
building direction (BD). The laser power was set at 600 W at the first layer and 400 W for
all the remaining layers. A total of 60 layers were deposited, and the dimension of the DED
Ti–Ni–Cu alloy along the Y direction (long direction) is 25 mm, whereas the total deposition
height of the Ti–Ni–Cu alloy is 10 mm. The entire process was carried out within an argon
atmosphere to minimize the oxidation effect.

  

(a) (b) 

Figure 1. (a) The schematic of joining bi-metallic SMA using DED in this work. (b) Image of the
XZ-plane cross-section of the bi-metallic structure including the TiNi substrate and the DED Ti–Ni–Cu
alloy. The bottom line of the substrate has been marked as Z = 0. The Z height of the interface and the
top point are 10 mm and 20 mm, respectively.

The cross-section of the 10 mm tall Ti–Ni–Cu alloy single wall joined with the 10 mm
tall TiNi substrate was cut off by wire-EDM and was prepared for material characterization,
including microstructural, functional, and mechanical testing and joining evaluation. A
sample from the cross-section along the XZ-plane of the bi-metallic structure was prepared
by following the metallographic specimen preparation steps using a Buehler EcoMet 250
grinder-polisher in order to observe the microstructure through microscopes. The sample
was mounted by epoxy and ground using SiC sandpapers from 320 grit to 1200 grit. After
grinding, the sample was then polished by 9 μm, 6 μm, 3 μm, 1 μm diamond suspension,
and 0.05 μm colloidal alumina. After polishing, the sample was etched using Kroll’s
reagent (2 mL HF, 6 mL HNO3, and 92 mL distilled water) by swabbing the surface for
30 s. Optical microscopic imaging was done on the sample by a Hirox KH-8700 optical
microscope (OM) (Hirox Co., Ltd., Tokyo, Japan). High-resolution electron microscopic
imaging and energy-dispersive spectroscopy (EDS) analysis were performed by a Thermo
Fisher Scientific Helios Hydra CX scanning electron microscope (SEM) (Thermo Fisher
Scientific, Waltham, MA, USA) and a Helios NanoLab 600 SEM (Thermo Fisher Scientific,
Waltham, MA, USA).

Figure 1b is an OM image of the well-polished cross-section of the bi-metallic SMA
structure. To determine the locations, the bottom point of the TiNi substrate is marked as
Z = 0. Correspondingly, the interfacial line and the top point of the DED Ti–Ni–Cu alloy
single wall are marked as Z = 10 mm and Z = 20 mm, respectively. Vickers hardness values
of both the DED Ti–Ni–Cu alloy part and the TiNi substrate were measured by a Struers
Duramin-5 Vickers hardness tester. According to the Z coordinate shown in Figure 1b,
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Vickers hardness testing was conducted at a height from Z = 1 mm to Z = 19 mm with a
1 mm interval. For each height, three indentations were taken, and the average hardness of
each height was calculated. Each indentation used a load of 1.96 N and a dwell time of 10 s.

The bonding strength between the Ti–Ni–Cu alloy part and the TiNi substrate was
measured by uniaxial tensile testing via an Instron 5969 universal testing machine (Instron,
Norwood, MA, USA) and analyzed by the digital image correlation (DIC) technique.
Figure 2a shows the sketch of the miniature tensile specimen that was developed to study
mechanical behaviors of small size materials. The gauge length of the specimen is 3 mm,
and the thickness is 1 mm. More information can be found in a previous study [30]. A
10 kN load cell was applied for the testing of the miniature tensile specimen. The crosshead
speed was controlled to maintain the strain rate at 0.003 mm/mm/s during the tensile
test. Figure 2b displays the camera setup for DIC during the tensile testing. The following
fracture surface analysis was also conducted using the Helios Hydra CX SEM.

  
(a) (b) 

Figure 2. (a) The sketch of the miniature tensile specimen design. (b) The camera setup for DIC.

Differential scanning calorimetry (DSC) was used for studying the TTs of various sec-
tions of the as-deposited Ti–Ni–Cu/TiNi bi-metallic structure using a TA Instruments Q2000
differential scanning calorimeter (New Castle, DE, USA) with a ramping heating/cooling
rate of 10 ◦C/min. Apart from DSC, the shape-memory effect of the as-deposited bi-metallic
SMA was tested by recording the shape recovery on a hot plate with changing temperatures.

3. Results and Discussions

3.1. Microstructural Characterization

Figure 3 shows the micrographs of the as-deposited Ti–Ni–Cu alloy. Figure 3a is an
OM image of the interface between the DED Ti–Ni–Cu alloy and the TiNi substrate. A clear
interfacial line can be observed and no gas pores and cracks are found near the interfacial
line, which indicates a good interaction between the powder flow of the first layer and
the substrate materials within the melt pool. Figure 3b is obtained from the Ti–Ni–Cu
alloy section, where darker phases distribute within the matrix and form a columnar
microstructure. With the assistance of SEM/EDS, higher magnification images are acquired
and shown in Figure 3c,d. In Figure 3c, EDS points analysis was performed within both the
matrix (Point 1) and the dark minor phase (Point 2). The atomic compositions from the EDS
analysis of Point 1 and Point 2 are listed in Figure 3c. It can be seen that in the dark phases,
the atomic composition of Ti is twice the atomic composition of (Ni + Cu). Therefore, the
dark minor phases are Ti2Ni intermetallics, which are marked in Figure 3b. The composition
of Point 1 indicates that the matrix is Ti-rich TiNi with a Ti atomic composition of about
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51.5 at.% and a small number of Cu atoms to replace the Ni atoms. The high magnification
image of Figure 3d clearly shows the martensite twinning structure and dark Ti2Ni particles.
Large-area EDS analysis was also performed at heights of Z = 10 mm, 12 mm, 14 mm,
16 mm, and 18 mm of the Ti–Ni–Cu alloy section. The average atomic composition of
the five heights measured by EDS is Ti (52.1 ± 0.5) Ni (43.3 ± 0.9) Cu (4.6 ± 0.4). The
fluctuation of Ti, Ni, and Cu compositions among the five heights is much lower than the
former work that deposited Ti–45at.%Ni–5at.%Cu alloy on the titanium substrates [29].
The dilution from the TiNi substrate in this work has less influence on the as-deposited
section. The SEM image of the interfacial region is demonstrated in Figure 4a. Figure 4b–d
are the EDS mapping of the Ti, Ni, and Cu elements. It can be seen that the Cu signal is
much weaker below the interfacial line; however, there is not a significant change in the
signal of Ti and Ni between the area above and below the interface, since the compositions
of Ti and Ni within the Ti–Ni–Cu alloy and TiNi substrate are similar. The Ni signal shows
a gradual and slight decrease from the TiNi substrate area to the Ti–Ni–Cu alloy area since
the atomic composition of Ni in the substrate is a little higher than the Ti–Ni–Cu alloy.

3.2. Hardness Distribution

Vickers hardness distribution from Z = 1 mm to Z = 19 mm with a 1 mm interval is
plotted in Figure 5. Figure 5 shows the average hardness of the three indentations at each
Z height. It can be seen that the Vickers hardness distribution from bottom to top shows
typical low hardness (200~300 HV0.2) of the entire cross-sectional area along the Z direction
of the bi-metallic structure. It was reported in [31] that the hardness of the intermetallic
Ti2Ni phase could be as high as 700 HV. Thus, the low hardness reflects that the major
phase of this bi-metallic structure is the TiNi phase, and the Ti2Ni intermetallic phase is
the dispersive secondary phase in the as-deposited Ti–Ni–Cu alloy section due to the rich
atomic composition of the Ti element. Almost all of the average hardness values of the
DED Ti–Ni–Cu alloy (above Z = 10 mm) are within the range of 200~250 HV0.2. Within the
substrate, from Z = 1 mm to Z = 9 mm, an obvious difference in the average hardness value
can be observed between the lower half of the substrate and the upper half of the substrate.
The average hardness values of the lower half of the substrate (Z < 6 mm) are closer to
300 HV0.2. The hardness also obtains a higher value at the location of Z = 10 mm, which
could be due to the local mixing of the Ti, Ni, and Cu elements between the TiNi substrate
and the first layer of DED Ti–Ni–Cu alloy that might result in a local small composition
deviation in the TiNi matrix compared to the original TiNi substrate.

To obtain more information related to the Z-height-dependent hardness value, the
sample sectioning plan for the following DSC analysis is designed according to the dashed
boxes in Figure 1b. From bottom to top, they are the lower part of the substrate (SL, Z
height: 0~3 mm), the middle part of the substrate (SM, Z height: 3~5.5 mm), the upper part
of the substrate (SU, Z height: 5.5~8 mm), the interface including both the substrate and the
bottom region of the DED Ti–Ni–Cu alloy (IN, Z height: 8~12 mm), the lower part of the
DED Ti–Ni–Cu alloy (DL, Z height: 12~16 mm), and the upper part of the DED Ti–Ni–Cu
alloy (DU, Z height: 16~20 mm). In this way, the phase-transition behaviors of samples SL
and SM represent the lower half region of the substrate with higher average hardness, and
sample SU reflects the upper half region of the substrate with lower average hardness.

3.3. Phase Transformation

DSC results in all six different sections: DU, DL, IN, SU, SM, and SL, according to
Figure 1b, are demonstrated in Figure 6 from Figure 6a–f, respectively. Each DSC curve
consists of a heating and cooling cycle with peaks that indicate the austenite formation
during heating and the martensite formation during cooling. Typical characterization tem-
peratures, including martensite starting temperature (Ms), martensite finishing temperature
(Mf), austenite starting temperature (As), and austenite finishing temperature (Af), are deter-
mined by the tangent method [32] as shown in the DSC curve of sample DU in Figure 6a.
Austenite peak temperature (Ap) and martensite peak temperature (Mp) are also included.
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Figure 3. Microstructural features of the as-deposited Ti–Ni–Cu SMA. (a) Interfacial region between
the DED Ti–Ni–Cu SMA and the TiNi substrate. (b) Microstructure of TiNi matrix and Ti2Ni. (c) EDS
point analysis of TiNi matrix and Ti2Ni. (d) Twinning structure of martensitic TiNi phase.

Figure 4. (a) Interface between the DED Ti–Ni–Cu alloy and the TiNi substrate. (b) Element mapping
of Ti. (c) Element mapping of Ni. (d) Element mapping of Cu. Notice that the intensity of the Cu
signal from the Ti–Ni–Cu alloy above the interfacial line is much stronger than the area within the
TiNi substrate below the interfacial line.
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Figure 5. Vickers hardness distribution from the bottom of the TiNi substrate to the top of the DED
Ti–Ni–Cu alloy. Notice that the lack of high hardness value from the hard intermetallics indicates that
the major phase is the TiNi phase. Relatively higher hardness values can be observed at the lower
section of the substrate from Z = 1 mm to Z = 5 mm and at the point of Z = 10 mm near the interface.

  
(a) (b) 

  
(c) (d) 

Figure 6. Cont.
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(e) (f) 

Figure 6. DSC heating–cooling curves of the six regions (marked in Figure 1b) of the as-deposited
bi-metallic SMA. (a) The upper part of the DED Ti–Ni–Cu alloy (DU). The characterization temper-
atures: austenite starting temperature (As), austenite peak temperature (Ap), austenite finishing
temperature (Af), martensite starting temperature (Ms), martensite peak temperature (Mp), and
martensite finishing temperature (Mf) are labeled. (b) The lower part of the DED Ti–Ni–Cu alloy
(DL). (c) The interfacial region (IN). Notice that there are two distinctive phase-transformation peaks
during heating and cooling from Ti–Ni–Cu alloy and TiNi substrate, which are marked by dashed
boxes. (d) The upper part of the substrate (SU). (e) The middle part of the substrate (SM). (f) The
lower part of the substrate (SL).

Table 1 summarizes the Af of all sections. Figure 6 shows that the Ti-rich upper
Ti–Ni–Cu alloy shows a higher austenite finishing temperature Af. As for the sections DU
and DL, the TiNi matrix is highly Ti-rich and the Af reaches higher than 80 ◦C. The DSC
curve of the IN sample with the interface has two distinctive peaks both during heating
and during cooling in Figure 6c, which are marked by dashed boxes. The high-temperature
peaks come from the Ti-rich Ti–Ni–Cu alloy portion above the interface, whereas the low-
temperature peaks are due to the equiatomic TiNi substrate below the interface. So, after
the joining by DED, both phase-transformation behaviors of the two sections near the
interface can still be clearly illustrated in DSC. For the substrate, at the upper part of the
substrate, which includes the lower half of IN and the section of SU, the values of Af are as
low as 21.2 ◦C and 22.8 ◦C, whereas the Af values of the SM and SL are 46.5 ◦C and 47.7 ◦C.

Table 1. Summary of the Af value of all sections within the bi-metallic SMA structure and the
corresponding Z heights.

Sample Section Af (◦C)

DU 88.3
DL 82.9

IN (above interface) 90.9
IN (below interface) 21.2

SU 22.8
SM 46.5
SL 47.7

It can also be seen that all of the samples from the Ti–Ni–Cu alloy section exhibit
one-step phase transformation in both the heating and cooling processes. For the substrate,
during cooling the upper half of the substrate, IN and SU, exhibit features close to one-step
martensite transformation, whereas the cooling curves of the lower part including SM and
SL are closer to double overlapped peaks during cooling, which could be related to the
intermediate R-phase [33,34] that initially exists in the substrate. For the near-equiatomic
TiNi substrate used in this work, the upper part went through repeated high-temperature
annealing from the laser, which tends to exhibit lower TTs and one-step austenite-martensite
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transition after annealing [33,35]. The lower part of the substrate, SM and SL, which are
far from the deposited part, underwent a relatively lower heating temperature; the TTs
are not highly affected by the laser-annealing processes. It was also reported that the
formation of the R-phase can be favored by secondary precipitates such as Ni4Ti3 and
dislocation substructures [36]. Therefore, the higher hardness values of the lower substrate
from Z = 1 mm to Z = 5 mm are likely from the existence of precipitates and dislocation
substructures. In contrast, the high-temperature annealing effect at the upper substrate
reduces the hardness due to the reduction in those factors.

The thermal hysteresis ΔT is defined by the temperature difference between Ap and
Mp [37]. The ΔT value of the DED Ti–Ni–Cu alloy section was calculated for the whole
Ti–Ni–Cu alloy section. The ΔT values of DU, DL, and the upper part of IN ranges from
14.4 ◦C to 17.2 ◦C, which is narrower than reported additively manufactured Ti-rich TiNi
binary SMAs such as in [38]. This then shows the effects of the addition of the Cu element
in using the AM process to fabricate TiNi-based SMAs.

3.4. Tensile Behavior

The DIC technique was applied using GOM Correlate software to plot the stress–strain
curve of the bi-metal under a uniaxial load using the function of the virtual extensometer.
A testing sample was extracted vertically across the interface with the half-gauge section
belonging to the DED Ti–Ni–Cu alloy single wall and the other half gauge located within
the TiNi substrate according to the design in Figure 2a, as seen in the dashed rectangular
box in the lower right corner of Figure 7. Thus, the axial direction of the sample and
the tensile loading direction are parallel to the Z axis shown in Figure 1. The tensile
stress–strain curve is shown in Figure 7, which demonstrates the typical stages of SMA.
In order to obtain a good alignment on the miniature tensile specimen, a preload was
applied at the beginning of the uniaxial tensile testing. The first near-linear section mainly
corresponds to the initial elastic response. After the initial elastic stage, the curve starts
a near-horizontal stress plateau, which mainly comes from the stress-induced martensite
formation of the austenite-dominated top part of the TiNi substrate (the lower half of the
IN section) [39]. After the plateau, the curve goes into the elastic stage of the detwinned
martensitic structure, followed by plastic deformation after the elastic region [39]. It can
be seen from the stress–strain curve of the sample in Figure 7 that the sample obtains an
ultimate tensile strength σUTS of 569.1 MPa. The total tensile strain at the fracture is about
8.2%. The local axial strain (ε) within the gauge section when the total tensile strain reaches
0, 1%, 2%, 3%, 4%, 5%, 6%, 7%, and 8% are mapped and shown in Figure 8. From the
entire evolution of the strain map, it can be observed that as the tensile load increases, the
gauge shows two distinctive sections with higher local axial strain in the TiNi substrate
(approximately 10%) and lower local axial strain in the DED Ti–Ni–Cu alloy (approximately
4~5%). Anomalous points start to appear in the strain map near the interface when the
total tensile strain reaches 8% due to crack formation. Therefore, the mechanical behavior
at different sections of the bi-metallic SMA can be clearly tracked using the DIC technique.

The SEM images of the details on the fracture surface of the sample are shown in
Figure 9. Figure 9a,b shows the ductile regions where the dimple-like structure dominates,
whereas the feature in Figure 9c,d shows low ductility. Figure 9c includes both local
dimples and cleavage regions, and in the higher magnification image of Figure 9d, it
also has perpendicular patterns marked by perpendicular short, dashed lines, which may
correspond to the martensite twinning structure within the Ti–Ni–Cu alloy single-wall
section shown in Figure 3d. Also, the dark particles can be found in Figure 9d. Figure 9e–h
represent the SEM/EDS mapping of the long, dashed rectangular area in Figure 9d. The
Ti, Ni, Cu element mapping of Figure 9e indicates that the dark particle could be Ti2Ni,
which may act as a stress concentrator near the interface that initiates the cracking under
the tensile loading.
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Figure 7. The stress–strain curve of the DED as-deposited bi-metallic structure. The miniature tensile
sample was extracted with the interfacial line located at the center of the gauge section.

 

Figure 8. The strain map of the local axial strain within the gauge section at the moments when the
total tensile strain equals 0, 1%, 2%, 3%, 4%, 5%, 6%, 7%, and 8%.

Figure 9. Cont.
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Figure 9. (a,b) Dimple-like ductile area of the fracture surface. (c,d) Brittle area of the fracture surface.
(e) High magnification image of (d) in long, dashed rectangular box. (f) Element mapping of Ti in (e).
(g) Element mapping of Ni in (e). (h) Element mapping of Cu in (e).

3.5. Demonstration of Multiple Shape-Memory Effect

The multiple shape-memory behavior is demonstrated by a cross-section slice from
the as-deposited bi-metallic SMA. Both the DED Ti–Ni–Cu alloy side and the TiNi substrate
side are bent compared to the original straight shape. After bending, the bi-metallic SMA
piece was then placed on a hot plate at 70 ◦C, which is higher than (Af + 20 ◦C) of the TiNi
substrate, as seen in Figure 10a. Figure 10b–d capture the shape change of the bi-metallic
SMA on the hot plate at 70 ◦C after 10 s, 15 s, and 30 s, respectively. It can be noticed that
at 70 ◦C, the curved TiNi substrate side gradually changes back to the straight status. In
comparison, the Ti–Ni–Cu alloy side keeps the curved shape since the temperature of 70 ◦C
is not able to complete the martensite-austenite transition of the Ti–Ni–Cu alloy section.
As the time reaches 60 s, the hot plate temperature starts to rise and finally reaches 120 ◦C.
Figure 10e shows that at 120 ◦C, which is higher than the (Af + 20 ◦C) of the DED Ti–Ni–Cu
alloy part, the Ti–Ni–Cu alloy side also recovers to the original straight state. Therefore, the
multiple shape-memory behaviors at two sides of the bi-metallic structure are identified.

Figure 10. Cont.
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Figure 10. Demonstration of the SMA using a hot plate at 70 ◦C and 120 ◦C: (a) The bi-metallic SMA
sample was bent at both the TiNi substrate side and the DED Ti–Ni–Cu alloy side and placed at 70 ◦C
at t = 0 s. (b) t = 10 s. (c) t = 15 s. (d) t = 30 s. Notice that the TiNi substrate has almost recovered to
the original status, whereas the Ti–Ni–Cu alloy side keeps the curved shape. (e) The hot plate was
then heated from 70 ◦C to 120 ◦C. Finally, the Ti–Ni–Cu alloy side recovers.

4. Conclusions

In this work, a Ti-rich Ti–Ni–Cu ternary SMA with an as-mixed atomic composition of
Ti–44at.%Ni–3at.%Cu was fabricated on a near-equiatomic commercial TiNi binary SMA
substrate, which shows the capability of the elemental powder DED process to join two
different types of SMA sections and build SMAs with multiple shape-memory behaviors.
The findings from studying the microstructural, mechanical, and functional behaviors of
the as-fabricated bi-metallic SMA are summarized below.

Microscopic imaging revealed the dense metallurgical bonding between the as-deposited
Ti–Ni–Cu alloy part and the TiNi substrate with no gas pores or cracks being seen at the
interface. The TiNi matrix phase and Ti2Ni minor phase are identified by EDS, and the
martensite twinning structure is observed within the TiNi matrix phase of the as-deposited
Ti–Ni–Cu alloy section.

Vickers hardness distribution from bottom to top shows the typical low hardness
(200~300 HV 0.2) of SMAs across the entire cross-section. All major phases are TiNi phases
rather than Ti2Ni hard intermetallic phases, and Ti2Ni is the main secondary phase in the
Ti–Ni–Cu alloy section.

Tensile testing combined with the DIC technique on a miniature tensile sample shows a
bonding strength of 569.1 MPa and the fracture occurs at 8.2% total tensile strain. DIC strain
mapping indicates the difference in local axial strain distribution between two sections
of different SMA types, which are approximately 4~5% in the Ti–Ni–Cu alloy side and
approximately 10% in the TiNi substrate.

DSC analysis at different sections shows that the Ti-rich DED Ti–Ni–Cu alloy shows
higher Af. For the near-equiatomic TiNi substrate, the lower half of the substrate maintains
a higher Af and more obvious R-phase features than the upper half of the substrate since
the upper part went through higher temperature annealing from laser power, which tends
to exhibit lower TTs and a single austenite-martensite transition without an R-phase.

The shape-memory behavior is tested by an as-deposited bi-metallic slice at 70 ◦C and
120 ◦C. At 70 ◦C, shape recovery occurs only at the TiNi substrate side, whereas when the
temperature reaches 120 ◦C, both sides perform the shape recovery. Future studies will
include the heat treatment effect on the microstructure and functional properties of DED
bi-metallic SMAs.
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Abstract: A multi-fidelity (MF) surrogate involving Gaussian processes (GPs) is used for designing
temporal process maps in laser directed energy deposition (L-DED) additive manufacturing (AM).
Process maps are used to establish relationships between the melt pool properties (e.g., melt pool
depth) and process parameters (e.g., laser power and scan velocity). The MFGP surrogate involves
a high-fidelity (HF) and a low-fidelity (LF) model. The Autodesk Netfabb� finite element model
(FEM) is selected as the HF model, while an analytical model developed by Eagar-Tsai is chosen
as the LF one. The results show that the MFGP surrogate is capable of successfully blending the
information present in different fidelity models for designing the temporal forward process maps
(e.g., given a set of process parameters for which the true depth is not known, what would be the
melt pool depth?). To expand the newly-developed formulation for establishing the temporal inverse
process maps (e.g., to achieve the desired melt pool depth for which the true process parameters are
not known, what would be the optimal prediction of the process parameters as a function of time?), a
case study is performed by coupling the MFGP surrogate with Bayesian Optimization (BO) under
computational budget constraints. The results demonstrate that MFGP-BO can significantly improve
the optimization solution quality compared to the single-fidelity (SF) GP-BO, along with incurring
a lower computational budget. As opposed to the existing methods that are limited to developing
steady-state forward process maps, the current work successfully demonstrates the realization of
temporal forward and inverse process maps in L-DED incorporating uncertainty quantification (UQ).

Keywords: laser-directed energy deposition; melt pool; process maps; multi-fidelity Gaussian process;
Bayesian Optimization; uncertainty quantification

1. Introduction

Laser-directed energy deposition (L-DED) offers tremendous opportunities in manu-
facturing metallic components because of its ability to fabricate three-dimensional near-net-
shape parts with location-specific materials and microstructures [1]. Additionally, L-DED
has been used to repair components made of different metallic materials such as steel [2],
nickel [3], and titanium [4] alloys. In L-DED, powder or wire feedstocks are delivered at
the desired location. The feedstock is melted by a high-power laser heat source as shown
in Figure 1a. Process parameters such as the laser power, laser/substrate relative velocity
(traverse speed or scan speed), and feedstock feed rate can be varied to achieve the desired
deposit quality. The melt pool (as shown in Figure 1b,c), formed by the high-power laser
source, plays a critical role in controlling the final microstructure of the L-DED part [5]. For
example, investigations have revealed that high energy density produced larger melt pools
in L-DED [6].
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Figure 1. (a) A schematic of the L-DED process. (b) The melt pool evolution during the L-DED process
for a representative power, P = 1000 W, and scan velocity, v = 1 mm/s showing a near-symmetric
melt pool. (c) A second representative melt pool evolution at P = 1000 W, v = 25 mm/s showing
the capability of Netfabb® in capturing an asymmetric melt pool evolution. The melt pool reaches
steady-state much earlier in (c) than (b) due to higher v.

The melt pool shape and sizes are also affected by environmental conditions and part
geometry in L-DED. For example, both simulations and experiments have proven that the
presence of surfactants was a critical factor in dictating the shape of the melt pool as the
surfactants were found to affect the surface tension [7]. The scan pattern was also found
to affect the shape and size of the melt pool due to heat transfer across adjacent tracks
and/or layers. Due to these parameters, the melt pool size may vary both in time and space
during the L-DED process. Such a variation can detrimentally affect microstructures and,
therefore, the mechanical properties of the part. Hence, the impact of toolpath on the melt
pool geometry was also investigated [8].

Experimental investigation for evaluating the impact of these different process param-
eters on the melt pool properties is rather expensive. Moreover, since the thermophysical
properties of the metallic materials are drastically different from one another, such an
investigation has to be performed for each material of interest. Computational modeling
can provide a much-required alternative for estimating the process parameters in L-DED.
However, the process parameter development would still require a thorough exploration
of the parameter space involving a design-of-experiment (DoE) approach. Computational
investigation of such a DoE can be expensive if high-fidelity models are used for predicting
the melt pool properties. Hence, it is critical to develop efficient methods for generating
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process maps that would efficiently estimate the melt pool properties as a function of the
process parameters.

Despite recent advances in computational modeling-based process mapping of L-DED
additive manufacturing (AM) processes, much of the existing work is focused on develop-
ing forward maps, i.e., estimating and predicting the steady-state melt pool characteristics
(e.g., melt pool depth and width) as functions of process parameters (e.g., energy density,
power, scan speed, and scan pattern, amongst others) or dimensionless numbers [9]. While
such studies are extremely useful in understanding the impact of processing parameters on
the melt pool properties, they suffer from four critical drawbacks:

• They are computationally expensive when high-fidelity (HF) models are used and less
capable when low-fidelity (LF) models are used [10].

• They are deterministic and cannot define the prediction uncertainties when the simu-
lation data is not available for the process parameters of interest [11].

• They are typically used to generate steady-state forward maps although the evolution
of melt pool is a transient phenomenon as depicted in Figure 1b,c.

• They are seldom combined with computationally efficient optimization routines to-
ward solving the inverse problem.

To address these limitations, one possibility is to blend the information obtained
from the HF and LF simulation models using machine learning tools to develop a multi-
fidelity (MF) [12] surrogate. The MF surrogate, thereafter, can be used as a proxy for
the prediction of the melt pool properties as a function of process parameters at discrete
time instants facilitating the design of temporal process maps. MF surrogates have been
demonstrated to efficiently incorporate the information present in a hierarchy of varied
fidelity models [13,14] to develop inexpensive estimates of the properties of interest. Such
surrogates have been used frequently within the framework of co-kriging [15], where an LF
model output acts as an auxiliary data source to enhance the prediction of an HF model [16].
This method is particularly useful when the HF model is computationally very expensive
and difficult to evaluate. A modification of this approach, known as recursive co-kriging
has been recently developed by Le Gratiet et al. [17,18]. This approach has eventually been
used by Perdikaris et al. [19] to tackle the ’curse of dimensionality’ while dealing with
large datasets. One of the advantages of using MF surrogates is that they can be utilized
as black box optimizers. Such optimizers have been used in a wide variety of engineering
design problems [20–23]. However, such strategies have sparsely been explored in AM,
particularly for optimizing the melt pool geometry.

Inspired by the existing research gap, this paper starts by implementing a multi-fidelity
Gaussian process (MFGP) surrogate to design the forward process maps for the L-DED AM
process at several discrete time instants of the simulation, thereby enabling the design of
temporal process maps. Two different melt pool evolution models, namely, the Autodesk
Netfabb� finite element model (FEM) [24] and the Eagar-Tsai [25] analytical model are
chosen as the HF and LF ones, respectively. The MFGP surrogate predicts the melt pool
depths with uncertainty for process parameters when the true depth is not known. The
results demonstrate that the surrogate is capable of predicting the melt pool depth in
L-DED at a level of accuracy comparable to a representative HF model, but at a fraction
of its computational cost. Once the forward map is designed, the MFGP surrogate is inte-
grated with a Bayesian Optimization (BO) algorithm to design an inverse process map. To
demonstrate the efficacy of the inverse map, a case study is performed to obtain the desired
melt pool depth under computational budget constraints. The optimal process parameters
are found using an approach based on active learning (AL) [26]. Being a Bayesian machine
learning framework, the posterior predictions are probabilistic, and are described by an
output distribution (as opposed to single-valued estimates obtained from conventional
deterministic regression models), which offers a principled methodology of uncertainty
quantification (UQ) [27]. The performance of multi-fidelity Bayesian Optimization (MFGP-
BO) is compared with single-fidelity Bayesian Optimization (SFGP-BO). SFGP-BO utilizes
the HF model as the sole information source. The results demonstrate that MFGP-BO
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can not only find the optimal process parameters faster than SFGP-BO but also with an
improved quality (defined as the percent deviation from the desired melt pool depth).

The paper is arranged in four sections, including the present one. The methodology
section outlines the thermal models for melt pool prediction, MF surrogate development,
and Bayesian Optimization. The next section presents the results, followed by a conclusion
section outlining the applications and future perspective of the research. All simulations
reported in this paper are conducted on an Intel® Xeon® Gold 6230 CPU processor with
128 GB of RAM.

2. Methods

2.1. Thermal Models for Melt Pool Predictions

Several different simulation models are available in the open literature for the pre-
diction of melt pool properties in L-DED. Eagar and Tsai [25] improved Rosenthal’s [28]
analytical model by replacing the point heat-source with a Gaussian distribution. The
Eagar-Tsai model has been widely employed to conduct rapid simulations for a wide range
of materials. An analytical model involving metal fluid flow and mass transfer in addition
to heat transfer in L-DED was developed by Gan et al. [29]. The solidus and liquidus
thermal properties were considered, thereby, capturing the Marangoni convection which
showed a strong influence on the melt pool shape [30]. This model was experimentally
validated for single-layer IN718 deposits on AISI 1045 carbon steel [31]. Huang et al. [32] de-
veloped a comprehensive analytical model, from Rosenthal’s 3D temperature distribution,
by coupling both mass and energy flows. This model accommodated for the attenuation of
laser power due to the change in clad geometry and powder-gas stream interactions. The
model was experimentally validated for single-layer depositions of IN625. The effect of
Marangoni flow was incorporated by using a modified thermal conductivity parameter.

While analytical models for L-DED provide valuable melt pool-related information,
they include several simplifications. Computational capabilities using finite element models
(FEMs) can address these simplifications. Anderson et al. [33] simulated L-DED of nickel-
base superalloy CMSX-4® using a model developed by DebRoy [34]. However, it did not
consider the variation of material properties with temperature. Kamara et al. [35] used
a commercial FEM suite, Ansys Fluent to simulate the transient evolution of melt pool
for IN718 powder-fed L-DED. Other commercial software are also available. Autodesk’s
Netfabb� [24] is a software application tailored for AM that has reduced the computation
time significantly through adaptive meshing-based FEM techniques [36]. Netfabb� uses
a nonlinear Newton–Raphson-based code and solves for the transient behavior of the
L-DED process.

MF surrogates are developed, in this paper, to supplement the available HF predictions
with inexpensive LF predictions. Combining data from multiple sources naively may result
in biased predictions which do not accurately reflect the physics. Hence, the construction
of a reliable MF surrogate depends on the careful selection of its constituent HF and LF
models. Based on the existing literature [9], an analytical model (e.g., Eagar-Tsai), due to its
many simplifications, shows lower computational cost. On the contrary, an FEM model
(e.g., Netfabb®), shows higher computational expense but incorporates several modeling
parameters (e.g., temperature-dependent thermophysical properties). These two models
can define the hierarchical fidelity levels since they are defined by the same governing
equations that explain the underlying physical phenomenon, provided they are numerically
comparable in their discretized domains (i.e, both models have similar grid sizes). This
observation forms the basis for selecting the Eagar-Tsai and Netfabb® models as LF and
HF models, respectively, in this paper.

2.1.1. Eagar-Tsai’s Model

The LF model used in this paper is the analytical model developed by Eagar and
Tsai [25] which solves for the three-dimensional temperature distribution produced by a
traveling distributed heat source moving on a semi-infinite plate. This model is a modi-
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fication of the Rosenthal’s model where a Gaussian heat distribution is used instead of a
point source. Figure 2 explains the coordinate system used in the Eagar-Tsai model. The
heat source is traveling with a uniform speed of v in the x-direction, and is assumed to be a
2D surface Gaussian. The temperature T(xc, yc, zc, t), at a particular location (xc, yc, zc) and
time t is calculated as:

T(xc, yc, zc, t)− T0 =
αLP

πρpcp(4πap)1/2

∫ t

0

dt′(t − t′)−1/2

2ap(t − t′) + σL2 e
− (xc−vt′)2+y2

c
4ap(t−t′)+2σL

2 − z2
c

4ap(t−t′) (1)

Here, T0 is the initial temperature of the substrate, αL is the absorptivity of the laser
beam, P is the power, ρp, kp, and cp are the density, thermal conductivity, and specific

heat capacity of the material, respectively, ap � kp
ρpcp

is the thermal diffusivity of the
material, t′ is the dummy integration variable, σL is the distribution parameters, and v is
the scan velocity. Similar to Rosenthal’s equation, the Eagar-Tsai model also makes several
assumptions: (i) absence of heat transfer due to convection and radiation; (ii) constant
thermal properties for the material; (iii) quasi-steady state semi-infinite medium, and
absence of any phase change.

Figure 2. Schematic illustrating the coordinate system of the analytical model. The figure is
reproduced from [37] under the terms of the Creative Commons Attribution 4.0 License from
http://creativecommons.org/licenses/by/4.0/ (accessed on 9 April 2022).

A reasonable agreement between the theoretical and experimental data for steel,
titanium and aluminum is demonstrated by Eager and Tsai [25]. This model has been widely
used by researchers and has been incorporated with experimental studies for evaluating
the melt pool evolution in L-DED processes to develop process mapping strategies.

2.1.2. Autodesk Netfabb® Model

Netfabb® model by Autodesk, a non-linear decoupled 3D transient FEM solver, is used
as the HF model [36,38]. The underlying methodology of Netfabb® rests on the decoupled
or weakly coupled modeling assumption that the relationship between the thermal and
mechanical behaviors are unidirectional so that the thermal history affects the mechanical
behavior, but the vice-versa does not hold. The Netfabb® model includes Marangoni
convection, convection and radiation heat losses, and the temperature-dependent thermo-
physical properties omitted by the Eagar-Tsai model.

The model domain is determined based on the scan velocity range so that the domain
is large enough in the scan direction such that the melt pool reaches a steady-state. For
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thermal investigations, the energy balance is the governing equation, which is converted to
a weak formulation using the Galerkin approach [39]. The distribution of heat through the
part is described by the Fourier’s conduction equation. The model uses a 3D volumetric
heat source. The thermal boundary losses include thermal radiation, free convection, and
forced convection. The total heat loss flux from the model is thus given by,

q = heff(Ts − T∞) (2)

heff = hfree + hforced + hradiation (3)

Here, Ts is the surface temperature, T∞ is the ambient temperature, heff is the effective
heat transfer coefficient which is a summation of the free convection (hfree), forced convec-
tion (hforced), and radiation (hradiation). Free convection arises due to the thermal gradients
developed during the L-DED process while forced convection arises from the shielding gas
and powder flowing over the melt pool. This model has been experimentally validated
for L-DED processes for a popular nickel-base superalloy, IN625 [39] showing excellent
agreement between the simulation and experimental data.

2.2. Surrogate Development

This subsection briefly presents the mathematical fundamentals of the GP and MF
surrogate that integrates the LF and HF thermal models [40,41].

2.2.1. Gaussian Process (GP) Surrogate

The surrogate development strategy is based on a class of stochastic processes called
’GPs’ that assume any finite collection of random variables to follow a multivariate jointly
Gaussian distribution. For a finite collection of inputs, x, the corresponding function
outputs, y are assumed to have a multivariate jointly Gaussian distribution,

y ∼ N (μ(x) , k(x, x’)) (4)

Here, N implies a Gaussian distribution. The underlying GP is completely charac-
terized by a mean function: μ(x) � E[y], and a covariance function: k(x, x′) � E[y −
μ(x))(y′ − μ(x′))] [27]. Here, E[y] denotes the expectation of y. x′ and y′ denote an input
other than x and the corresponding functional output of it, respectively. In the context of
the melt pool prediction, each input point comprises of different (P, v) combinations. The
melt pool depths (d) corresponding to the (P, v) combinations are jointly Gaussian. The
training data-set comprises of xtrn � (Ptrn, vtrn) as the inputs and the known melt pool
depths, ytrn � dtrn as the outputs. The test data-set comprises of xtst � (Ptst, vtst) as the
inputs for which the melt pool depths are unknown. The conditional distribution of the
outputs at the test locations is given by:

ytst|ytrn, xtrn, xtst ∼ N (μtst, Σtst) (5)

Here,

μtst = K(xtst, xtrn)[K(xtrn, xtrn) + σε
2I]−1ytrn (6)

Σtst = K(xtst, xtst)− K(xtst, xtrn)[K(xtrn, xtrn) + σε
2I]−1K(xtrn, xtst) (7)

Here, I is the identity matrix and K is the covariance matrix. Thus, the predicted
posterior distribution of the outputs at every test data point is also a Gaussian distribution,
characterized by the mean, μtst and covariance, Σtst. A detailed mathematical account of
GPs can be found in [27].
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2.2.2. Multi-Fidelity (MF) GP Surrogate

Often computational models present a hierarchy of fidelities for a given process. HF
models are generally more capable, but expensive. On the other hand, LF models are
typically less capable, but cheaper. To develop process maps, an extensive use of HF
models can be computationally infeasible. In such cases, it would be judicious to adopt
intelligent strategies that leverage the computational inexpensiveness of the LF models by
using them more frequently.

MF surrogate is a statistically-learned framework [12] that integrates the information
present in all fidelities to develop a ’proxy’ which can predict outputs with the accuracy
of HF models, but with significantly inexpensive computational overhead. The general
structure of MF information source is shown in Figure 3, which shows several levels of
fidelities in the models. Such a framework relies on data-driven learning of the correlation
among the different fidelities. Co-kriging approaches have been studied extensively for
performing the joint estimation of the outputs from correlated variables [12–14]. The co-
kriging approach employed in this work is based on the autoregressive formulation of
Keneddy and O’Hagan [15]. MFGPs using co-kriging approaches rely on formulating
separate surrogates for each fidelity which are coupled together through an appropriate
covariance function in a GP setting.

Figure 3. Presence of a hierarchy of fidelities in modeling platforms. Statistical learning integrates
multi-fidelity (MF) information.

For an input set of process parameters, x, the autoregressive formulation for 2 fidelities
is given by:

y2 = ρy1 + δ(x) (8)

Here, y1 is the low-fidelity output and y2 is the high-fidelity output. ρ quantifies
the correlation between y2 and y1. The Gaussian process, δ(x) represents the discrepancy
between y1 and y2. These outputs, y1 and y2, take the jointly Gaussian distribution of
the form:

Y =

[
y1
y2

]
∼ N

⎛
⎝0,

⎡
⎣ k1(x1, x′1; θ1) + σ2

ε1
I ρk1(x1, x′2; θ1)

ρk1(x2, x′1; θ1) ρ2k1(x2, x′2; θ1)+
k2(x2, x′2; θ2) + σ2

ε2
I

⎤
⎦
⎞
⎠ (9)

Here, k1 and k2 are the kernel functions, σ2
ε1

and σ2
ε2

are the noise levels, θ1 and θ2
are the hyperparameters, where the subscripts 1 and 2 correspond to LF and HF models,
respectively. The Negative Log Marginal Likelihood (NLML) in a two-fidelity setting is
given by:

− log p(Y|X, θ1, θ2, ρ, σ2
ε1

, σ2
ε2
) =

1
2

log|K|+ 1
2

YTK−1Y − NL + NH
2

log2π (10)

Here, X and Y are the combined observed inputs and their outputs from the LF and HF
models, respectively. NL and NH correspond to the number of observed input-output data
from LF and HF models, respectively. The MFGP methodology is outlined in Algorithm 1.
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Algorithm 1 Multi Fidelity Gaussian Process

Require: Low-fidelity input, x1; Low-fidelity output, y1; Hyperparameter of the low
fidelity kernel, θ1; High-fidelity input, x2; High-fidelity output, y2; Hyperparameter of
the high fidelity kernel, θ2; Kernel function, k (for simplicity, here k1 = k2); Test input,
xtst; Noise-level, σ2

ε (for simplicity, here σ2
ε1

= σ2
ε2

)

1: L = cholesky(K +σ2
ε I) � K as calculated from Equation (9)

2: Y = [y1 y2]
3: α = LT \ (L \ Y)
4: ψ1 = ρk(xtst, x1, θ1)
5: ψ2 = ρ2k(xtst, x2; θ1) + k(xtst, x2; θ2)
6: Ψ = [ψ1 ψ2]

7: f̂xtst = Ψ.α � predictive mean
8: β = LT \ (L \ ΨT)
9: V[ fxtst ] = ρ2k(xtst, xtst, θ1) + k(xtst, xtst; θ2)− Ψβ � predictive variance

The kernel function at every fidelity level has its own hyperparameter. The choice of
the kernel function is a critical element for the success of a GP algorithm since it encodes
the correlation between the points in the feature space. Typically, squared exponential
kernels are best suited for interpolating smooth functional relationships. However, in this
paper, Matérn kernels, with shape parameters of 5/2, are used since their length-scales
are less prone to be affected by non-smooth regions, thereby improving performance in
these regions. [40,42]. The MFGP is learnt by optimizing the hyperparameters through
minimizing NLML using the Limited-memory Broyden–Fletcher–Goldfarb–Shanno (L-
BFGS) algorithm [43]. While the current formulation focuses on a two-fidelity setup, this
can be extended to higher fidelities by making appropriate modifications in the covariance
matrix which correlates different levels of fidelity [15].

2.3. Bayesian Optimization (BO)

This subsection briefly presents the mathematical fundamentals of the Bayesian Opti-
mization for single-fidelity (SF) and multi-fidelity (MF) surrogates [40,41].

2.3.1. Single-Fidelity Gaussian Process with Bayesian Optimization (SFGP-BO)

In this description, the term optimization is used to denote maximization of an objective
function. A minimization problem can be posed similarly by taking the negative of the
objective function. In a single-fidelity setting, there is a single objective function f . To
optimize f over its domain, the solver needs to find:

x̂ = argmax
x∈X∗

f (x) (11)

Here, ’argmax’ finds the argument that gives the maximum value from an objective
function, f . The functional form of f is typically unknown and, hence, a gradient-free or
black-box optimization is often utilized. BO is one such black-box optimization technique [44]
that leverages the predictions through a surrogate for sequential active learning to find the
global optima of the objective function. The AL strategies find a trade-off between explo-
ration and exploitation in possibly noisy settings [45–47], which facilitates a balance between
the global search and local optimization through acquisition functions. One commonly used
acquisition function in BO is Expected Improvement (EI). A detailed formulation of EI can
be found in the work of Mockus et al. [48] and Jones et al. [45].

The objective function, f (x) is often represented as a GP, which yields a posterior
predictive Gaussian distribution characterized by the mean μ(x) and standard deviation
σ(x) for x ∈ X∗, where X∗ is the search space of the optimization challenge. When the
optimization framework involves a single-fidelity GP, it is referred to as single fidelity GP
(SFGP)-based optimization. The optimization algorithm proceeds sequentially by sampling
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x̂ = argmaxxEI(x) at every step of the iteration process to add on to the dataset, after which
the GP surrogate is retrained with the new data set to predict the acquisition potential
for the next iterative step. This process continues until an optimum is reached, or the
computational budget is extinguished. Since the acquisition potential is predicted over
the entire search space by the surrogate, BO can achieve fast predictions without a lot of
function calls in the search space (i.e., without having to run the simulations to obtain the
objectives at all the search locations). This process otherwise, might be computationally
infeasible when the search space is high-dimensional and the simulations are expensive.

2.3.2. Multi-Fidelity Gaussian Process with Bayesian Optimization (MFGP-BO)

In the presence of multiple levels of fidelities, the recent work of Sarkar et al. [40]
presents a demonstration of choosing appropriate acquisition functions for the HF and
LF models to guide the search for optimum using MF surrogates. The HF predictions
are chosen using the constrained EI acquisition function, while the LF predictions are
selected using the GP-based Mutual Information Acquisition function (GP-MI) [49]. The
rationale behind employing GP-MI for LF selections is in its mathematical formulation:
GP-MI would preferentially promote exploration at the initial stages of optimization, and
gradually drive exploitation as the global prediction becomes progressively more accurate in
the subsequent iterations. Since a majority of engineering applications involves expensive
and possibly limited HF evaluations, GP-MI fits the requirements of being exploratory at
the initial stages where inexpensive LF evaluations can be leveraged to learn the process
parameter space [40]. The algorithm implemented for MFGP-BO methodology is outlined
in Algorithm 2.

Algorithm 2 MFGP—Bayesian Optimization

Require: Search space for optimization, X∗; MFGP prior with mean function, μ(x) and
kernel function, k(x, x’); objective function, J(t, P, v); number of optimization steps
allowed, Nopt; NH , NL, accepted tolerance for the melt pool depth, ε

1: for i ← 1 to Nopt do
2: if |d(t, P, v)− d∗| < ε then
3: Perform HF simulations at x̂ = argmaxxEI(x)
4: Augment data with HF predictions, update MFGP
5: Perform LF simulations at x̂ = argmaxxGP − MI(x)
6: Augment data with LF predictions, update MFGP
7: else
8: break
9: end if

10: end for

3. Results and Discussion

3.1. Melt Pool Predictions from Thermal Models

Single crystal nickel-based superalloys have been increasingly deployed in gas turbines
owing to their excellent high-temperature properties. CMSX-4® is one such popular second-
generation ultra high-strength superalloy that is selected as the candidate alloy in this
paper [50]. The life-cycle of these expensive parts comprising CMSX-4® is often limited
by blade tip wear and crack, thereby requiring a feasible method of repair that ensures
directional solidification in the repaired zones. L-DED has proved to be successful in
achieving this objective [51]. A major determinant of the growth of SX epitaxial layers
during L-DED is the laser process parameters. A lower laser power can increase the thermal
gradient and promote epitaxial growth. A higher laser scanning velocity yields a shallow
melt pool and stimulates epitaxial growth [52]. This outlines a critical need to propose
processing windows for the manufacture and/or repair by L-DED. This section summarizes
the results obtained from the low- and high-fidelity thermal models used to simulated the
single scan deposits of CMSX-4®.
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3.1.1. Predictions from LF Eagar-Tsai Model

The thermo-physical properties of CMSX-4� chosen for the LF model are those re-
ported by Gäumann et al. [51]: kp = 22 W/(m·K), ρp = 8700 kg/m3, cp = 690 J/(kg·K), and
the liquidus temperature TL = 1660 K. Other modeling parameters and their selected values
are: T∞ = 25 ◦C and αL = 0.35. The laser beam radius is maintained at 0.39 mm.

Figure 4 shows the two-dimensional melt pool at different time instants illustrating the
temporal nature of the melt pool evolution for laser power, P = 1000 W and scan velocity,
v = 1 mm/s. The results are also reported in Table 1. The melt pool reaches a steady-state
after t = 20 s. Similar behavior is observed for other P and v combinations as well.

Figure 4. Temporal variation of the (a) melt pool depth and (b) melt pool length and width, for
P = 1000 W and v = 1 mm/s.

Table 1. Melt pool dimensions calculated using Eagar-Tsai for P = 1000 W and v = 1 mm/s.

Time (s)
Melt Pool

Depth (mm)
Melt Pool

Width (mm)
Melt Pool

Length (mm)

2 1.238 2.751 2.792
4 1.334 2.934 2.994
6 1.375 3.012 3.083
8 1.397 3.056 3.133
10 1.410 3.083 3.164

3.1.2. Predictions from HF Netfabb® Model

Single-track single-layer simulations are performed using the Netfabb® model. The
simulation domain is shown in Figure 5. The laser parameters, i.e., laser radius and
absorptivity, and the ambient temperature are kept identical to the Eagar-Tsai model. The
effective heat transfer coefficient is set as heff = 25 W/m2C [53]. The temperature of the
substrate plate is kept at 25 ◦C. The laser vector file containing the laser power, laser vector,
start and end positions of the laser, laser radius, scan speed, and start time, is fed into
the Netfabb® model before creating the simulation domain. The temperature-dependent
properties for CMSX-4® are obtained from JMatPro® [54] and shown in Table 2.

The L-DED-specific mesh features are varied to implement adaptive meshing which
reduces the number of mesh elements [55] away from the melt pool as shown in Figure 6a.
These features are (i) the number of elements per heat source radius, (ii) the number of
fine layers below the heat source, and (iii) the number of mesh adaptivity levels. A mesh
convergence test is conducted by varying the quality of the mesh for the simulation domain
described in Figure 5. The difference between the melt pool depths calculated from the
model having the finest mesh (340,400 elements) and the selected model (119,392 elements)
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is 0.54%, which is lesser than the minimum of 5% specified by Netfabb® for a good mesh
convergence [53]. Figure 6b shows the results obtained from the mesh convergence study.

Figure 5. Simulation domain with boundary conditions.

Table 2. Temperature dependent properties for CMSX-4®.

T ◦C Density (g/cm3)
Thermal

Conductivity
(W/(m.K))

Specific Heat
(J/(g.K))

27 8.592 11.902 0.426
127 8.552 12.655 0.454
327 8.49 14.794 0.53
527 8.41 16.875 0.542
727 8.318 19.274 0.589
927 8.211 22.226 0.652

1127 8.079 26.922 0.795
1327 7.921 35.331 0.62
1527 7.396 35.395 0.693
1727 7.208 38.915 0.698

Figure 6. (a) Adaptive meshing applied to the simulation domain. (b) The variation of the melt pool
depth and the simulation time with the number of mesh elements.
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The melt pool properties are obtained from the Netfabb� model using ParaView
[56], an open-source, multi-platform data analysis and visualization application. The
thermal models are post processed to extract an isovolume corresponding to the melt pool
that is defined by the liquidus temperature of the material i.e., TL= 1660 K for CMSX-4�.
Figure 7 shows the evolution of melt pool at four different time instants for P = 1000 W and
v = 1 mm/s with the corresponding three-dimensional melt pool volume extracted. The
results obtained from the Netfabb� model also reinstate the temporal nature of the melt
pool necessitating the requirement of temporal process maps.

Figure 7. ZX cross section of the model simulations and the corresponding extracted isovolume to its
right, showing the temporal variation of melt pool dimensions P of 1000 W and scan velocity v of
1 mm/s.

3.1.3. Comparison of Melt Pool Properties—Eagar-Tsai vs. Netfabb®

While in practice, the ranges of P and v depend on the experimental apparatus, a
higher scan velocity will require a larger domain in the scan direction to ensure that the melt
pool has reached a steady-state, which, consequently, will increase the cost of simulation of
the Netfabb® model. The relationships between the the melt pool geometry (e.g., length,
depth, and length to depth ratio) and the scan velocity over a wide range of power is shown
in Figure 8a. The steady state melt pool length and depth are calculated using Netfabb®

for CMSX-4®. This near-linear behavior indicates that the conclusions obtained from the
current study will be applicable to other domain sizes as well. It is found that the simulation
domain size of 22 mm × 6 mm × 4 mm accommodates the P range of (300 W–1300 W) and
v range of (0.1 mm/s–1.5 mm/s) selected for the process parameter space, Xspace.

The LF Eager-Tsai model rapidly conducts simulations over the process parameter
space compared to the HF Netfabb® model. Figure 8b shows the time taken by each LF and
HF model, and the ratio of time taken by the HF model to the LF model for each discrete
time instants of the melt pool simulation. In this study, the cost of the Eagar-Tsai model
is the time taken to solve the temperature over a three-dimensional domain that has been
divided into 100 equal divisions in each direction. The cost of the Netfabb® model pertains
to the total simulation time for the final mesh selected after the mesh convergence study.
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Figure 8. (a) The length to depth ratio of the melt pool for different combinations of laser power
and velocity. Similar relationships are also observed for the melt pool length and depth and, hence,
not shown here for brevity. (b) Variation of the cost ratio of HF to LF model at several discrete time
instants of the melt pool simulation. Here tLF is the time taken by LF simulations and tHF is the time
taken by HF simulations.

3.2. Design of Forward Process Maps

The overall methodology for developing the forward process maps is shown in
Figure 9. The first step toward developing a process map is to perform an Latin Hy-
percube Sampling (LHS) [57] in the input data space, Xspace. Each input data point is a
combination of (P, v) values. Each output data point is the corresponding melt pool depths,
dH (depth obtained from HF model) and dL (depth obtained from LF model).

Figure 9. Framework followed for developing the forward process maps at discrete time instants
using SFGP/MFGP. The solid green line indicates the path of the MFGP regression while the dashed
magenta line indicates the path of the SFGP regression.

The MFGP surrogate is, thereafter, formulated as follows:

• LHS is employed to select NL input data points in Xspace for which the LF model is
used to obtain the steady-state melt pool depths.

• Similarly, NH input data points are selected in Xspace through a separate LHS, for
which the melt pool depths are obtained from the HF model.

• Using NL LF input-output data points and NH HF input-output data points, the MFGP
surrogate is trained using the maximum likelihood estimation [12] at each discrete
time instants of simulation.
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LHS is adopted in this work because it is one of the most commonly used statistical
methods for DoE [57], which, by virtue of its high sampling efficiency, is capable of
generating a good spread of the initial input data points over the process parameter
space within a limited number of iterations. The prediction performance of the trained
MFGP surrogate is carried out on a set of N test input points (Xtest) in the process parameter
space (i.e., Xtest ∈ Xspace). The predicted values are, then, compared with the true melt
pool depths (dtrue) which refer to the outputs from the HF Autodesk Netfabb� model at
Xtest. When the number of LF simulations is 0, the MFGP surrogate essentially becomes
an SFGP.

3.2.1. Performance Metrics

To investigate the performance of GP surrogates, the following evaluation metrics
are used:

• Root Mean Square Error, RMSE �
√

1
N ∑N

i=1 |dpredμ
(i)− dtrue(i)|2. Here, dpredμ

(i)
denotes the mean of the posterior predictive Gaussian distribution at a test input
indexed i in Xtest. dtrue(i) denotes the true melt pool depth at the same test input and
N is the number of test inputs. Additionally, RMSEavg � RMSE/50, when 50 different
DoE initializations are used.

• Total σ of prediction = ∑N
i=1 σpred(i)/50. Here, σpred(i) is the standard deviation of the

posterior predictive Gaussian distribution at a test input indexed with i in Xtest.

3.2.2. Effect of Adding LF Predictions

Each initialization of the MFGP and SFGP surrogates involves a unique choice of the
HF and LF input-output data points for the surrogate formulation. This is achieved through
the generation of unique input data points for each fidelity model using LHS.

Since HF models are typically computationally expensive, it is of critical interest to
investigate if adding more LF simulations to an MFGP surrogate with a limited number
of HF simulations can improve the prediction performance. Figure 10 shows the effect of
adding LF simulations to an MFGP surrogate for which the number of HF simulations
(NH) is constant. Since, in practice, the predictions are often dependent on the training
data choice [58], the regression performance of the MFGP and SFGP surrogates reported in
Figure 10 are based on the average performance over multiple initializations of the initial
DoE of the respective surrogates. An intentional choice of low NH values is adopted since
it is challenging to fit a reasonably good MFGP surrogate when NH is low [40].

Adding data from the LF model results in the reduction of both RMSEavg and total σ
of the prediction. A reduction in RMSEavg corresponds to more accurate predictions of the
melt pool depth, while a reduction in σ indicates higher confidence in the MFGP surrogate
predictions [40]. For NH = 20, Figure 10c shows a 55% reduction in RMSEavg, and 61%
reduction in total σ for NL/NH = 6, as compared to the SFGP surrogate (NL/NH = 0).

A similar trend is also observed for the other two cases of fixed NH data. The highest
reduction in RMSEavg and σ occurs for NH = 20 as NL is increased. This is due to the
presence of a larger amount of HF data in the corresponding MFGP surrogate which
is expected to reduce RMSEavg. But, even for the case with NH = 5, the reductions in
RMSEavg and total σ are found to be 35% and 71%, respectively. This demonstrates the
capability of the MFGP surrogate to efficiently incorporate MF information to improve
the predictive performance as well as to achieve higher confidence in the predictions in a
Bayesian setting, without increasing the total simulation cost significantly.
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Figure 10. Parity plots for (a) SFGP with NH = 20 and (b) MFGP with NH = 20, NL = 120. Variation
of RMSEavg and Total σ as a function of NL by keeping NH fixed at (c) 5 (d) 10, and (e) 20. NL/NH has
been varied from 0 to 6. The performance of MFGP in predicting the melt pool depth is evaluated on a
test set, Xtest of 100 randomly sampled points from Xspace. The results reported are the corresponding
averages of RMSE and σ over 50 different initializations of the MFGP.

3.2.3. Effect of Adding HF Predictions

The effect of adding HF data to MFGP surrogates is shown in Figure 11. NL is kept
fixed at 80 for all MFGPs. The error probability distribution indicates a significant increase
in prediction accuracy as NH is increased from 20 to 40, with almost 60% of the predictions
falling in the bin corresponding to the smallest absolute prediction error for NH = 40.
This probability is calculated as p[0 mm ≤ |dpredμ

− dtrue| ≤ 0.025 mm]. The probability
shows a slight increase with NH = 60, but the overall mean prediction performance appears
to saturate after NH = 40, when a coefficient of determination, R2 = 0.99 and RMSE of
0.029 are achieved. Adding more HF data shows little effect in the mean prediction, as
evinced by the respective R2 and RMSE scores. The uncertainty in prediction, as expected,
progressively decreases with the addition of HF data.
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Figure 11. Effects of adding HF data to MFGP surrogates. (a,d,g,j) Variation of the absolute error
|dpredμ

− dtrue| over Xtest as a function of NH . NH is varied from 20 to 80, in steps of 20, while
keeping NL constant at 80. Each circle on the figure indicates the error at a test input data point
in Xtest. (b,e,h,k) Histograms approximating the probability distribution of the absolute errors in
the prediction over Xtest. The bin probabilities indicate the fraction of points in the test set for
which the absolute values of the prediction error lie within the respective bin limits. (c,f,i,l) Parity
plots comparing the true depths at Xtest (sorted in an increasing order of magnitude) with the
corresponding depths predicted by the respective MFGPs, along with the RMSEs of prediction. The
predicted depth, being probabilistic, is represented by a filled circle indicating the mean (μ), and
vertical bars indicating the associated uncertainty in prediction (μ ± 1.0σpred). The individual figure
captions also include the coefficient of determination, R2 in the predicted mean melt pool depths for
the respective MFGP surrogates.

Figure 12 shows the predicted melt pool depths at Xtest along with the prediction error
% and the standard deviation associated with it obtained via an MFGP with NH = 40 and
NL = 80 that results in the high R2 and low RMSE values reported for the same case in
Figure 11f. The results show that a maximum number of 40 HF input-output data points
and 80 LF input-output data points is enough to develop a robust MFGP surrogate to
predict the melt pool properties (e.g., melt pool depth) for the case studied in this work.
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Figure 12. Comparison of (a) the mean predicted melt pool depth with (b) % error calculated as(
dpredμ−dtrue

dtrue

)
× 100%, and (c) standard deviation, σpred associated with each prediction, for MFGP

with NH = 40 and NL = 80 on Xtest of 100 randomly sampled input data points from XSpace.

NLML is minimized using the L-BFGS optimization scheme. Figure 13 shows the
NLML convergence curves for SFGP and MFGP for each case of NH where the MFGP
surrogate is augmented with 80 LF points. The SFGP surrogate is found to be optimized
with a lower number of iterations compared to the MFGP surrogate, for all cases of NH .
However, the MFGP surrogate converges to a better optimum for cases with a lower
number of HF predictions, i.e, NH = 20, 40, and 60. A lower value of NLML corresponds
to a better optimum and, hence, an improved prediction by the surrogate. The MFGP
convergence curves are less susceptible to variations in the number of HF predictions,
unlike SFGP where large disparities in the optimum values are observed with a change in
NH . Naturally, SFGP converges to a better optimum for NH = 80 since it is being trained
with more HF predictions, that are closer to the true values, without any influence from
the less accurate LF predictions. The results bolster the robustness and reliability of MFGP
especially in the data-scarce regime.
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Figure 13. Comparison of convergence of NLML: (a) SFGP for 20, 40, 60, and 80 HF points and
(b) MFGP for 20, 40, 60, and 80 HF points integrated with 80 LF points.

3.3. Design of Inverse Process Maps

While the forward process maps including UQ are extremely critical in identifying
the effects of process parameters on the melt pool depths, it is not sufficient for intelligent
process planning. AM is a spatio-temporally evolving process because of which the thermal
conditions continuously change as a part is built-in layers [37]. This can cause significant
disparities in the microstructures and properties of the first and the last layers [59]. The
melt pool depths vary across different layers and tracks due to the progressive addition
of thermal energy to the part during the build process. Non-uniform melt pool depths in
AM are widely reported in the open literature involving experimental [60,61] as well as
numerical [37,62] investigations. The development of inverse process maps is, therefore, a
critical requirement for achieving a consistent melt pool depth throughout the build process,
even when the thermal conditions change continuously [63]. The inverse process maps
are developed by solving an optimization problem that searches for process parameters
to maintain the melt pool depth at the desired value during a single-layer single-track
L-DED process. Since an integration of the HF model with an optimization tool will be
computationally expensive, this paper proposes to develop the inverse process maps in
an MF setting, whereby the MFGP surrogates are used to solve an optimization problem
under a limited (pre-defined) computational budget.

The MFGP approach described in the previous subsection is extended in the setting of
BO to minimize an objective function: J(t, P, v) � |d(t,P,v)−d∗|

|d∗| , where d(t, P, v) is the melt
pool depth obtained at discrete time instants during a representative build process for a
given choice of process parameters (P, v), and d∗ is the desired melt pool depth. The total
duration of the build process is discretized into time intervals Δt, during which the process
parameters are kept constant at the optimized values of the previous time step. Making the
Δt finer would potentially allow for a smoother variation of process parameters during the
build process. It is easily understood that J(t, P, v) is minimized when d(t, P, v) = d∗ at all
time instants under consideration, and hence, solving the optimization problem amounts
to finding process parameters (P, v) that maintain the melt pool depth close to d∗.

The MFGP-BO optimization algorithm is schematically shown in Figure14 and formu-
lated as follows:

1. First, an initial MFGP surrogate is learned with NH number of HF input-output data
points and NL number of LF input-output data points. LHS is employed to select NL
input data points in the process parameter space, Xspace, for which the LF model is
used to obtain the melt pool depths. Similarly, NH input data points are selected in
the process parameter space, X∗ ∈ Xspace, through a separate LHS, for which the melt
pool depths are obtained from the HF model. It is to be noted that NH << NL.
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2. A prospective HF input data point is selected from the search space Xspace, using the
EI acquisition function [48], and the corresponding output data point is obtained from
the HF model. This input-output data is added to the initial MFGP surrogate.

3. The MFGP surrogate is then retrained, and a prospective LF input data point is
selected from X∗ using the GP-MI acquisition function [49], and the corresponding
output data point obtained from the LF model. Thereafter, this input-output data is
added to the MFGP surrogate, followed by another step of surrogate retraining.

4. This sequential selection of new HF and LF data, followed by surrogate retraining
(Steps 2 and 3) is performed until the optimization budget expires. The optimization
budget limitation is manifested by a maximum allowable Nopt, denoting the number
of sequential optimization steps that are allowed to be performed, and is a user-
defined parameter.

Figure 14. Framework of the MFGP and the SFGP Bayesian Optimization routines. The solid green
line indicates the path of MFGP-BO and the dashed magenta line indicates the path of SFGP-BO.

The optimization framework involving the SFGP surrogate is similar, albeit it only
involves the HF model as the sole fidelity level. Hence, the SFGP optimization algorithm
starts with NH number of HF data for training the surrogate. LHS is employed to select
NH input data points in the process parameter space, Xspace, for which the HF model is
used to obtain the melt pool depths. The selection of new HF input data in X∗ ∈ Xspace is
performed using the EI acquisition function in BO. The output data is obtained from the
HF model. Thereafter, the input-output data is added back to the initial SFGP surrogate for
retraining it, and the sequence continues till the optimization budget expires. Similar to
the regression studies, the optimizations are also carried out over 50 initializations, and
the results reported are the average over these initializations. Since the MFGP surrogate
is used for optimization, analyzing its performance over multiple initializations ensures
that the performance metrics do not reflect a bias inadvertently introduced by the choice
of the initial MFGP surrogate. For example, if an initial MFGP caters to a local cluster in
the search space of process parameters, the surrogate would likely be poor in other areas
of the input domain. One way to counter that problem is to have an initial input-output
training data set that is well spread out, e.g., using separate LHSs for selecting NH and NL
input points from Xspace. However, if the initial MFGP surrogate contains input points that
are close to the true optimal point, there may be a tendency for the optimization routine to
converge quickly to the global optima.

3.3.1. Performance Metrics

The MFGP optimization framework is compared with its SFGP counterpart with
respect to computational savings and the quality of the optimized process parameters. The
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optimization performance of both are based on the average performance over multiple
initializations of the initial DoE to avoid any bias arising from the choice of training data.The
optimization routine is executed only if the initial MFGP/ SFGP surrogate has no (P, v)
input for which the melt pool depth is within (d∗ ± ε) for a pre-defined ε > 0. This ensures
that no optimization routine gets accidentally fortunate with an initial LHS input data point
yielding close to the desired melt pool depth. The performance metrics are: (1) Fraction of
optimization budget consumption (χbudget) and (2) Quality Improvement (QI). The metrics
are defined as follows:

1. χbudget =
N∗/NT

Nopt
, where N∗ = ∑NT

i=1 Ndi∼d∗ . Here, Ndi∼d∗ indicates the optimization
iteration number at which the obtained depth di is closest to d∗ in absolute norm,
NT = number of initializations out of 50 for which the optimization routine is executed,
according to the ε criterion described above. Hence, N∗/NT indicates the average
number of optimization steps required to obtain the process parameters for which the
melt pool depth is closest to the desired value. Normalizing N∗/NT with Nopt, thus,
reflects the fraction of the optimization budget that is consumed.

2. QI = RMSESFGP−RMSEMFGP
RMSESFGP

× 100% where, RMSEMFGP/SFGP =
√

Σ(di−d∗)2

NT
where di is the melt pool depth (mm) closest to d∗ in absolute norm obtained within
Nopt iterations for each initialization, d∗ is the desired depth (mm). The subscripted
MFGP/SFGP denote the RMSE obtained from the MFGP/SFGP surrogates respec-
tively. QI is a measure of comparing the process parameter combinations obtained
from MFGP-BO and SFGP-BO with respect to the closeness of the respective melt pool
depths to the desired depth.

3.3.2. Optimization Performance—SFGP-BO vs. MFGP-BO

The comparison of QIs among different surrogates (Figure 15) shows that the quality
of the optimized design points obtained from MFGP tends to be better than those obtained
from SFGP. QI is the highest with NH = 5 and the lowest with NH = 20 for all time steps.
This is expected since adding HF data points in the initial DoE allows the SFGP surrogate
to learn the response surface better in the input-output space, which results in better
predictions from the SFGP optimization. This analysis shows that MFGP surrogates can
significantly improve the optimization performance particularly in the scarce-data regime.

Figure 16 shows the comparison of the optimization performance between MFGP
and SFGP. Low values of initial NH (NH < 40) are selected for this comparison, since it is
previously observed from Figure 11 that NH = 40 points result in a highly accurate fit in
the input-output space under consideration, and, hence, is expected to perform well in the
optimization phase. The true potential of the optimization algorithm is, therefore, tested
when the initial HF information is not significant enough to start with a good response
surface of the objective function. Such a scarcity of data is a much closer representation
of the real-world design optimization tasks when dealing with very expensive process
models. From Figure 16a–c, it is observed that the MFGP surrogate results in lower χbudget
for all NH selections at several discrete time instants. This indicates, on an average, around
12% reduction in the consumption of the optimization budget is observed for the cases
investigated in this paper. This indicates the benefit of integrating LF information through
MFGP surrogates to identify optimal points faster than SFGP surrogates that solely use the
HF information.
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Figure 15. Quality improvement (QI) compared for the three NH values. Nopt = 5 has been chosen
for all optimization exercises.

Figure 16. Optimization performance metrics for maintaining the melt pool depth at d∗ = 1 mm.
d∗ = 1 mm is selected based on the work by Toyserkani and Khajepour [61]. The search space,
X∗ consists of 1000 randomly sampled input data points from Xspace. For all MFGP surrogates,
NL/NH = 4 is maintained. The optimization is performed starting from t = 2 s till t = 8 s at every
2 s time interval. The maximum time is 8 s since the melt pool depth reaches a steady-state value
within 8 s for the selected geometry and the process parameter range. The optimization is performed
when there are no initial melt pool depth values in the initial MFGP surrogate within 1 ± 0.03 mm
(ε = 30 μm). A comparison of χbudget for MFGP and SFGP with (a) NH = 5 (b) NH = 10 and
(c) NH = 20. Nopt = 5 is chosen for all optimization exercises.
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4. Conclusions and Future Work

This paper has developed a methodology using MFGP and MFGP-BO for designing
forward and inverse temporal process maps in L-DED. The continuous changes in the
melt pool geometry are predicted by a low-cost MFGP surrogate developed by integrating
two melt pool simulation models. The LF model is based on the analytical Eagar-Tsai’s
model while the HF model is based on Autodesk Netfabb®’s FEM model. The uncertainties
associated with the predictions of the melt pool depths are quantified using GPs. It is
demonstrated that MFGP predictions are more accurate and have higher confidence than
SFGP. Once the temporal forward process maps are developed, MFGP and SFGP are
coupled with BO for developing the inverse process maps. These maps are used to estimate
the process parameters required to achieve the desired melt pool depth. The BO algorithm
minimizes an appropriate objective function that quantifies the deviation of the melt pool
depth from the desired value under computational budget constraints to yield the optimal
process parameters under varying thermal conditions.

The reliability of the optimization algorithm, however, depends on the fundamental
physics addressed by the models. While the HF models are more capable in resolving the
fundamental physics, the computational cost involved in the optimization process can
be significantly high. For example, the cost of running a Netfabb® L-DED model for a
single-track and single-layer simulation as described in this paper is ∼10 times higher
than the Eagar-Tsai’s model at t = 2 s, and ∼150 times higher at t = 10 s. The MFGP-BO,
where the HF model is integrated with the LF model, thus fairs better than the SFGP-BO
by reducing the computational overhead by 12% percent without compromising on the
quality of the optimized process parameters. Such a benefit will continue to increase for
larger domain sizes having multi-layer multi-track depositions. Hence, this algorithm is
particularly conducive for process planning purposes in data-scarce regimes.

The demonstrations of MFGP and MFGP-BO are presented, in this paper, for designing
the forward and inverse temporal process maps, respectively, incorporating UQ for the
melt pool depth. However, the formulation is flexible to accommodate for other properties
such as the residual stress or the mean grain size as long as multiple process models
having different fidelities exist. The formulation can also incorporate more than two
levels of fidelity by appropriately modifying the covariance matrix which determines the
correlations among the different levels of fidelity [15]. The realization of such a formulation
has the potential to reduce the requirement for extensive computational investigation
toward the development of sophisticated model-based feedforward and feedback control
strategies [64] in and beyond L-DED AM. Additional investigations are also planned in the
future as summarized below:

1. Developing multi-dimensional process maps that include other process parameters
such as scan spacing, powder feed rate, and build plate temperature.

2. Augmenting the present two-fidelity surrogate by incorporating experimental data
that would serve as the highest-fidelity level (true values).

3. Using the MF surrogate for constrained optimization e.g., estimating the optimal
parameters for controlling the melt pool depth while being constrained to maintain
the desired microstructure (e.g., % of equiaxed or columnar grain morphology).

4. Formulating an MF framework that allows for the inclusion of heterogeneous input
spaces across different fidelities. For example, the HF model can take multiple process
parameters e.g., scan pattern, hatch spacing, etc. while the LF model can incorporate
only the primary process parameters, P and v. Optimization with such different input
parameter space needs special methods such as heterogeneous transfer learning [65]
to learn from a common subspace of the inputs.

Author Contributions: Conceptualization, A.B. and S.M.; methodology, N.M., S.M. and A.B.; soft-
ware, N.M. and S.M.; validation, N.M. and S.M.; formal analysis, N.M. and S.M.; investigation, N.M.
and S.M.; resources, A.B.; data curation, N.M.; writing—original draft preparation, N.M., S.M. and
A.B.; writing—review and editing, A.B.; visualization, N.M. and S.M.; supervision, A.B.; project

184



Materials 2022, 15, 2902

administration, A.B.; funding acquisition, A.B. All authors have read and agreed to the published
version of the manuscript.

Funding: The work reported in this paper is funded in part by the Pennsylvania State University,
PA 16802, USA and in part by the U.S. Army Engineer Research and Development Center through
Contract Number W912HZ21C0001. Any opinions, findings, and conclusions in this paper are those
of the authors and do not necessarily reflect the views of the supporting institution.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The datasets generated during and/or analyzed during the current
study are available from the corresponding author on reasonable request.

Acknowledgments: The authors would like to thank Michael Gouge, Research Engineer, Autodesk
for his help with Netfabb®. The authors are indebted to Chris Hirsh, IT Consultant, Department of
Mechanical Engineering for his help with Netfabb® installation and remote operation.

Conflicts of Interest: The authors declare no conflict of interest.

Abbreviations

The following abbreviations are used in this manuscript:

AL Active Learning
AM Additive Manufacturing
BO Bayesian Optimization
DoE Design of Experiments
EI Expected Improvement
FEM Finite Element Modeling
GP Gaussian Process
HF High Fidelity
L-BFGS Limited Memory Broyden-Fletcher-Goldfarb-Shanno
L-DED Laser-Directed Energy Deposition
LF Low Fidelity
LHS Latin Hypercube Sampling
MF Multi Fidelity
MFGP Multi Fidelity Gaussian Process
MFGP-BO Multi Fidelity Gaussian Process—Bayesian Optimization
MI Mutual Information
NLML Negative Log Marginal Likelihood
SF Single Fidelity
SFGP Single Fidelity Gaussian Process
SFGP-BO Single Fidelity Gaussian Process—Bayesian Optimization
UQ Uncertainty Quantification
Nomenclature
αL Absorptivity of laser beam
δ(x) Discrepancy function of x

ρ Correlation function
θ1, θ2 Hyperparameters of the covariance
q Heat flux
μ(x) Mean function of x

χbudget Fraction of the optimization budget that is consumed
cholesky(A) Cholesky decomposition: L is a lower triangular matrix

such that LLT = A
ρp Material density
ε Pre-defined tolerance in optimized value
σ(x) Variance function of x

σL Distribution parameter
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σpred Standard deviation of the posterior predictive Gaussian
distribution
of the melt pool depth

σε
2, σε1

2, σε2
2 Noise variance

ap Thermal diffusivity of material
cp Specific heat of material
d Melt pool depth
di Melt pool depth closest to desired depth at ith initialization

for which optimization routine is executed
d∗ Desired melt pool depth
dL, dH Predicted melt pool depth from LF and HF models, respectively
dtrue True melt pool depth
dpredμ Mean of the posterior predictive

Gaussian distribution of the melt pool depth
E(y) Expectation of y

f (x) Gaussian process function values, f = ( f (x1), . . . , f (xn))

fx∗ Gaussian process (posterior) prediction (random variable)
f̂x∗ Gaussian process posterior mean
heff Effective heat transfer coefficient
hforced Forced convection heat transfer coefficient
hfree Free convection heat transfer coefficient
hradiation Radiation convection heat transfer coefficient
J Objective function for BO
k, k(x, x′) Kernel functions of GPs
k2, k1 Kernel functions of HF and LF GPs
K Covariance matrix
kp Thermal conductivity of material
NL, NH Number of LF points, Number of HF points
Nopt Maximum allowable optimization iterations
NT Number of initializations for which the optimization

routine is executed
N∗ Sum of optimization iteration numbers at which the

obtained depth is closest to d∗ in absolute norm
Ndi∼d∗ Optimization iteration number at which

the obtained depth di is closest to d∗ in absolute norm
P Laser power
Ptrn, vtrn Training input data: Laser power, velocity
Ptst, vtst Test input data: Laser power, velocity
QI Quality Improvement
RMSE Root mean square error
RMSEavg RMSE averaged over all initializations
RMSEMFGP, RMSEMFGP RMSE calculated for MFGP-BO,RMSE calculated for MFGP-BO
R2 Coefficient of Determination
t Time
t′ Dummy integration variable
tLF, tHF Time taken by LF model (s), Time taken by HF model (s)
T0 Initial temperature
Δt Time step
Ts Surface temperature
T(xc, yc, zc, t) Temperature as a function of coordinates (xc, yc, zc) and time (t)
T∞ Ambient temperature
TL Liquidus temperature
v Laser scan velocity
Σtst Covariance of the posterior Gaussian distribution at test input
μtst Mean of the posterior Gaussian distribution at test input
x, x′ Input variables

186



Materials 2022, 15, 2902

x̂ Value of x that maximizes an objective function
xtrn, xtst Training input, Test input
x2, x1 Inputs to HF and LF models
X Combined input to a GP consisting of x2, x1
XSpace Process parameter space
XTest Test space
X∗ Search space for optimization
y, y′ Output of a GP
Y Combined output of a GP consisting of y2, y1
y2, y1 Outputs from HF and LF models
ytrn, ytst Training output, Test output
V Variance
N Gaussian distribution
α, Ψ, ψ1 ψ2, β Intermediate parameters in Algorithm 1
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Abstract: Titanium alloys, especially β alloys, are favorable as implant materials due to their promis-
ing combination of low Young’s modulus, high strength, corrosion resistance, and biocompatibility.
In particular, the low Young’s moduli reduce the risk of stress shielding and implant loosening.
The processing of Ti-24Nb-4Zr-8Sn through laser powder bed fusion is presented. The specimens
were heat-treated, and the microstructure was investigated using X-ray diffraction, scanning electron
microscopy, and transmission electron microscopy. The mechanical properties were determined by
hardness and tensile tests. The microstructures reveal a mainly β microstructure with α” formation
for high cooling rates and α precipitates after moderate cooling rates or aging. The as-built and α”
phase containing conditions exhibit a hardness around 225 HV5, yield strengths (YS) from 340 to
490 MPa, ultimate tensile strengths (UTS) around 706 MPa, fracture elongations around 20%, and
Young’s moduli about 50 GPa. The α precipitates containing conditions reveal a hardness around
297 HV5, YS around 812 MPa, UTS from 871 to 931 MPa, fracture elongations around 12%, and
Young’s moduli about 75 GPa. Ti-24Nb-4Zr-8Sn exhibits, depending on the heat treatment, promising
properties regarding the material behavior and the opportunity to tailor the mechanical performance
as a low modulus, high strength implant material.

Keywords: laser powder bed fusion; Ti-24Nb-4Zr-8Sn; titanium alloy; biomedical engineering;
mechanical properties; microstructure; X-ray diffraction

1. Introduction

Nowadays, there is still a lack of individualized implants, facing safety and risk
concerns [1]. Individually adapted implants may reduce revision surgeries and rehabil-
itation times. They can also restore joint kinetics and improve implant fixation during
healing [2]. Patient-specific, customized implants can significantly increase the success rate
of the medical treatment of a patient [3,4]. Additive manufacturing (AM) and, specifically,
laser powder bed fusion (LPBF) provide the possibility to manufacture these customized
implants [5]. LPBF is a powder-based AM technology in which parts are built layer by layer
using a laser beam melting the specified area. This layer-wise fabrication of parts leads
to geometrical freedom, with few design constraints, and the possibility to manufacture,
economically, down to a batch size of one [6,7].

Titanium and titanium alloys are receiving increasing attention in different industries
such as aerospace and especially medical industries, due to their superior mechanical
performance, as well as their excellent corrosion resistance and biocompatibility [8–10]. For
most applications and biomedical use cases, (α + β) phase titanium alloys, such as Ti-6Al-4V
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or Ti-6Al-7Nb, are used with the main disadvantage of a relatively high Young’s modulus
around 110 GPa, which is over 3 to 4 times higher compared to the cortical human bone [11].
Titanium alloys are often used for load-bearing implants, where this mismatch between the
implant and surrounding bone leads to stress shielding [12]. The difference in stiffness leads
to a reduced loading of the bone. Stress shielding is an adaption of bone cells to varying
stress states in the bone and, therefore, may result in bone density reduction and implant
loosening [13]. Recent studies reflect the development of titanium alloys towards low elastic
moduli accompanied by high strengths, and non-toxic and non-allergic elements [14–17].
Trying to increase the biocompatibility by substituting the toxic elements aluminum and
vanadium, and still obtaining sufficient mechanical properties, the β titanium alloy Ti-
24Nb-4Zr-8Sn (Ti2448) was developed. The Ti2448 alloy exhibits a low Young’s modulus of
42 GPa to 55 GPa and a high strength of 800 MPa to 1200 MPa, depending on processing and
heat treatment routes [18–21]. The biocompatibility and corrosion behavior are improved
through the substitution of the hazardous alloying elements with non-toxic elements
such as niobium, zirconium, and tin. Ti2448 is a promising alloy, containing non-toxic,
biocompatible elements, but is also compromised in terms of microstructural features
and mechanical properties, due to the high concentration of β phase stabilizing elements.
Analogous to pure titanium, the α phase has a hexagonal closed packed (hcp) structure
at ambient temperature. Above 882 ◦C, titanium consists of body-centered cubic (bcc)
structures, which is the β phase. The β phase becomes stable and can be maintained in the
metastable state below 882 ◦C by adding β stabilizers. The amount of β stabilizer to obtain
purely β phases at ambient temperature depends on the molybdenum equivalency Moeq,
which is an empirical rule derived from an analysis of binary titanium alloys, and can be
described as follows [22–26]:

Moeq = 1.0 Mo + 0.67 V + 0.44 W + 0.28 Nb + 0.22 Ta + 1.6 Cr + 2.5 Fe...
− 1.0 Al [wt. %].

(1)

In general, the addition of 10 wt. % molybdenum suppresses the transformation from
β to α upon quenching. Below a Moeq of 10, the alloy is metastable [22,26]. The effect of
molybdenum is, on the one hand, a reduction in the critical cooling rate to retain the β

phase and, on the other hand, a significant reduction in the martensitic start temperature
MSα′ [25]. Bania’s equation for the Moeq includes a factor for aluminum. The aluminum
equivalent Aleq is added to reflect the tendency to support the formation of the α phase
concerning the α stabilizers aluminum, tin, oxygen, and nitrogen as follows [26,27]:

Aleq = 1.0 Al + 0.17 Zr + 0.33 Sn + 10 O + 10 N [wt. %]. (2)

In the condition of energy disturbance, such as heat treatment and deformation, the
metastable bcc β phase decomposes into the hcp α phase, the hcp α′ martensite phase, the
orthorhombic α” martensite, or/and the ω phase [27–32]. The α′ martensite formation in
titanium alloys, in general, results in increasing tensile strength and hardness accompanied
by decreasing plasticity [33,34]. The formation of α” martensite under rapid quenching
tends to reduce hardness, tensile, and fatigue strength [18,35–38]. Additionally, the ω phase
is strengthening the titanium alloy in a certain volume fraction range, but also can lead to
embrittlement [39,40]. Heat treatments of metastable β titanium alloys show promising
features to improve and enhance the mechanical properties and are considered for different
fields of applications, including aerospace or medical applications [22,26,41,42].

Various titanium alloys have already been manufactured by LPBF, such as
Ti-6Al-4V [43–45] and Ti-6Al-7Nb [46–50]. As described, these alloys obtain high elas-
tic moduli compared to human bones, which could lead to stress shielding, and contain, in
part, hazardous elements such as aluminum and vanadium, which are referred to allergic
reactions, neurotoxic effects, and probably Alzheimer’s disease [51–53]. Therefore, in this
study, the low-modulus metastable β titanium alloy Ti2448 is manufactured by LPBF and
investigated. The complex phase transformation in combination with the LPBF is unknown
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and these investigations are to contribute to understanding the mechanisms. Subsequent
heat treatments are applied to modify and adjust the mechanical properties. To tailor the
material behavior and to achieve sufficient mechanical properties, different heat treatments
are conducted. Conclusively, the effects of different microstructures in the as-built and
heat-treated conditions on the mechanical behavior is determined.

2. Materials and Methods

The Ti2448 powder was gas atomized by GfE Metalle und Materialien GmbH (Nürnberg,
Germany) and examined concerning particle size distribution with a Mastersizer 2000
(Malvern Panalytical GmbH, Kassel, Germany) using laser diffraction. The powder is
mainly spherical, see Figure 1a. It has a nominal particle size distribution between 28.5 μm
(D10) and 73.9 μm (D90) with a log-transformed normal distribution centered at 45.9 μm
(D50). The chemical composition of the initial Ti2448 powder was determined by the
Revierlabor (Chemische Laboratorien für Industrie und Umwelt GmbH, Essen, Germany)
by X-ray fluorescence analysis, combustion analysis with infrared detection, and standard
carrier gas hot extraction. The measured composition is compared to the target values and
the LPBF manufactured specimens. The chemical composition of the as-built specimens
was determined using the Bruker Q4 Tasman optical emission spectrometer (OES, Bruker
AXS GmbH, Karlsruhe, Germany).

Figure 1. (a) SEM image of the morphology of initial Ti2448 powder, inset showing a spherical
powder particle in higher magnification; (b) schematic overview of the heat treatments (ST = solution
treatment, FC = furnace cooling, AC = air cooling, SWQ = slow water quenching in a glass ampule,
A = aging) as well as the βTransus temperature; (c) geometry in reference to the building direction
(BD) of the tensile specimens; (d) image of an as-built sample, support structure below the white
dashed line.

The specimens were manufactured using an LT12 SLM machine (DMG MORI AG,
Bielefeld, Germany) in an inert argon atmosphere containing less than 1000 ppm oxygen
to minimize oxidation of the molten pool and the risk of introducing contaminants. The
machine is equipped with a 400 W fiber laser with a spot size of 35 μm. Specimens were
manufactured using a laser power P = 225 W, with a laser scanning speed v = 1.5 m s−1

and hatch distance h = 0.1 mm to obtain a relative density of more than 99.5%. As the
contour parameters, a laser power Pc = 150 W and a scanning speed vc = 0.4 m s−1 were
applied. The layer thickness was kept constant at 50 μm, while the layer-wise rotation of
the scanning vectors of 67◦, and 5 mm stripes were applied. The building platform was
preheated to 200 ◦C.
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The as-built specimens were studied and compared to heat-treated specimens to
analyze the differences in microstructure and mechanical properties. For identification
of the effects of heat treatments, four different treatments were conducted in evacuated
glass ampules in a Nabertherm furnace N41/13 (Nabertherm GmbH, Lilienthal, Germany).
Solution treatment (ST) was performed at 750 ◦C for 1 h for all heat treatments followed by
different cooling rates. Furnace cooling (FC), air cooling (AC), and slow water quenching
(SWQ) of the glass ampules in water were applied. Additional specimens were aged at
500 ◦C for 4 h after SWQ (SWQ+A) with subsequent AC, see Figure 1b [54].

The crystalline phases were analyzed by X-ray diffraction (XRD) using a D8 Advance
diffractometer (Bruker AXS GmbH, Karlsruhe, Germany) equipped with a polycapillary
parallel X-ray lens of 2 mm and a LynxEye silicon strip detector (Bruker AXS GmbH,
Karlsruhe, Germany). The specimens were ground with sandpaper (grain size 2500) and
then vibration polished for 24 h on a VibroMet (Buehler, ITW Test & Measurement GmbH,
Düsseldorf, Germany). The XRD measurements were performed with Cu-Kα1 radiation
(λ = 1.5406 Å) at an acceleration voltage of 40 kV and a current of 40 mA. The diffractograms
were obtained in Bragg-Brentano geometry over a scanning range of 2θ within 30◦ and
90◦ with a scan step of Δ2θ = 0.034◦ and an exposure time of 1 s. In addition, the lattice
parameters of the hcp α, orthorhombic α”, and bcc β phases were determined.

For microstructural and hardness investigations, the specimens were ground and
vibration polished. KOH-solution (32% H2O; 8% H2O2; 60% KOH (40%)) was used for
etching the specimens from 2.5 min to 5 min. The etched specimens were investigated with
a light microscope (LiMi) Zeiss Axiophot (Carl Zeiss AG, Oberkochen, Germany). Powder
morphology and microstructure were examined with a scanning electron microscope (SEM)
Zeiss Ultra Plus (Carl Zeiss AG, Oberkochen, Germany).

Further examination of the microstructure was performed using transmission electron
microscopy (TEM). Thin foils were prepared. Slices of ≈400 μm thickness were cut employ-
ing the Struers Sectom-5 (Struers GmbH, Willich, Germany). The slices were ground using
SiC abrasive papers to a thickness of ≈100 μm. Then, 3 mm diameter discs were punched
out of the slices. The discs were further thinned with Struers Tenupol-5 (Struers GmbH,
Willich, Germany) using an electrolyte containing 5% perchloric acid-methanol solution at
a voltage of 21 V, a current of 16 mA, and at a solution temperature of −23 ◦C. TEM was
performed using a JEOL JEM-ARM 200F (JOEL Ltd., Tokyo, Japan). TEM, high-resolution
TEM (HRTEM), high angle annular dark-field scanning TEM (HAADF-STEM), and energy
dispersive spectroscopy (EDS) was performed. EDS maps were measured on selected
regions of the HAADF-STEM images with a 5 nm step size and 2 s dwell time per step.

The Vickers hardness was measured on surfaces perpendicular to the build direction
with a hardness tester KB 30 FA (KB Prüftechnik GmbH, Hochdorf-Assenheim, Germany)
according to Vickers HV5. A minimum of two specimens per condition were tested with
30 hardness indentions across the surface of each specimen.

The monotonic tensile tests were performed utilizing a servo-hydraulic test-rig MTS
858 Tabletop System (MTS Systems Corporation, Eden Prairie, MN, USA) equipped with a
20 kN load cell and an extensometer 632.29F-30 (MTS Systems Corporation, Eden Prairie,
MN, USA). The design of the miniature dogbone specimens is according to DIN EN ISO
6892-1, but does not fulfill the proportional specimen criterium [55]. The loading direc-
tion was parallel to the building direction (BD). The geometry and the BD are depicted
in Figure 1c. An as-built sample is shown in Figure 1d. The tensile test procedure corre-
sponded to a displacement-controlled execution with a crosshead speed of 1.5 mm min−1

according to DIN EN ISO 6892-1 [55].

3. Results and Discussion

3.1. Chemical Composition

The chemical composition of the initial Ti2448 powder was determined and compared
to the target values and the LPBF manufactured specimens, see Table 1. The initial powder
niobium content is slightly higher than prescribed, whereas the tin content is slightly lower.
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Due to the different melting temperatures of the alloying elements, it is challenging to
obtain the desired chemical configuration of the initial powder. The contents of zirconium
and tin in the as-built specimens are in the prescribed range, the content of niobium is
above 9 wt. %. The chemical composition could be affected by the vaporization of the
alloying elements during the fabrication process [56–60]. Nevertheless, the oxygen content
could be increased due to residual oxygen in the process chamber and the oxygen affinity
of titanium at elevated temperatures [61,62]. Based on Equations (1) and (2), the Moeq is
calculated for the initial powder state to be 2.94. Based on the chemical composition of the
alloy, one may assume that the alloy is a metastable β to β rich titanium alloy [22,26].

Table 1. Chemical composition of initial powder and LPBF manufactured Ti2448 alloy in wt. %.

Condition Ti Nb Zr Sn O Moeq

Target Value Bal. 23.5–24.5 3.5–4.5 7.5–8.5 <0.12 2.32
Initial Powder Bal. 25.2 4.2 7.1 0.11 2.94

as-built Bal. >9.0 3.5 8.2 0.37 -

3.2. Phase Constituents and Microstructure

The microstructure of Ti2448 highly depends on the processing route and the heat
treatment. The XRD diffractograms of the LPBF processed Ti2448 in the initial powder,
as-built, and heat-treated conditions are shown in Figure 2. It can be observed that Ti2448
mainly consists of the cubic β phase (space group Im3m) and, depending on the condition,
also contains low amounts of the hexagonal α phase (space group P63/mmc), orthorhom-
bic α” martensite (space group Cmcm), or presumably hexagonal ω phase (space group
P6/mmm). Compared to the β phase, the Bragg reflections of the remaining phases are
broader, indicating a high degree of microstrain (deformed crystal lattice) and/or small
grain sizes [63,64]. The Ti2248 powder contains the α” phase next to the β phase. For
Ti2248 in the as-built state, the Bragg reflections of the β (200) and β (211) planes show a
shoulder formation towards higher angles, indicating a superposition with another Bragg
reflection. At these angles, the Bragg reflections may originate from the ω phase. A clear
assignment is not possible due to the overlapping and broad reflections. Contrarily, the
heat-treated Ti2248 alloys possess either the α” or α phase. The microstructure and sub-
sequent transformation behavior are highly sensitive to the chemical composition and
various cooling rates from the β phase field. In general, metastable β decomposes in the α

(hcp), the α′ martensite (hcp), the α” martensite (orthorhombic), and the ω phases [27–30].
The transformation can be tailored by employing heat treatments, thereby controlling the
content of β stabilizers in the β phase through the cooling conditions [64–66]. For niobium
concentrations less than 13 wt. % in Ti-Nb alloys, the α′ martensite is usually present [37].
Therefore, the Ti2248 alloy with its higher niobium content is expected to contain the ω or
α” phase inside a β matrix. With decreasing temperature, the instability of the bcc lattice in
β phase alloys increases. As described by Moffat and Larbalestier for Ti-Nb alloys, the α”
and ω phases compete to evolve in an unstable lattice [67]. The β phase decomposition
is determined by the quench rate, while the two decomposition modes to α” or ω phase
are mutually exclusive, due to the different transformation variants in metastable titanium
alloys, as observed by Duering et al. [68]. For higher cooling rates, the formation of α”
martensite is favorable, while material cooled with lower rates comprise β and ω phase.
The lower the cooling rate, the more complete is the collapse of the {222}β planes and the
larger the ω precipitates should be [67]. It is assumed that the cooling condition in the
LPBF process fosters the formation of the ω phase. As already proposed by Qi et al., a
continuous diffusional-displacive β → α” → α transformation may be present [69]. High
cooling rates, such as in SWQ, AC, and during the powder fabrication process, promote the
α” phase formation, while for slow cooling rates such as in FC or for aging treatments, the
α” phase was not detected, see Figure 2. The α” phase can be regarded as the intermediate
stage in between the transformation from bcc to hcp. In the as-built condition, only minor
reflections of the α” phase are observable and, in addition, some of the peaks of other
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phases are broadened, probably due to the overlay with the α” phase peaks, see black
arrows in Figure 2. It is assumed, that due to insufficient undercooling during the process
and/or decomposition through in situ heat treatments, the formation of α” martensite is
inhibited, suppressed, or reversed [34,70,71]. Heat treatments, including slow cooling or
aging, enable the decomposition of α” and the precipitation of the α phase [72]. In sum-
mary, slow cooling from the β phase-field, as well as aging, results in the formation of α
precipitates. Higher cooling rates result in the martensitic formation of the α” phase, while
in the as-built state, at intermediate cooling rates and/or in-process heat treatment, the
formation of the ω and α” phases seems to be supported, which is mutually competitive.

Figure 2. X-ray diffractograms of Ti2448 in as-built, ST+FC, ST+AC, ST+SWQ, and ST+SWQ+A
conditions as well as the initial powder; black arrows indicating overlay of α” phase peaks in the
as-built condition; not depicted in the diagram: α” orthorhombic (111) (superposition with β (110)),
α” orthorhombic (113) (superposition with β (211)); α hexagonal (002) (superposition with β (110)),
and α hexagonal (103) (superposition with β (211)).

The lattice parameters of the hcp α phase, orthorhombic α” martensite, and bcc β phase
of Ti2448 in different conditions were determined from the XRD diffractograms and are
summarized in Table 2. For the hexagonal ω phase, the calculation of the lattice parameters
was not possible due to the overlapping of the Bragg reflections. The lattice parameter
of the β phase is in the range between 3.287 Å and 3.303 Å. Deviations can be caused by
distortions of the lattices, interference between phases, different chemical compositions,
and therefore various atom radii. As calculated by XRD, the α phase exhibits lattice
parameters of a = 2.959 Å and c = 4.758 Å for the furnace cooled condition and a = 2.959 Å
and c = 4.726 Å for the aged condition. The obtained values for the α and the β phase follow
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the results of previous studies [62,73]. The α phase lattice parameters of the furnace-cooled
determined by TEM are a = 3.191 Å and c = 5.045 Å and deviate from the other values.
The orthorhombic α” phase shows lattice parameters of approximately a = 3.1 Å, b = 4.9 Å,
and c = 4.7 Å for the XRD calculation and about a = 3.28 Å, b = 4.88 Å, and c = 4.617 Å
for the TEM analysis, which slightly differ from reported values of deformation-induced
α” martensitic transformation [74,75]. It is assumed that the thermal formation of the
α” phase differs from mechanically induced transformations, leading to slightly different
lattice parameters.

Table 2. Lattice parameters, determined by XRD, for hcp α, orthorhombic α”, and bcc β of Ti2448
in the as-built, ST+FC, ST+AC, ST+SWQ, and ST+SWQ+A condition as well as the initial powder;
lattice parameters determined by TEM (marked in brackets).

Condition
Hcp α Orthorhombic α” Bcc β

a = b [Å] c [Å] a [Å] b [Å] c [Å] a = b = c [Å]

Initial Powder - - 3.107 4.924 4.716 3.298
as-built - - - - - 3.287

as-built (TEM) - - 3.28 4.88 4.617 3.297
ST+FC 2.959 4.758 - - - 3.303

ST+FC (TEM) 3.191 5.045 - - - 3.294
ST+AC - - 3.110 4.860 4.716 3.294

ST+SWQ - - 3.121 4.871 4.679 3.295
ST+SWQ+A 2.959 4.726 - - - 3.294

The KOH-etched surfaces of the different conditions are depicted in Figure 3. Figure 3a,b
demonstrate the as-built condition. β grain boundaries are observable in the LiMi and SEM
images. Laths are visible in the grains and in the inset in (a), which is presumably referred
to as the α” martensitic phase. The ω phase was not detected. The air-cooled and water
quenched conditions have a similar microstructure, see Figure 3c–f, respectively. Coarse
grains are observed for both conditions. In contrast to the as-built condition, no α” phase
laths are observable in the microscopic images for the AC and SWQ condition, although
the XRD measurements suggest this. Figure 3g,h show the LiMi and SEM images of the
aged specimen. The prior β grains are not as clearly visible as in the other conditions. A
very fine, diffuse microstructure is visible in the LiMi, which turned out to be α precipitates
at a higher magnification in the SEM. Primary β grain boundaries are visible in the SEM
image of the aged condition, see Figure 3h. The initial microstructure, such as in the as-built
condition, is visible in the furnace cooled specimen, see Figure 3i. Yet, the SEM close-up
in Figure 3j indicates α precipitates similar to those in the aged specimens, but not as
homogeneous distributed. As observed by Ren et al., aging has a significant effect on
the precipitation behavior of the secondary α phase in titanium alloys [76]. The ST+FC
specimens exhibit an irregular distribution and heterogeneous size of intra-granular α

precipitates (white arrows) with grain boundary α (black arrows), see Figure 3j. An
adapted heat treatment (ST+SWQ+A) can modify the microstructure to achieve a uniform
size and orientation (approximately 60◦, white triangle) of the acicular α precipitations, see
Figure 3h. Varying the aging time and temperature can tailor the morphology of the intra-
granular α precipitates and the grain boundary α phase can be coarsened and, therefore,
adjust the mechanical behavior [76,77].

A uniform microstructure with grain sizes less than 50 nm was observed by Hao et al.
and Li et al. in cold-rolled sheets of Ti2448 [18,20]. The microstructure of hot-forged and
cold-rolled Ti2448 was investigated and compared by Li et al. [19]. The hot-forged material
consists of equiaxed β grains with a grain size of around 5 μm, divided into subgrains
with sizes less than 1 μm. Aging of the hot-forged alloy resulted in α phase precipitations
with a needle-like shape. The cold-rolled Ti2448 has a β + α” microstructure with coarse
grains but also nanostructured regions. Yang et al. cold-rolled previous hot-forged Ti2448
cylinder and performed subsequent solution treatment at 900 ◦C with water quenching
(ST) or flash treatment at 700 ◦C with air cooling (FT). The resulting microstructures were

197



Materials 2022, 15, 3774

homogenous single β phase with grain sizes about 50 μm and 7 μm, respectively [78]. The
microstructure of Ti2448 processed by warm swaging and warm rolling is presented by
Hao et al. [79]. The hot-forged alloy showed an equiaxed β phase microstructure with grain
sizes of 100 μm, consisting of equiaxed subgrains with sizes of around 1 μm. After warm
swaging, the microstructure became swirled marble-like, with differences from the surface
to the core. Subsequent warm rolling resulted in a homogeneous microstructure comprising
β phase with grain sizes less than 200 nm and nanosized α phase. Zhang et al. observed
a microstructure for as-hot-rolled Ti2448 with grains around tens of microns, containing
subgrains of the sizes of hundreds of nanometers, and consisting of single β phase without
the formation of ω phase or α” martensite [21].

 

Figure 3. LiMi images of KOH-etched as-built (a) inset showing the black box in higher magnification),
ST+AC (c), ST+SWQ (e), ST+SWQ+A (g), and ST+FC (i) conditions; and SEM images of KOH-etched
as-built (b), ST+AC (d), ST+SWQ (f), ST+SWQ+A (h), and ST+FC (j) conditions; building direction
(BD) for all conditions is indicated by the arrow.
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Figure 4 shows the HAADF-STEM images and EDS maps of the as-built specimen.
Figure 4a,b illustrate the nanostructure consisting of alternately α” martensite and β

titanium laths. Figure 4b is the magnification of the white square region in (a). The images
prove the presence of parallel plates. The thickness of the plates varies between 42 and
85 nm. The plates are orthorhombic α” martensite phase (bright laths) and the surrounding
matrix is β phase (dark laths). The EDS maps for titanium, niobium, zirconium, and tin are
depicted in Figure 4c–f and are taken from the white, dashed square in (b). The composition
of the alloying elements is uniform in the α” plates and β matrix. This indicates the
diffusion-free nature of the orthorhombic α” martensite phase formation.

 

Figure 4. (a) HAADF STEM image of the as-built specimen, (b) HAADF STEM image of the white
square region in (a), brighter laths are α” martensite phase, while the surrounding area is the β matrix,
red, dashed lines demarcate the boundary between α” martensite and β phase; EDS maps from the
white, dashed square in (b) and chemical distribution of (c) titanium, (d) niobium, (e) zirconium, and
(f) tin.

HRTEM, FFT, and Fourier filtered HRTEM images of the as-built specimen from the
black, dashed square region in Figure 4b are shown in Figure 5. Figure 5a–c are from the
β phase, whereas Figure 5d–f are from the α”/β interface region. The HRTEM image
in Figure 5a highlights the lattice of the β phase. The corresponding FFT image in (b) is
captured from the [011]β zone axis and shows the 011β, 200β and 211β spots. Figure 5c
is the zoomed-in image of (a), indicating the (110)β and (200)β planes. Figure 5d shows
the HRTEM image from the lattice fringes of the orthorhombic α” martensite phase and
β phase lattice planes. Figure 5e is taken from the [011]β and [001]α” zone axis. The FFT
image in (e) presents the 011β, 200β, and 211β spots as well as the 020α”, 200α”, 220α”,
and 110α” spots. Multiple spots are observed to overlap with each other: (i) 020α” and
011β, (ii) 200α” and 200β and (iii) 220α” and 211β. From the FFT image, the orientation
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relationship between the β and α” martensite phase is [001]α”‖[011]β, [020]α”‖[011]β,
[220]α”‖[211]β and [200]α”‖[200]β. Figure 5f illustrates a magnified HRTEM marking the
fringes from the (200)β, (200)α”, (110)β, (020)α”, and (110)α” lattice planes.

 

Figure 5. HRTEM, FFT, and Fourier filtered HRTEM images from the black, dashed square region
in Figure 4b; (a) HRTEM and (b) FFT images of the β phase in (a), zone axis is [011]β; (c) higher
magnification Fourier filtered HRTEM image of the β matrix in (a); (d) HRTEM and (e) FFT images
of the α” and β phase in Figure 4b, zone axis in is [011]β/[001]α”; (f) higher magnification Fourier
filtered HRTEM image of the α” and β phase in (d).

HAADF-STEM images of the ST+FC specimens are depicted in Figure 6a,b, showing
the α and β phases. The α phase is present in the form of plates (white arrows) inside
the β matrix. The EDS maps in Figure 6c–f are taken from the region in (b), showing the
distribution of titanium, niobium, zirconium, and tin in the α and β phases. A depletion
(lower color intensity) of niobium and an enrichment (higher color intensity) of titanium
is observed in the α phase, indicating a diffusional mechanism of α phase formation due
to the diffusion of mainly niobium. Zirconium and tin are stabilizing or neutral to the
β phase-formation of titanium [80,81]. Minor differences in the distribution of zirconium
and tin in terms of depletion can be observed between the α and β phases.

The TEM image of the ST+FC specimen depicted in Figure 7a shows the α phase plates
and the β phase matrix. Figure 7b illustrates the HRTEM image of the α plate taken from
the white square region in (a). Figure 7c is a magnified view of the top β/α interface in (b).
The FFT image in Figure 7d is calculated from (c) with the zone axis of [113]β. The 0002α
spot overlaps with the 110β spot, indicating that (0002)α‖(110)β. Figure 7e is a close-up
HRTEM image of the β/α interface of (c), marking the fringes from the (0002)α, (110)β,
(2200)α, (121)β, and (211)β lattice planes. At the β/α interface, the lattice fringe of (0002)α
is parallel to (110)β. A magnified Fourier filtered image of the β/α interface is presented in
Figure 7f, illustrating the (0002)α‖(110)β relationship.
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Figure 6. (a) HAADF STEM image of the ST+FC specimen with α phase laths inside the β phase
matrix; (b) HAADF STEM image of the black square in (a), showing a higher magnification of
an α phase lath surrounded by the β phase; EDS maps and chemical distribution of (c) titanium,
(d) niobium, (e) zirconium, and (f) tin, demonstrating titanium enrichment inside the α phase (higher
color intensity) and titanium depletion inside β phase, and enrichment of niobium, zirconium, and
tin inside the β phase (higher color intensity) and depletion inside α phase, respectively.

Metastable β titanium alloys tend to decompose to the ω, α, and α” phases. The ω

phase probably occurs at lower temperatures, as described by Ohmori et al. [82]. In the
as-built condition, the ω phase was not observed during TEM investigations, but, due to the
XRD results, is assumed to be present in this condition. For the furnace cooled conditions,
nevertheless, the α phase laths probably nucleate at the ω/β interfaces and grow in the β

matrix, consuming the ω phase particles, as described by Ohmori et al. during quenching
from the β phase region. The α” martensite plates nucleated preferentially at the β grain
boundaries [82].
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Figure 7. (a) TEM image of α phase and β phase in the ST+FC specimen; (b) HRTEM image of the
α lath and β phase; (c) HRTEM image of the upper α/β interface in (b); (d) FFT image of the area
in (c) with [113]β zone axis; (e) magnified HRTEM image of the α/β interface in (c) with the (211)β,
(121)β, (110)β, (0002)α, and (2200)α planes marked; (f) Fourier filtered HRTEM image showing the
α/β interface in (e) with the (110)β, (0002)α, and (2200)α planes marked.
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3.3. Mechanical Properties

The hardness of the additively manufactured Ti2448 in as-built and heat-treated condi-
tions is summarized in Figure 8a. In the as-built condition, the hardness is 219 ± 8 HV5
and slightly lower but in good agreement with other research on LPBF-fabricated Ti2448
with near full dense (230 HV0.5 [83], 240 HV1 [54], 230 HV0.5 [84]), and lower than for
EBM-fabricated Ti2448 (255 HV [85]). For conventional conditions, the hardness varies
between 215 HV (hot-forged), 230 HV (warm swaged), and 265 HV (warm rolled) [79].
For ST+AC and ST+SWQ conditions, the hardness is slightly higher, 232 ± 5 HV5 and
230 ± 5 HV5, respectively, compared to the as-built condition, probably due to the pres-
ence of α” martensite [18,35–38]. The ST+SWQ+A heat treatment leads to a hardness of
290 ± 4 HV5. The highest hardness results in ST+FC condition with 305 ± 3 HV5. The
increased hardness of the aged and furnace cooled condition is assumed to be precipitation
hardening due to α precipitates formation in the β matrix [69,86]. The hardness values are
summarized in Table 3.

Figure 8. (a) Vickers hardness for different conditions; (b) stress–strain curves of different conditions;
(c) inset of the dashed boxed in (b) presenting the nonlinear elastic behavior of the ST+AC and
ST+SWQ conditions.

The stress–strain curves of the as-built and heat-treated specimens of Ti2448 are
depicted in Figure 8b. The lowest ultimate tensile strength (UTS) of 700 ± 6 MPa and the
highest fracture elongation A of 22 ± 1% were measured for the as-built condition. AC or
SWQ after ST result in similar UTS of approximately 705 MPa and elongations of around
20%. The Young’s moduli E1 of the as-built, ST+AC, and ST+SWQ conditions are similar
at the beginning of the elastic deformation, until a strain of 0.5%. The tensile tests of the
ST+AC and ST+SWQ conditions show significant and continuous elastic softening with
increasing strain and, therefore, stress. The slope changes for strain values higher than 1%
to E2 of approximately 14 ± 0.11 GPa, see Figure 8c. The α” martensite phase is present
in these two conditions. Kolli et al. propose deformation mechanisms by conventional
slip and stress-induced transformation due to α′ martensite, α” martensite, ω phase, and
deformation twinning, whereas the mechanisms depend on the β phase stability of the titanium
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alloy [42,87]. With increasing Moeq, the stress-induced deformation mechanisms follow the
sequence α′ → α” → ω + twinning → twinning → twinning + slip → slip. With a Moeq of
around 2.94 and a niobium content higher than 13 wt. %, the alloys are expected to contain
the α” phase and the deformation mechanism is likely to be based on α” formation [37]. The
presence of metastable α” martensite or ω phase can promote stress-induced transformation
and serve as nucleation sites during deformation [42,87]. As described by Furuta et al.,
both conditions show pseudo-elastic deformation. This behavior is based on stress-induced
α” martensite, which is determined through in situ XRD measurements during tensile
tests. Along with increasing tensile strain and stress, the α” phase retransforms to β

and can be explained by reversible martensitic transformation, also known as “pseudo-
elastic deformation” [88]. Hao et al. assume stress-induced phase transformation and/or
incipient kink bands as the origin of the peculiar elastic behavior [89]. Although the
LPFB process leads to α” martensite microstructure, shown by the TEM investigations,
this exceptional pseudo-elastic deformation behavior was not detectable for the as-built
condition. The thermal history of each layer during the process may result in a characteristic
microstructure of the as-built specimen and, therefore, a unique material behavior. The
material undergoes a series of thermal cycles, where the previously fabricated material can
be partially re-melted and re-solidified [90,91]. Non-linear elastic behavior of the as-built
condition may be attributed to the microstructure, probably characterized by localized
distorted region with the elastic strain being located hierarchically in the alloy, as assumed
by Furuta et al. [88]. Subsequent aging or FC after ST led to higher strengths, 871 ± 22 MPa
and 931 ± 7 MPa, a significant reduction of elongations, 12 ± 2% and 11 ± 1 MPa, and
increased Young’s moduli E1, 76 ± 3 GPa and 73 ± 1 GPa, respectively. These treatments
produce fine dispersion of α precipitates as the principal strengthening mechanism. The
aging temperature and time have a significant effect on the size and spacing of the α phase
formed and, therefore, on the mechanical performance [92].

Table 3. Comparison of average mechanical properties, including the hardness and monotonic tensile
properties, of the as-built and heat-treated Ti2448, as well as literature values including conventional
processing methods: yield strength YS, ultimate tensile strength UTS, fracture elongation A, and
Young’s Moduli E1 and E2.

Condition
Hardness

[HV5]
YS

[MPa]
UTS

[MPa]
A

[%]
E1/E2

[GPa]

as-built 219 ± 8 490 ± 16 700 ± 6 22 ± 1 49 ± 1/-
ST+AC 232 ± 5 362 ± 7 707 ± 2 20 ± 2 51 ± 2/14 ± 0.1

ST+SWQ 230 ± 5 339 ± 10 705 ± 3 19 ± 2 50 ± 2/14 ± 0.1
ST+SWQ+A 290 ± 4 819 ± 27 871 ± 22 12 ± 2 76 ± 3/-

ST+FC 305 ± 3 805 ± 11 931 ± 7 11 ± 1 73 ± 1/-
LPBF [83] 220–230 563 ± 38 665 ± 18 14 ± 4 53 ± 1/-

Hot rolled [21] - 700 830 15 46
Hot-forged [19] 230–370 570 750 13 55
Hot-forged [79] 215 - 800 18 52

Warm swaged [79] 230 - 850 14 55
Warm rolled [79] 265 - 1150 8 56

The mechanical properties are summarized in Table 3. Rapid cooling during fabrica-
tion or heat treatment results in lower strength properties. High cooling rates from above
the βTransus temperature result in the formation of the α” martensite and, consequently,
lower strength and elongation, compared to the as-built condition. Previous studies have
shown that the α” martensite phase reduces hardness, tensile, and fatigue properties [36,93].
Through slow cooling or aging treatments at temperatures below βTransus, α phase laths can
evolve and grow. Annealing treatments and slower cooling lead to strengthening due to
enhanced nucleation of the α precipitates [20,94]. Compared to other research on additively
manufactured Ti2448, the properties are in good agreement regarding the hardness and
UTS, whereas the YS and fracture elongation slightly differ, due to varying proportion-
ality factors concerning the specimen geometry [83]. In comparison to other processing
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routes, the different heat treatments, in particular the aging and FC, enhance the mechan-
ical properties in terms of UTS and hardness. The properties of the warm swaging and
rolling treatments are caused by the ultrafine-grained microstructures, not achievable by
the applied treatments [79]. Further work shows similar properties, depending on the pro-
cessing routes and heat treatment strategy [95], although, for the additively manufactured
Ti2448, different treatments show huge potential in improving the mechanical behavior and
properties, especially aging or FC. Besides improved UTS and YS remaining similar elonga-
tion compared to the conventional process routes, the Young’s moduli increase for these
conditions due to the presence of α precipitations. The hardness of conventional processed
Ti2448 can be outperformed by the additively processed and heat-treated conditions [19].
Nevertheless, additively manufactured and heat-treated (FC or SWQ+A) Ti2448 achieves
similar or better mechanical performances than conventional processed Ti2448 regarding
UTS and YS, with slightly increased Young’s moduli and still retained good ductility.

The possibility of in situ α” martensitic transformations during deformation of the β

phase for air-cooled and slow water quenched specimens, during hardness or tensile tests,
could be present. The determination is challenging and would require the observation of
the specimens at the nanoscopic level during the tests. Further investigations on the stress-
induced deformation and formation of the α” phase are necessary for a comprehensive
understanding of the mechanical behavior, exclusively concerning the fatigue behavior and
the utilization as an implant alloy. In addition, the individual tailoring of the mechanical
properties by adapting the aging heat treatment parameters has to be considered for
further research.

4. Conclusions

Micro- and nanostructure, as well as Vickers hardness and monotonic tensile properties
of Ti2448 manufactured with LPBF, have been studied in the as-built state and heat-treated
conditions. Solution heat treatment at 750 ◦C with various cooling rates (AC, FC, and
SWQ) or ST with subsequent aging at 500 ◦C were performed and compared to the as-built
additively manufactured condition. The effect of different heat treatments is determined
as follows:

• The as-built condition shows mainly β phase containing acicular α” martensite phase,
as detected via TEM. Air-cooled and water-quenched states exhibit similar microstruc-
tures consisting of β grains, investigated by LiMi and SEM. The aged condition exhibits
a diffuse microstructure with homogeneous and uniform α precipitates inside the β

matrix. The furnace-cooled specimens have a microstructure comparable to the aged
conditions but have heterogeneously distributed and coarser α precipitates within the
β phase.

• The nanostructure, determined by TEM, of the as-built condition is compared to
the furnace cooled condition, which exhibits the best tensile properties regarding
hardness, UTS, and YS. The α” martensite laths were detected inside the β matrix.
Based on FFT images, the orientation relationship of the α” martensite and β phase
is determined. The homogeneous distribution of alloying elements in the EDS maps
indicates a diffusion-free phase transformation during cooling. The furnace-cooled
specimens consist of α precipitates inside a β phase matrix. Based on crystallographic
relation, the precipitates are oriented approximately 60◦ to each other.

• X-ray diffractograms are sensitive to the various heat treatments and, in particular, the
cooling rates. High cooling rates, e.g., AC, SWQ, and the powder fabrication process,
lead to the formation of the martensitic α” phase. Low cooling rates (FC) or aging
after ST result in the formation of the α phase.

• FC or aging after solution treatment results in a microstructure containing acicular α
precipitates in the β matrix, leading to high tensile strength with relatively low ductility.
Phase transformation, such as stress-induced α” phase transformation, probably leads
to pseudo-elastic deformation behavior in the air-cooled and slow water-quenched
conditions. As the α” phase was not detected with XRD in the furnace cooled and
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aged conditions, a linear stress–strain relationship was observable in the elastic range.
The as-built conditions show elastic anomaly, which is attributed to the LPBF resulting
microstructure. The furnace cooled condition exhibits the best mechanical properties
regarding UTS, YS, and hardness with a slightly worse fracture elongation compared
to the aged conditions.

Controlling the development and refinement of precipitated α phase in metastable β

titanium alloys allows the achievement of an excellent combination of strength and ductility,
including superb biocompatible properties. In this work, the furnace-cooled specimens
obtain the best mechanical properties regarding hardness, UTS, and YS. Nevertheless, the
aged condition has to be considered for further investigations regarding the possibility of
tailoring the material properties. Adapted heat treatments enable adjusting the microstruc-
tural features in terms of the α precipitates. Furthermore, in situ investigations at the
nanoscopic level should be performed to determine and understand the material behavior
and possible α” phase transformation behavior during the tensile tests of the air-cooled
and water-quenched conditions. If fully understood, the two-part Young’s modulus can be
utilized. Regarding the overall performance, Ti2448 shows promising features regarding
the tailoring of mechanical properties and applying an implant material with a low Young’s
modulus, as well as adequate and adaptable strength properties.
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Abstract: An ever-growing amount of composite waste will be generated in the upcoming years. New
circular strategies based on 3D printing technologies are emerging as potential solutions although 3D-
printed products made of recycled composites may require post-processing. Metallization represents a
viable way to foster their exploitation for new applications. This paper shows the use of physical vapor
deposition sputtering for the metallization of recycled glass fiber-reinforced polymers processed by
UV-assisted 3D printing. Different batches of 3D-printed samples were produced, post-processed, and
coated with a chromium metallization layer to compare the results before and after the metallization
process and to evaluate the quality of the finishing from a qualitative and quantitative point of view.
The analysis was conducted by measuring the surface gloss and roughness, analyzing the coating
morphology and thickness through the Scanning Electron Microscopy (SEM) micrographs of the
cross-sections, and assessing its adhesion with cross-cut tests. The metallization was successfully
performed on the different 3D-printed samples, achieving a good homogeneity of the coating surface.
Despite the influence of the staircase effect, these results may foster the investigation of new fields
of application, as well as the use of different polymer-based composites from end-of-life products,
i.e., carbon fiber-reinforced polymers.

Keywords: additive manufacturing; 3D printing; surface finishing; physical vapor deposition; com-
posites; recycling; polymer-matrix composites (PMCs); direct ink writing; liquid deposition modeling;
glass fibers

1. Introduction

Polymer-based composites are increasingly employed for a large number of applica-
tions ranging from aerospace and automotive to healthcare and construction [1]. Their
extensive use in different sectors mainly derives from their versatility and technical prop-
erties, i.e., high strength-to-weight ratio. Although the COVID-19 pandemic strongly
impacted the composites market, the production volumes of fiber-reinforced polymers are
reaching the pre-crisis levels of 2019, especially considering short fiber-reinforced mate-
rials, i.e., glass fiber-reinforced polymers (GFRPs) [2]. Consequently, this ever-increasing
production will result in higher volumes of GFRP waste to be correctly managed in the
coming years [3,4]. For instance, the wind energy sector will generate a growing amount
of GFRPs at their end-of-life (EoL) since the lifetime of wind turbine blades usually corre-
sponds to approximately 20–25 years, leading to the disposal of an ever-growing number
of windfarms [5]. Despite the current challenges in reusing and recycling composite materi-
als [6,7], new solutions have been investigated to reintroduce GFRP waste in new closed-
and open-loop systems, following the principles of circular economy [8,9].

Among the available technologies, 3D printing, or Additive Manufacturing (AM)
represents a promising way to reprocess recycled GFRPs thanks to its flexibility in terms of
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material formulations and customizable complex geometries [10,11]. From the literature,
different formulations of GFRPs and carbon fiber-reinforced polymers (CFRPs) were 3D-
printed through FDM (fused deposition modeling, or FFF, fused filament fabrication) and
DIW (direct ink writing, or LDM, liquid deposition modeling), showing their use for a
wide range of applications [12–15]. Recently, some works have also demonstrated their
capability to foster this sustainable transition within the composite market by reprocessing
recycled GFRPs and CFRPs [16–21]. Nevertheless, the surface properties of these 3D-
printed recycled composites may considerably differ from pristine materials, as well as
their aesthetic appearance. Furthermore, some applications require different technical
properties, which can be achieved only through a post-processing treatment.

Metallization represents an effective way to combine the advantages of polymer-based
composites with those of metallic surfaces. Metallization coatings can be deposited through
different chemical or physical techniques such as electroless plating or thermal spray
deposition [22]. In particular, physical vapor deposition (PVD) sputtering stands out for its
coating homogeneity, low processing temperatures, and the use of less dangerous chemicals
during the metal deposition [23–26]. From the literature, different studies explored the
deposition of metallic coatings onto 3D-printed thermoplastic substrates processed by
FFF [27–34], whereas a limited number of works focused on the metallization of polymer-
based composites [35], or parts obtained by DIW [36]. To the best of the authors’ knowledge,
no articles related to the metallization of 3D-printed recycled composites were found by
using neither FFF nor DIW processes. Indeed, a hard chromium coating would significantly
influence not only their mechanical, surface, and chemical properties but also the overall
perception of the final part by end users [37,38].

This paper aims to show the successful use of PVD sputtering for the metallization of
3D-printed GFRPs from recycled composites. First, four batches of samples made of ther-
moset acrylic resin filled with mechanically-recycled GFRPs from EoL wind turbine blades
were 3D-printed through UV-assisted three-dimensional (UV-3D) printing. These samples
were post-processed and coated with a PVD chromium sputtering deposition process. The
surfaces of these samples were then assessed from a qualitative and quantitative point of
view, i.e., by evaluating the aesthetic appearance, surface properties, and morphology of
the coating. Considering the promising results, this work may influence further research
activities focused on the post-processing of additive manufactured parts for new potential
applications, especially considering emerging 3D printing processes or new polymer-based
materials from composite waste and parts at their EoL.

2. Materials and Methods

2.1. Materials and UV-3D Printing

The 3D printable ink consisted of a photo- and thermo-curable acrylic matrix mixed
with mechanically recycled GFRPs for 20 min at 40 rpm through a Brabender mixer
equipped with a roller blade (C.W. Brabender Instruments Inc., South Hackensack, NJ,
US). The matrix is composed of 96.7 wt% of ethoxylate bisphenol A diacrylate resin named
SR349 (Arkema, Colombes, France and locally distributed by Came S.r.l., Lainate, Italy),
3 wt% of ethyl phenyl (2,4,6-trimethyl benzoyl) phosphinate named TPO-L (Lambson
Limited, Wetherby, UK), and 0.3 wt% of dicumyl peroxide (Sigma-Aldrich Corporation,
St. Louis, MO, USA). The matrix was previously mixed with a magnetic stirrer at room
temperature for 2 h. The ink formulation used in this work contains 55 wt% of shredded
GFRPs from EoL wind turbine blades made of continuous epoxy-based GFRPs (Siemens
Gamesa Renewable Energy S.A., Zamudio, Spain, and Consiglio Nazionale di Ricerca—
Sistemi e Tecnologie Industriali Intelligenti per il Manifatturiero Avanzato—Stiima CNR,
Milano, Italy) and 45 wt% of the acrylic matrix. The shredded recycled GFRPs have a glass
fiber content of 70 wt% and a nominal granulometry of 80 μm (34 and 14 μm of average
length and diameter) [17].

The 3D samples for the surface characterization and metallization assessment have a
nominal overall dimension of 50 × 25 × 30 mm and were designed with Fusion 360 CAD
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software (Autodesk, San Rafael, CA, USA). The UV-3D printing was performed with a
custom version of a 3Drag, a commercial FFF low-cost 3D printer (Futura Group S.r.l.,
Gallarate, Italy). The 3D printer was converted into a UV-assisted DIW apparatus by
adding a UV LED source, a 20 mL syringe, and a stainless-steel UV-shielded conic nozzle
(Techcon Systems Inc, Cypress, CA, USA) [17]. The G-code file of the 3D sample was
prepared with the slicing software Prusa Slicer (Prusa Research, Prague, Czech Republic),
and the main 3D printing parameters are shown in Table 1. The 3D-printed samples were
then post-cured to completely crosslink the acrylic-based resin. The post-curing treatment
was performed in a UV chamber Polymer 500 W with a UVA emittance mercury vapor lamp
for 30 min (Helios Italquartz S.r.l., Cambiago, Italy) and in a non-controlled atmosphere
oven for 2 h at 140 ◦C.

Table 1. Three-dimensional printing parameters of the samples for the surface characterization.

Parameters Units Values

Perimeters - 1
Infill % 0
Flow % 100
Speed mm/s 15

Layer height mm 0.25
Nozzle diameter mm 1
UV LED source - 3 × 3 W (395 nm)

2.2. PVD Sputtering and Surface Characterization

Four different batches of minimum two samples were then produced to assess the
influence of 3D printing, post-processing, and chromium metallization on the surfaces,
as better explained in Section 3.1. The PVD sputtering deposition was carried out by
Novellini S.p.a.—Divisione Green Coat with a proprietary process (San Benedetto Po, Italy),
following the same procedure used for the metallization of FFF 3D-printed samples [35].
After cleaning the surfaces of the samples with a cloth moistened with isopropyl alcohol,
a UV-curable acrylic-based primer named UNILAC UV BC 05 (Cromogenia Units S.A.,
Barcelona, Spain) was sprayed with an average thickness of 70–80 μm to improve the
surface roughness of the 3D printing process. The primer deposition was performed with
an anthropomorphic robot equipped with rotary atomizer (cup spinning at 25,000 rpm)
once the samples were fixed on a rotational jig. The UV-curable primer was then photo-
crosslinked with 26 mercury vapor lamps with a peak irradiance of 500 mW/cm2 and
a 10” bulb for 2 min. The jig was moved into the in-line metallization system for the
surface activation with the oxygen plasma for 90 s before the chromium deposition (O2
flow of 700 sccm, electrode power of 4 kW, rotation speed of 5 rpm). Afterward, the PVD
magnetron sputtering was carried out to deposit a chromium layer with a nominal thickness
of 200 nm. The process was performed for 16 min at a pressure of 1–5 × 10−3 mbar and a
constant argon flow of 600 sccm. A maximum temperature of 60 ◦C was reached during
the PVD sputtering process.

Gloss was evaluated with a Multi-gloss 268A gloss meter (Konica Minolta, Tokyo,
Japan). The measurement results, expressed in Gloss Units (GU), were carried out on
the planar surfaces of the samples according to ASTM D523-14 Standard “Standard Test
Method for Specular Gloss” [39]. A 60◦ measuring geometry, or the angle of incidence of
60◦, was used for the different batches to compare the gloss values and to determine when
using the 20◦ and 85◦ geometries. The 20◦ geometry was used for gloss values higher than
70 GU, whereas the latter was for values lower than 70 GU. The measurements on each
sample were repeated five times to calculate the average values and standard deviations.

The surface roughness of the 3D samples was measured with a laser profilometer
(UBM) along five different lines for each surface with a point density of 150 points/mm.
The values were then used to calculate the average experimental values and standard
deviation of roughness average (Ra) and root mean square roughness (Rq).
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The cross-section analysis of the average coating thicknesses and morphology was
performed through Scanning Electron Microscopy (SEM) micrographs with an extended-
pressure SEM Zeiss EVO 50 EP (Carl Zeiss S.p.A., Milano, Italy). Two different cross-
sections were obtained from each sample. The surfaces of the samples were then prepared
for observation through PVD of a thin gold layer. The samples were observed at 500 and
3k × magnification in high-vacuum conditions and an acceleration voltage of 10–20 kV.

Manual cross-cut tests were carried out on the planar surfaces of a batch of samples
to evaluate the adhesion properties according to ISO 2409:2020 Standard “Paints and
varnishes—Cross-cut test” [40]. The results were then expressed from 0 to 5, where 0
means no removals and 5 means that more than 65% of the cross-cut area is affected
by detachments.

3. Results and Discussion

3.1. Three-Dimensional Printing and Metallization of the Samples

A specific 3D sample was designed to compare the influence of post-processing and
PVD sputtering on the 3D-printed surfaces of the recycled GFRPs. Since UV-DIW may be
considered an emerging 3D printing process, a simple geometry was defined to reduce
the presence of defects due to DIW, such as missing layers for nozzle clogging [17,41].
The shape of the 3D sample was defined according to the PVD sputtering setup, whereas
the overall dimensions were modified to control the printing times of each sample. In
particular, the sample had a wider planar surface on the bottom to perform the main surface
characterizations, i.e., gloss measurements, roughness evaluations, and cross-cut tests. The
smaller planar surface, the curved profile, and the internal cavity can be used to evaluate
the homogeneity of the chromium deposition on complex profiles by simulating complex
features to be reached with the PVD sputtering.

To this end, four different batches were 3D printed. Each batch was composed of two
samples at least and was obtained starting from the same G-code file. The batches are
different in terms of post-processing and/or presence of the chromium metallization, as
listed in Table 2. Different surface characterization tests were performed on each batch.
Gloss measurements and roughness evaluations were carried out for each batch, whereas
adhesion tests and SEM micrographs were performed on the most representative one,
batch n. 2. This batch was not post-processed before the PVD sputtering; hence it should
represent the most influenced batch from the UV-3D printing process and the recycled GFRP
since the chromium deposition was performed on a surface with the typical layer-by-layer
appearance, also known as the staircase effect.

Table 2. Sample batches with the corresponding specifics (post-processing, metallization) and
characterization tests.

Sample
(Batch)

Figure Post-Processing Metallization Tests

N. 1 Figure 1a No; No; Gloss, Roughness;

N. 2 Figure 1b No; Yes (sanding),
PVD sputtering;

Gloss, Roughness,
SEM, Adhesion;

N. 3 Figure 1c Yes, sanding; No; Gloss, Roughness;

N. 4 Figure 1d Yes, sanding; Yes (sanding),
PVD sputtering; Gloss, Roughness;

The most representative 3D sample of each batch is visible in Figure 1. In general, the
samples do not show defects due to the metallization (Figure 1b,d), and no detachments or
unprocessed areas are visible on the chromium surface, confirming a good homogeneity
of the coating deposition (Figure 1b). Furthermore, no geometrical deformations can be
detected from the metallized batches (n. 2 and n. 4). Figure 1a,c represent the samples before
and after the sanding post-processing. The influence of the recycled GFRP reinforcement is
clearly visible in both batches. In the first case, the surface texture of the composite material
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slightly reduces the staircase effect of the 3D printing process. In the second case, a random
clear pattern is visible on the surface, and it derives from the sanding post-processing of the
composite material, highlighting the glass fiber particles of the reinforcement. Figure 1b,d
show the difference in the PVD sputtering chromium layer on the samples before and after
the sanding post-processing. Chromium deposition significantly changes the appearance
of the 3D-printed surface by giving to the samples a glossy surface. As evidenced by the
difference between Figure 1a and 1b, metallization slightly reduces the staircase effect of
3D printing. Combining sanding post-processing and PVD sputtering allows one to obtain
mirror-like surfaces, widening the range of potential applications (Figure 1c,d).

(a) (b)

(c) (d)

Figure 1. 3D-printed and metallized specimens from the different sample batches: (a) Batch n. 1 (no
finishing, no PVD); (b) Batch n. 2 (No finishing, PVD); (c) Batch n. 3 (Finishing, no PVD); (d) Batch
n. 4 (Finishing, PVD).

3.2. Roughness

The roughness of the four batches of samples was measured, comparing the val-
ues not only before and after the sanding post-processing but also before and after the
PVD sputtering process. The larger vertical planar surface of each sample was used for
the measurements since non-sanded batches would be affected by the typical staircase
effect of UV-3D printing and recycled GFRPs. Therefore, the comparisons would show
the reductions in roughness linked to the sanding post-processing and the chromium
deposition [37,42].

Table 3 shows the values of roughness average (Ra) and root mean square roughness
(Rq) of the different batches. The lower results were reached by batch n. 4, which represents
the post-processed and coated batch of samples. The overall average reduction in terms
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of Ra and Rq from batch n. 1 to batch n. 4 is equal to 18.22 and 22.61 μm, which means
more than 99.5% in both cases. The PVD sputtering of chromium onto a non-sanded rough
3D-printed substrate (batch n. 2) halved the Ra and Rq values, while a fifty-fold decrease
was observed by carrying out the PVD sputtering onto a sanded substrate (batch n. 4).
Furthermore, the values show good accuracy of the measurements considering the low
standard deviations, especially for the PVD sputtering batches, confirming the homogeneity
of the chromium coatings. These values were also obtained thanks to the primer deposition,
which improved the roughness homogeneity of the substrate by reducing the peaks and
valleys of the 3D-printed surface.

Table 3. Vertical surface roughness average (Ra) and root mean square roughness (Rq) of the
sample batches.

Sample (Batch) Ra (μm) Rq (μm)

N. 1 18.25 ± 2.06 22.66 ± 1.75
N. 2 9.51 ± 1.39 12.25 ± 2.00
N. 3 1.60 ± 0.33 2.58 ± 0.67
N. 4 0.03 ± 0.01 0.05 ± 0.01

3.3. SEM Analysis

The cross-sections were analyzed through SEM micrographs to determine the average
thickness of the PVD sputtering coating and assess its morphology. Two different cross-
sections were evaluated for each sample of batch n. 2 (Figure 2). According to the results
from the roughness measurements (Table 3), this batch allows better observation of the
influence of the staircase effect on the PVD sputtering coating because of its higher Ra, Rq,
and corresponding standard deviations compared to the sanded sputtered sample.

As shown in Figure 2, the PVD sputtering coating is quite visible because of the evident
difference between the recycled GFRP substrate and the UV primer. The former can be
detected for the presence of fibers, whereas the latter corresponds to the less irregular area.
However, the interface between the substrate and the coating is not clearly distinguishable,
giving only an idea of the general contours of the 3D-printed substrate. This aspect is
probably due to the composition of the UV primer, which is similar to the acrylic-based
matrix of the 3D printable ink. For this reason, the adhesion between the substrate and
the UV primer may be increased, although this property of the PVD sputtering coating is
strongly affected also by the surface roughness of the sample.

The chromium layer is not easily visible because of its low contrast with the primer
and the substrate, as shown in Figure 3. Hence, its average thickness was not measured
nor compared with its nominal value of 200 nm. Indeed, the average thickness of the
whole PVD sputtering coating was evaluated, which means the chromium and the UV
primer layers. The latter was sprayed onto the surface before the PVD sputtering process
to improve the adhesion of the Cr layer, and the nominal value of its thickness is equal
to 60–70 μm. The measurements were carried out during the SEM analysis by measuring
three points of at least two micrographs for each cross-section. The experimental average
thickness of the PVD sputtering coating is equal to 37.42 ± 21.04 μm. Compared to the
nominal thickness, this value is lower than expected, and it could be justified by the Ra and
Rq values of batch n. 2. After the spray deposition, the UV primer smoothed the surface
of the 3D-printed substrate by filling the valleys, resulting in a less homogeneous layer.
However, the non-homogeneous thickness of the coating led to lower values of roughness,
confirming the overall quality of the PVD sputtering observed during the first qualitative
analysis (Section 3.1). Figure 2a,b show the cross-sections of the first specimen of NF_PVD,
whereas the cross-sections of the second sample are visible in Figure 2c,d.
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(a) (b)

(c) (d)

Figure 2. SEM micrographs of cross-sections from batch n. 2 (500× magnification): (a) cross-section
n. 1, sample n. 1; (b) cross-section n. 1, sample n. 2; (c) cross-section n. 2, sample n. 1; (d) cross-section
n. 2, sample n. 2.

The analysis of the cross-sections at higher magnification shows a good adhesion be-
tween the UV primer and the recycled glass fibers, represented by the cylindrical structures
of Figure 3. Considering the substrate is made of recycled GFRPs, some fibers may be
directly exposed to the external surface. As for other composite substrates, this issue may
strongly affect the overall quality of the coating since the reinforcement often has different
compositions and properties compared to the matrix. In this case, good adhesion of the
UV primer may increase instead the homogeneity of the substrate, improving the surface
properties of the final coating.
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Figure 3. SEM micrographs of a representative cross-section from batch n. 2: insight on the fiber
adhesion with the PVD sputtering coating and the UV primer (3k× magnification) highlighted from
the cylindrical structure in the middle, which shows a recycled glass fiber.

3.4. Gloss Measurements

After the qualitative assessment of the 3D-printed surfaces appearance in Section 3.1,
gloss measurements were performed to define a quantitative value for each batch of sam-
ples. Table 4 shows the results from the gloss evaluation. According to ASTM D523-14 [39],
the first measurements were performed with the 60◦ geometry, allowing a general com-
parison between the four batches. The samples before and after the PVD sputtering show
different values, resulting in an increase in gloss after the metallization, from 2–4 GU
to 113–130 GU. In general, values higher than 70 GU at 60◦ refer to high-gloss surfaces,
whereas values lower than 10 GU indicate surfaces with low gloss. Gloss measurements for
the metallized samples showed higher values of standard deviations. This was probably
due to the standard deviation values measured for surface roughness that were of the
same order of magnitude of Ra and Rq average values for samples after PVD sputtering
(Section 3.2). As a matter of fact, the staircase effect influences gloss values since it con-
tributes to increasing surface roughness values. Compared to smooth surfaces, i.e., the
sanded 3D samples, the staircase effect also changes the specular reflectivity of the surface,
leading to higher variability of the gloss measurements [37].

Table 4. Gloss values of the sample batches at different angles (20◦, 60◦, and 85◦) according to ASTM
D523-14 (Standard Test Method for Specular Gloss) [39].

Sample (Batch) Standard GU at 20◦ GU at 60◦ GU at 85◦

N. 1 Figure 1a // 2.34 ± 0.55 2.52 ± 1.65
N. 2 Figure 1b 39.20 ± 8.81 130.16 ± 15.82 //
N. 3 Figure 1c // 3.76 ± 1.25 12.44 ± 0.93
N. 4 Figure 1d 15.96 ± 4.85 113.94 ± 30.88 //

Samples before the PVD sputtering from batches n. 1 and n. 3 were then evaluated
with the 85◦ geometry to have more accurate measures. In this case, the gloss value
increases for the sample from batch n. 3, which means after the sanding post-processing.
The result is in line with the decrease in surface roughness. Batches n. 2 and n. 4 were
finally evaluated with the 20◦ geometry for high gloss surfaces, improving the accuracy of
the measurements. These results, together with the roughness measurements, confirm the
qualitative assessment of the 3D samples shown in the previous Section 3.1, highlighting
the improvement of surface properties for sanded and Cr-sputtered samples, resulting in
mirror-like 3D-printed surfaces.
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3.5. Adhesion Properties

Manual cross-cut tests were performed on the samples of batch n. 2 to assess the
adhesion level of the chromium coating. As mentioned before, the metallized surfaces of
this batch are the most affected by the staircase effect of the 3D-printed samples. Therefore,
to assess the influence of 3D-printed recycled composites on adhesion, the cross-cut tests
were performed only for batch n.2. According to ISO 2409:2020 [40], the adhesion level
between the chromium layer and the 3D-printed substrate is equal to 2. In detail, the coating
has slightly flacked along the edges of the cross-cut squares, and detachment affected an
area between 5 and 15% of the tested surface. This result is significantly affected by the
staircase effect that generally shows worse values compared to smooth surfaces, decreasing
the adhesion properties [34,43].

3.6. Fields of Application

After the qualitative analysis and surface characterization, some considerations can
be made about the possible application fields. Although these coatings were initially used
in the electronic and medical sectors [44–46], PVD sputtering on 3D-printed parts may be
employed for a larger number of applications since it improves the properties of the parts,
i.e., wear resistance, durability, and surface aesthetics [30,47]. Moreover, a coating process
can also reduce the effects of the 3D printing process such as the staircase effect, which may
influence not only the appearance of a 3D printed product but also its functional properties.

The deposition of metallic layers onto 3D-printed thermoplastic parts has been studied
very recently, confirming the increasing interest in its future industrial exploitation [26,31,34,35].
Similarly, using PVD sputtering processes for polymer-based composites may generate po-
tential benefits, especially for recycled substrates. Focusing on the case study of this paper,
high-performance applications could be exploited by using coated recycled GFRPs, such as
technical parts, outdoor furniture, or customized scenery elements [17,48]. In detail, these
kinds of recycled GFRPs exhibit interesting mechanical properties for similar applications,
showing good values of elastic modulus (~5.5–6 GPa) and toughness (~200 J/mm3), which can
be comparable to virgin GFRPs [17]. Considering the suitability of these materials for similar
applications, the PVD sputtering coating may further enhance their durability by acting as a
protective film for the 3D-printed substrate. Moreover, this coating could reduce or eliminate
the superficial defects of the DIW process such as voids, which could be a cause for the failure
of the parts themselves. Considering the 3D printing process, this coating may also limit the
delamination caused by low intralayer adhesion thanks to the use of the acrylic UV primer,
which showed good compatibility with the acrylic-based matrix of the 3D printable ink.

PVD sputtering can also improve the homogeneity of the surface of parts made
with recycled GFRPs. First, the surface of composite materials often shows local varia-
tions in the composition in correspondence to the matrix or the reinforcement, leading
to non-homogeneous surface properties. The different batches of recycled glass fibers
can significantly change from a morphological point of view, i.e., average granulometry,
affecting the technical properties and the overall aesthetics.

According to the previous assumptions, PVD sputtering for 3D-printed recycled com-
posites could be proposed for the automotive and furniture sectors. For the former, metal-
lized 3D-printed recycled composites may be used for high-performing and customized
batches of small- and medium-format parts, whereas for the latter it shows good potential
for large-format customized products [49,50]. As a matter of fact, this coating technology
influences not only the technical properties of a 3D-printed product but also its expressive-
sensorial qualities, influencing the perception of customers and end-users [35,51]. In this
case, the aesthetics of recycled GFRPs may be a desired feature or not, according to the
specific designer’s choice and the users’ target. However, metallization can add several
advantages to the final product made of recycled GFRPs by considering the principles of
Design for Sustainability [52,53], i.e., improving the durability of the parts, extending the
life cycle of the product, and fostering the acceptance of recycled materials amongst the
end-users. Further studies are necessary to check the durability of the 3D-printed GFRP
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samples coated with a chromium metallization layer. However, some promising pieces
of evidence were presented in the literature, showing the increased resistance to water
droplet erosion of various GFRPs electro-deposited with metal layers, e.g., Cr on Cu, when
compared to samples without metallic coatings [54].

4. Conclusions

This work aimed to demonstrate the feasibility of PVD sputtering for the metallization
of 3D-printed polymer-based composites from EoL products. Four batches of samples
made of thermoset acrylic resin filled with mechanically recycled GFRPs were fabricated
through UV-assisted 3D printing and coated by means of chromium PVD sputtering. From
the qualitative assessment of these samples, no visible defects, unprocessed areas, or
detachments were detected, showing a good homogeneity of the coating. No geometrical
deformations were found, and the staircase effect of the sample was mitigated by the PVD
sputtering process. A reduction in the roughness values of more than 99.5% was observed
after PVD sputtering, whereas performing the metallization on a sanded batch led to a fifty-
fold decrease in these values. The SEM analysis of the cross section showed the influence
of the UV primer deposition in smoothing the surface of the substrate, obtaining a more
homogeneous coating by filling the valleys derived from the staircase effect. However,
the adhesion properties of the metallized coatings were lower than expected, and this
issue probably derives from the staircase effect, which strongly influences the roughness of
non-sanded samples. Carrying out the cross-cut test on smooth sanded and coated surfaces,
which showed a less evident staircase effect, should improve this result. The surface gloss
was then evaluated, showing a general increase in gloss after the metallization. However,
the staircase effect influenced the measurements leading to higher variability.

According to these results, PVD sputtering onto 3D-printed recycled GFRPs can be
exploited for new fields of applications, such as automotive and furniture. This metalliza-
tion treatment can influence the technical properties and the aesthetics of new 3D-printed
products made of recycled composites, allowing industries, designers, and engineers to
foster the use of these kinds of materials. Future work should be done to deepen the surface
characterization of this surface treatment for DIW, i.e., through more complex geometries.
Furthermore, other polymer-based composites could be used, such as virgin and recycled
carbon fibers. In this way, additional high-performance sectors will benefit from these
promising results, i.e., the aerospace field.
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Abstract: Functionally graded lattice structures have attracted much attention in engineering due
to their excellent mechanical performance resulting from their optimized and application-specific
properties. These structures are inspired by nature and are important for a lightweight yet efficient
and optimal functionality. They have enhanced mechanical properties over the uniform density
counterparts because of their graded design, making them preferable for many applications. Several
studies were carried out to investigate the mechanical properties of graded density lattice structures
subjected to different types of loadings mainly related to tensile, compression, and fatigue responses.
In applications related to biomedical, automotive, and aerospace sectors, dynamic bending and
rotational stresses are critical load components. Therefore, the study of torsional properties of
functionally gradient lattice structures will contribute to a better implementation of lattice structures
in several sectors. In this study, several functionally gradient triply periodic minimal surfaces
structures and strut-based lattice structures were designed in cylindrical shapes having 40% relative
density. The HP Multi Jet Fusion 4200 3D printer was used to fabricate all specimens for the
experimental study. A torsional experiment until the failure of each structure was conducted to
investigate properties of the lattice structures such as torsional stiffness, energy absorption, and
failure characteristics. The results showed that the stiffness and energy absorption of structures can
be improved by an effective material distribution that corresponds to the stress concentration due
to torsional load. The TPMS based functionally gradient design showed a 35% increase in torsional
stiffness and 15% increase in the ultimate shear strength compared to their uniform counterparts. In
addition, results also revealed that an effective material distribution affects the failure mechanism of
the lattice structures and delays the plastic deformation, increasing their resistance to torsional loads.

Keywords: lattice structures; torsion; design; additive manufacturing; functionally gradient lattice;
torsional stiffness; energy absorption; failure behavior

1. Introduction

Gradient forms of structures are abundant in nature and are designed to have opti-
mal energy efficiency and adapt well to their ecosystem, making them structurally and
functionally optimized [1] for applications including load-bearing and support with high
mechanical efficiency, contact damage resistance from loads including impact, indentation
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and sliding forces, interfacial strengthening and toughening of dissimilar components, and
other functional benefits [2]. Some natural examples include the bamboo plant stem [3–5],
butterfly wings’ scales [6], the nanoporous sucker ring tooth of a squid [7,8], a horse hoof [9],
and the spruce stem [10,11]. Generally, the nature of gradients can be in three basic forms.
These are gradient in a gradual manner, step-wise manner, or gradient throughout the
entire volume [12].

A functional gradient is an essential tool for structural components and lattice struc-
tures to control site-specific properties within the structure. It is important in designing
structures that mimic natural systems which can have specific and optimal responses
to applied loads. A gradient structure can be designed by varying one or more of the
following parameters: unit cell size, wall thickness/strut diameter, strut length [1]. The
overall procedure taken when designing functionally graded lattice structures includes
four main steps [2]: (i) selection or design of the unit cell, (ii) patterning or tessellation
of unit cells in the design domain, (iii) relative density distribution for gradient density,
and (iv) reconstruction of the lattice structures for manufacturing. Lattice structures can
be graded from a complete solid to a minimum beam or wall thickness according to the
creation of the desired volume ratio. They can also be manipulated in a variety of ways to
control more exotic properties other than density, such as elongation, vibration damping,
Poisson ratio, and electromagnetic effects of structures. The manipulation and ability to
create very intricate architectures using lattice structures make them extremely difficult
to manufacture using conventional fabrication methods. However, Additive manufactur-
ing (AM) processes provide the freedom to manufacture complex parts with the desired
accuracy without worrying about the complexity of structures [3]. It provides a wide
range of advantages that enable the fabrication of complex functionally gradient structures,
including reduced material wastage, the elimination of tooling and fixture preparation,
and the reduced cost of labor and machinery. Several AM technologies and processes can
also be integrated, forming a high-speed system that is essential to achieve speed, accuracy,
and surface finish [4]. This enables engineers to create complex structures that are highly
functional without the limitations of manufacturability.

Several studies show that functionally graded lattice structures have superior perfor-
mance and enhanced properties than uniform density lattice structures. The investigation
of the compressive properties of additively manufactured cubic and honeycomb lattice
structures showed that plateau stress and the energy absorption of functionally graded
structures is higher than the uniform density samples by up to 62% and 72%, respec-
tively [5]. A study performed on continuously graded micro lattices revealed that func-
tional gradient structures exhibit progressive layer-by-layer deformation regardless of unit
cell size and build direction favorable for a uni-directional impact absorption compared to
uniform density structures that tend to fail diagonally or randomly [6]. The investigation
of fatigue properties of additively manufactured gyroid lattice structures showed that
graded variants have 1.21–1.67 times higher fatigue life than uniform counterparts having
identical volume fractions [7]. Geometrically gradient lattice structures were found to have
controllable deformation features and effectively increase the energy absorption efficiency
of structures [8]. A quasi-static and dynamic compression test performed in gradient
lattice structures manufactured using the SLM process showed that maximum deformation
energy depends on the gradient density and increases with increasing relative density [9].
This gradually changing topology resulted in specific mechanical properties, making them
good candidates for enhanced energy absorption applications. Studies performed on the
impact properties re-entrant auxetic lattice structures applied to a crash box revealed that
the gradient lattice structure efficiently improved the crashworthy-ness criteria of the thin-
walled columns on pedestrian protection because of their high impact performances [10].
A comparison made between additively manufactured sheet-based and strut-based gyroid
cellular structures with graded densities subjected to a compression load showed that
the sheet-based structures are more isotropic and have a larger elastic modulus than the
strut-based counterparts [11]. It was also proved that the graded cellular structures have
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excellent deformation and mechanical behaviors, with the sheet-based structures having
better energy absorption over the strut-based ones.

Out of the several types of lattice structures, triply periodic minimal surfaces, TPMS,
based lattices have improved mechanical properties and are proven to be the most efficient
method for creating functionally gradient structures. They have a balanced combination
of specific and axisymmetric stiffness [12], high interconnectivity and a high surface-to-
volume ratio [13], excellent energy absorption [14], less stress concentration, and increased
permeability [15]. Because of their advantages, TPMS structures are strong candidates
for different applications in different industries. They have proven to be a crucial and
versatile solution for the biomedical sector in designing biomorphic scaffolds because
of their lightweight property, as well as porous and interconnected nature, which better
mimics the natural human bone structure [16], making them ideal for the fabrication of
metal implants [17]. TPMS based metal foam structures have also been used for thermal
energy storage and energy management applications because of their effective thermal con-
ductivity [18]. When used in heat exchangers, TPMS structures can generate much larger
turbulent kinetic energy, resulting in significantly improved thermal performance [19].
Despite their proven advantages, functionally gradient lattice structures are not fully inves-
tigated for dynamic loading conditions such as torsion, shear, and bending. This created
a lack of an experimental and analytical model that captures their behavior, limiting the
range of their applications.

When creating lattices, unit cells can be tessellated in different ways to make struc-
tures [20]. These techniques include the direct patterning of unit cells along two or three
dimensions (x, y, z) in the design space, the surface geometry to pattern unit cells confor-
mally, and topology optimization to create lattices to fill a 3D space on the design criteria
optimally. All the different techniques of patterning unit cells have their applications
and advantages in creating lattice structures. Direct patterning is ideal for quickly and
simply creating lattice structures to fill a very regularly shaped design volume. On the
other hand, conformal patterning is a vital tool to create lattice structures that conform to a
given irregular or curved shape to retain the integrity of unit cells. In contrast, topology
optimization is essential because it creates unit cells in a desired 3D space and can optimize
material distribution in the lattice structures. Topology optimization is usually suitable for
creating stochastic lattice structures based on the stress concentration, boundary constraint,
permissible loads, final product weight, and other operating conditions. On the other hand,
direct patterning works with non-stochastic unit cells that are capable of being tessellated
in two or three dimensions. The conformal patterning method can be used regardless of the
lattice being stochastic or non-stochastic. For this study, a circular patterning of unit cells
that conforms to the cylindrical design volume is adopted to tesselate unit cells along the
direction of the twisting force to study its effect on the torsional performances of structures.

This study aims to design diamond-based and strut-based functionally gradient lattice
structures based on the stress distribution and failure of circular structures subjected to
torsion in regular and circular patterning methods; investigate their torsional properties
in terms of torsional stiffness, energy absorption, and failure modes; and study the effect
of circular patterning on the torsional resistance and mechanical properties of the lattice
structures. It also gives a performance comparison between functionally gradient structures
and their uniform counterparts in terms of their torsional stiffness, ultimate strength, and
failure modes.

2. Materials and Methods

2.1. Design of Structures

When designing complex lattice structures, an implicit modeling approach is necessary
to describe these architectures’ geometries precisely. Therefore, nTopology (New York, NY,
USA) [21] software is used to design all structures for this study. It uses implicit modeling to
represent shapes by using functions rather than b-reps to represent geometries precisely in
their true form without initial discretization and by capturing continuity perfectly. Implicit
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modeling does not rely upon a network of vertices, edges, or faces, making it significantly
lighter to compute and design complex structures. Other advantages of nTopology include
the ability to use a field-driven approach to increase flexibility and efficiency. Using
different field functions, it is possible to manipulate the topology of structures and make
functionally gradient designs as per design requirements. In this study, five different
structures are designed in a cylindrical design domain according to the standard ASTM
E143-13 Standard Test Method for Shear Modulus at Room Temperature [22]. Two of the
designs are diamond and vertical-inclined unit cells with a regular direct patterning of unit
cells. The remaining three designs follow a circular patterning of unit cells along the length
of the structure, as shown in Figure 1 below.

Figure 1. Schematics of functional gradient structures having regular and circular patterning.

For a cylindrical-shaped structure subjected to torsional loading, the shear stress
varies linearly with the radial distance with the maximum shear stress occurring at the
surface of the shaft. Therefore, for cylindrical structures subjected to torsion, there will be
a high stress concentration on members on the outer surface of the structure. For ductile
materials, failure due to torsion occurs along the plane of maximum shear stress, usually
perpendicular to the structure’s axis. On the other hand, brittle materials tend to fail along
the plane of maximum tensile stress, which is at an angle to the structure’s axis. In both
cases, the maximum stress concentration is at the structure’s surface and closer to the
middle of the structure. Figure 2 illustrates the stress concentration and failure due to
torsion in circular elements subjected to torsion.

As illustrated in the above figure, maximum shear stress occurs at the surface of
the structures, and failure occurs at the middle of the shaft for both ductile and brittle
materials. Therefore, functionally gradient lattice structures have a material distribution
driven by high-stress concentration areas for cylindrical structures subjected to torsion.
Figure 3 shows the schematic representation of functional gradient structures designed for
this study.
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Figure 2. Stress concentration in torsional loading and failure of ductile and brittle materials.

Figure 3. Schematic representation of functionally gradient lattice structures.

The overall dimensions of the structures are shown in Figure 4 below. The length of the
structures is 100 mm without including grips, and the diameter is 25 mm. The hexagonal
grips at both ends of the structures have a length of 16 mm inscribed in a 25 mm circle.
These grips are designed to fit the hexagonal socket fixture used to hold the specimen in
the grips of the torsion testing machine. Figure 4 shows the overall dimensions and design
procedures used to design the lattice structures for this study. The two structures with
regular direct patterning having a functional gradient in both axial and radial direction
made from diamond and vertical-inclined unit cells are referred to as D and VI, respectively.
The structure with circular patterning with only an axial functional gradient is called CA;
the structure with circular patterning with only a radial functional gradient is called CR.
The structure with circular patterning having both axial and functional gradients is referred
to as CF.
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Figure 4. (a) Design volume used for all structures, (b) Overall procedure used to design functionally gradient lattice
structures.

The general overall procedure to design all structures includes using TPMS blocks
with an offsetting ramp function to drive their material distribution in the desired radial
or longitudinal direction with the required wall thickness. All structures were designed
with around 40% relative density. Structure D is designed with an initial unit cell thickness
of 1.1 mm and 10 mm × 10 mm × 10 mm unit cell size. A radial thickness variation that
varies from 1.1 mm from the central axis to 1.6 mm to the outer surface is achieved using
an offset body function. This radial variation is later used to create a longitudinal density
gradient which increases from 1.6 mm from the left and right end to 1.85 mm towards the
middle of the structure. The second structure, VI, starts having four outer vertical struts
having 2 mm, a middle vertical strut of 1.6 mm, and inclined struts of 1.2 mm diameter.
Using the ramp function, a radial thickness variation that increases from 2 mm to 2.25 mm
towards the outer surface is created, which is then used to create a longitudinal variation in
which the unit cell thickness increases to 2.45 mm toward the middle of the structure from
the left and right ends. The CA structure only has a longitudinal density gradient which
increases from the left and right ends towards the middle from 1.2 mm to 1.9 mm. On
the other hand, the CR structure only has a radial density gradient of 1 mm at the central
axis and increases linearly to 1.65 mm towards the outer surface. The final structure, CF,
combines both longitudinal and radial density gradients. The radial variation has a unit
cell thickness that increases from 1 mm to 1.4 mm from the central axis to the outer surface,
and the longitudinal density gradient increases from 1.4 mm, from the left and right ends,
to 1.65 mm to the middle of the structure. Figure 5 shows all the density gradients and unit
cell thicknesses discussed in the above paragraph.

After designing each structure, inspections blocks are used to calculate the mass,
volume, and minimum pore size of structures to ensure all structures have similar masses
and an outside pore size that will allow powder removal without difficulty. Figure 6 shows
all five designs joined with hexagonal grips and their mass volume and minimum pore
size. It shows that all structures have very close values to compare their performances.

Table 1 below shows the unit cell size, wall thickness, relative density, and minimum
pore size of the structures designed for this study. From this table, we can see that all
structures are designed with the same relative density.
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Figure 5. Longitudinal and radial density gradient in five functional gradient designs.

Table 1. Summary of dimensions for the five functionally gradient structures.

Design
Unit Cell Size

(mm)
Wall Thickness

(mm)
Relative

Density (%)
Minimum Pore

Size (mm)

D 10 × 10 × 10 1.6–1.85 41.59 2.3
VI 6 × 6 × 6 2.25–2.45 41.11 2.0
CA 7, 10 × 10 1.2–1.9 41.09 2.5
CR 7, 10 × 10 1.0–1.65 40.81 2.1
CF 7, 10 × 10 1.25–1.65 41.32 2.0
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Figure 6. Mass, volume, and minimum pore size of the five functional gradient structures.

2.2. Additive Manufacturing of Structures

All samples of lattice structures are manufactured using a high-speed HP Multi Jet
Fusion (MJF) 4200 series 3D Printer [23]. This additive manufacturing machine uses
a technology that is a hybrid between powder bed fusion (PBF) and binder jetting (BJ)
processes. These two technologies are among the most common processes used for polymer
and metal 3D printing technology. The main difference between these two technologies is
how the geometrical shape of the printed part is achieved. The HP MJF technology creates
layers by depositing a fusing agent on a powder bed, such as BJ, and uses a heating source
to fuse powder particles, such as PBF, and form parts that are final and do not require
further sintering in a furnace. Each specimen is fabricated using a Nylon Polyamide 12
(PA 12) powder, a robust thermoplastic material that produces high-density parts with
balanced profiles and robust structures. PA 12 material has excellent mechanical and
elastic properties [24] and provides good chemical resistance to oils, greases, aliphatic
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hydrocarbons, and alkalis. It is also ideal for complex assemblies, housings, enclosures,
and watertight applications. This material, combined with HP MJF solutions, can achieve a
low cost per part and minimized waste due to its balanced reusability and performance
characteristics. Figure 7 shows the HP MJF 4200 printer and post-processing station used
for this study.

Figure 7. (a) HP MJF 4200 printer, and (b) HP MJF Post-processing station.

For the torsional experiment, three samples for each design are manufactured. All
the printed samples are individually weighed and also measured for their dimensional
accuracy. The tolerances of grip structures for holding fixtures are also tested and proven
to be accurate enough. All dimensions, as well as weight, are compared with initial design
values. Almost all samples printed for each lattice structure have printed weights slightly
less than design weights. This is due to the inherent porosity of 3D printing technologies
and the inability to achieve 100% dense parts. On the other hand, a few specimens have
printed weights slightly larger than design weights due to unremoved powder particles in
the sandblasting process due to the complexity of structures. Figure 8 shows one specimen
from each of the five functionally gradient lattice structures. It can be seen from the figure
that printed parts have good quality.

Figure 8. Additively manufactured samples of each lattice structure.
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The summary of weights of printed specimens and a comparison with CAD values is
shown in Table 2 below.

Table 2. Weight of printed samples and comparison with CAD value.

Design

Weight (g) Specimen
Average

(g)

The Difference
with CAD

ValueCAD
Specimen

1
Specimen

2
Specimen

3

D 33.7 31.7 31.8 31.2 31.6 6.4%
VI 33.2 31.2 31.1 31.3 31.2 6.2%
CA 33.5 31.4 33.1 32.7 32.4 3.3%
CR 33.4 32.0 33.0 33.4 32.8 1.8%
CF 33.6 32.42 32.56 32.67 32.5 3.3%

2.3. Experimental Setup

The torsion experiment is carried out using the Material Testing System machine
(Mini MTS 858, MTS Corporation, Minneapolis, MN, USA). The test is carried out at a
speed of 30 degrees/min, which is high enough to make creep negligible [25]. Figure 9
below shows the test equipment, experimental setup for torsional testing, and specimens
of the structures.

Figure 9. (a) Torsion testing machine, (b) Experimental setup and fitting of specimen in the machine,
and (c) All three specimens for each lattice structure.

From the experiment, raw values of time (s), torsional angle (rad), and torque (N·mm)
are continuously and automatically recorded on a computer that is directly connected
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with the test machine using the software Multipurpose Elite Software (MTS Corporation,
Minneapolis, MN, USA). These values are later used to calculate several mechanical
properties and torsional properties of structures.

3. Results and Discussion

The torsional properties of all lattice structures in terms of torsional stiffness, energy
absorption, and failure modes are presented in the coming sections.

3.1. Torsional Stiffness

The torque-twist plots for the five functionally gradient structures are shown in
Figure 10 below.

Figure 10. Experimental Torque-Twist curves of functionally gradient lattice structures.

The first design, D, has a functional material distribution similar to a stress concentra-
tion along the radius of a cylindrical object subjected to torsion and where structures fail,
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which is the middle of the structure. Because of this, we see this structure having steeper
curves and higher torque values. This structure has regularly patterned unit cells in the
design volume. Another structure with the regularly patterned unit cells is design VI. This
has a similar functional gradient to the first structure, both along the radial and longitudinal
directions. This structure is composed of vertical struts that are far less efficient in resisting
torsional loads. Because of this reason, this structure withstood significantly less torque.

The other three structures have a circular patterning of unit cells which corresponds
to the direction of the twisting load. This made the structures resist more angular twists
than the other two functional gradient structures. It can also be seen from the figure below
that these three lattice structures have larger plastic deformation regions characterized
by a significant increase in the angular twist with a meager increase in the amount of
torque. However, we can see that the CF structure that has a functional gradient in both
the radial and longitudinal direction was able to resist lower torque value than the regular
patterned D structure with the same radial and longitudinal functional gradient design,
showing that a regular patterning of unit cells is better than a circular patterning for
torsional applications. Structure D has an average torque value of 19,693 N·mm, which
CR follows with 19,536 N·mm. These two structures have similar average torque values,
but CR withstood much more angular twisting of around 130 degrees compared to just
80 degrees by structure D. These structures are followed by CF, CA, and VI with 16,739,
13,942, and 8411 N·mm, respectively.

The elastic regions of these torque-twist plots are shown in Figure 11 below and are
used to calculate the torsional stiffness of structures. Even though the functionally gradient
structures did not exhibit large angular twists as in the previous designs, they showed
higher stiffness values because of their effective material distribution. Based on the elastic
curves of torque-twist plots, torsional stiffness values for each specimen are calculated,
and the average value is taken as the torsional stiffness of the structures. The individual
and average values of torsional stiffness for each structure are presented in Table 3. The
table shows that design D has the highest stiffness value of 18,705 N·mm/rad due to its
effective material distribution across the entire structure. It is followed by a CR structure
with 14,220 N·mm/rad, which has a material distribution that follows a natural stress
concentration in torsional load. Even though the CF structure has a functional gradient
design in both the radial and longitudinal directions, it has a slightly lower stiffness value,
showing that the radial stress concentration is a higher determining factor in the torsional
performances of cylindrical structures. The CA and VI structures follow with stiffness
values of 13,812 and 12,703 N·mm/rad, respectively. The difference in the torsional stiffness
of the structures can also be seen from the slope of the curve in the previous figure showing
the comparison between the torque-angle of the twist curves.

Table 3. Individual and average torsional stiffness values of structures.

Design
Individual Torsional Stiffness (N·mm/rad) Average Torsional

Stiffness, T/θ
(N·mm/rad)Specimen 1 Specimen 2 Specimen 3

D 18,382 20,875.11 16,856.9 18,704.67
VI 13,367.66 11,287.73 13,454.63 12,703.34
CA 13,528.55 13,762.95 14,145.4 13,812.3
CR 13,664.31 12,941.55 16,054.45 14,220.11
CF 13,073.77 13,655.06 14,852.21 13,860.35
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Figure 11. Elastic regions of structures for calculation of torsional stiffness.

3.2. Energy Absorption

To calculate the energy absorptions of structures polar from the shear stress-strain
curves, the polar moment of inertia of the structures is calculated by taking multiple slices
of the cross-section to determine the cross-section with the smallest area that can better
represent the torsional resistance of the entire structure. This cross-section is then used to
calculate the polar moment of inertia at the centroid of the area. Table 4 shows the polar
moment of the inertia value for each structure based on their minimum cross-sectional area.

Table 4. Polar moment of inertia values based on the minimum cross-sectional area of structures.

Design Minimum Cross-Sectional Area (mm2) Polar Moment of Inertia (mm4)

D 144.39 12,883.02
VI 96.76 8083.33
CA 125.45 8915.24
CR 162.7 14,007.22
CF 135.53 10,977.03
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Since the polar moment of inertia is directly proportional to the cross-sectional area,
we can see on the above table that structures with higher areas will have higher values of
the polar moment of inertia. Once the polar moment of inertia is determined, the shear
stress and strain values of each structure can be calculated from the torque-twist value
using Equations (1) and (2), respectively.

Shear stress—τ =
T × r

J
(1)

Shear strain—γ =
r × θ

L
(2)

where T = torque (N·mm), r = radius (mm), J = polar moment of inertia (mm4), θ= angle
of twist (rad), and L = gauge length (mm). Since the radius value is constant for all the
structures, the value of shear stress mainly depends on the amount of torque and the
value of the polar moment of inertia of the structures. Figure 12 shows the experimental
shear-stress-strain plots of the five functionally gradient structures. Three structures, D,
CA, and CF have very close maximum shear stress values of 19.11, 19.88, and 19.06 MPa.
These structures have higher stress values than the two other structures. Since structure
CR had a slightly higher polar moment of inertia value, it decreased the maximum shear
stress it withstood with a value of 17.43 MPa and put it just less than the three previously
mentioned designs. Structure VI had the lowest value of maximum shear stress with
13.01 MPa and a lower shear strain value. We can also see from the figure that the two
structures with a regular patterning of unit cells, D and VI, had very short regions of plastic
deformation compared to the three circularly patterned lattice structures.

Figure 12. Cont.
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Figure 12. Experimental shear-stress-strain curves of functionally gradient lattice structures.

The energy absorption of each structure is calculated by taking the area under the
average shear-stress-strain curves. The energy absorbed up to the fracture point of the
specimens, toughness, is calculated by approximating the stress-strain curves using the best
polynomial curve and integrating the function with the range of the lowest and highest
value of strain. Figure 13 shows energy absorption plots based on the area under the
shear-stress-strain curves of each lattice structure. The figure below shows that the CR
structure has the highest energy absorption value of 3.26 J/mm3 due to its high angular
twist values. It is followed by the CA, CF, D, and VI structures with energy absorption
values of 2.63, 2.20, 1.51, and 0.77 J/mm3, respectively. The circular patterning of the three
structures, CR, CA, and CF, gave them the advantage to withstand more angular twist over
the regularly patterned unit cells.

Figure 13. Cont.
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Figure 13. Energy absorption value based on the average stress-strain result of lattice structures.

3.3. Comparison of Performance

In this section, the comparison between regularly patterned and circularly patterned
diamond structures will be made in terms of their torsional stiffness, ultimate strength,
and angular twist. In addition, a comparison of the performance between the regularly
patterned functional gradient diamond and vertical-inclined structures is presented to
show the effect of the material distribution on the torsional performance of structures.
For a comparison of the torsional stiffness of structures, the elastic regions of the torque-
twist curves were plotted using the average values of the three specimens. The first
structures that are compared in this section are structures D and CF. Both structures have
a material distribution that varies in both longitudinal and radial directions in which
the wall thickness of the structures increases from the central axis to the outer surface
and from two longitudinal ends towards the middle. Figure 14 below shows the torque-
twist and shear stress-strain curves of the D and CF structure. The figure shows that the
regularly patterned functional gradient structure, D, has a higher torsional resistance than
the circularly patterned CF structure.

Figure 14. Comparison of torque-twist and shear stress-strain curves between D and CF structures.

The curve also has a much steeper curve in the elastic region, showing a better torsional
stiffness value. In contrast, the CF structure has a higher value of angular twist due to
the patterning effect that aligns to the twist’s direction, giving it better compliance to the
twisting load. From the stress-strain plot, we can see that both D and CF structures have
comparably similar ultimate strength values of 18.16 and 18.68 MPa, respectively. However,
the CF structure was able to withstand higher shear strain values deforming plastically.
The torsional stiffness values of both structures are shown in Table 5 below.

238



Materials 2021, 14, 6521

Table 5. Torsional stiffness values of D and CF structures.

Design Torsional Stiffness, T/θ (N·mm/rad)

D 18,704.7
CF 13,860.35

Another comparison is made between uniform density structures and functionally
gradient structures. The uniform gradient regularly patterned diamond structure, hereafter
DU, is made with a wall thickness of 1.72 mm and a relative density of 40.18%, similar to the
functional gradient counterpart. Similar torsional experiments with identical parameters
and conditions are made to compare the properties between the two structures. On the
other hand, the uniform density vertical-inclined structure, hereafter VI-U, has an outer
vertical beam diameter of 2.4 mm and diagonal beams of 1.6 mm. This structure also
has a similar relative density of 41% with the functional gradient one. Figure 15 shows a
comparison of torque-twist and shear stress-strain plots between the gradient density D,
structure, and the uniform density, DU, counterpart.

Figure 15. Comparison of torque-twist and shear-stress-strain curves between D and DU structures.

The above graph shows that the uniform density DU structure has higher values
than the functionally gradient D structure in terms of the torque withstood and torsional
angle. One major factor for these results is that both structures have the same relative
density, making the D structure have less wall thickness at the end of the structures,
creating a high-stress concentration in those areas. However, structure DU does not have
any variation of material distribution in the longitudinal direction that eliminated a high-
stress concentration at the intersection of the structure and grip. The shear-stress-strain
plots show that the functionally gradient D structure has a very steep slope and higher
ultimate strength than the uniform gradient DU structure. This resulted from the D
structure’s torsional resistance values governed by the material distribution along with
the structures. Since the material distribution follows a stress concentration pattern in
cylindrical structures, it was able to have higher torsional stiffness. The torsional stiffness
values of these two structures are given in Table 6 below.

Table 6. Torsional stiffness values of D and DU structures.

Design Torsional Stiffness, T/θ (N·mm/rad)

D 18,704.7
DU 18,162

Similarly, a comparison is made between the functionally gradient and uniform density
vertical-inclined structures. The comparison of the torque-twist and shear-stress-strain
plots is given in Figure 16 below. The figure shows that the uniform density vertical-
inclined VI-U structure could withstand more angular twists than the VI structure. This
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is mainly caused due to the higher stiffness of the structure, which made it behave in a
brittle manner and have failure without having significant plastic deformation. Therefore,
we can see that the different material distribution in the structures made from the same
unit cell can significantly affect material failure behavior. In terms of the shear-stress-strain
plots, structure VI-U still has higher ultimate shear strength before failure. However, the
functionally gradient structure, VI, has a smooth and slightly steeper curve showing a
higher stiffness value. Overall, we can say that material distribution is more efficient in the
diamond structure to enhance the property than the strut-based vertical-inclined structure.

Figure 16. Comparison of torque-twist and shear-stress-strain curves between VI and VI-U structures.

The torsional stiffness values of these two structures, VI and VI-U, are given in Table 7
below. The table shows that the torsional stiffness of the VI structure is slightly higher than
the VI-U structure despite not having a large plastic deformation region.

Table 7. Torsional stiffness values of VI and VI-U structures.

Design Torsional Stiffness, T/θ (N·mm/rad)

VI 12,703.34
VI-U 9990.2

3.4. Failure of Structures

Figure 17 shows the plastic regions of each structure based on the shear-stress-strain
curves. It shows that the three structures with a circular patterning of unit cells, CA,
CR, and CF, in the design volume showed larger plastic deformation regions. This is
because the circular patterning matches the twisting profile of the angular twist, giving
them a higher capacity to withstand more torsional angles. In contrast, the two functionally
gradient structures with a regular patterning of unit cells, D and VI, have shorter plastic
deformation regions. The amount of plastic deformation before fracture can predict the
type of failure behavior in structures. Structures with more extended regions of plastic
deformation are often associated with the ductile mode of failure. This shows that CA, CR,
and CF structures failed in a brittle manner. Since D and VI structures have stiff structures
and shorter plastic deformation regions, we can say that they failed in a brittle manner.

The failed specimens can also indicate the mechanical properties of the structure and
their resistance to the applied torsion.

Figure 18 below shows all failed specimens of the functionally gradient lattice struc-
tures. The stiff structures were able to withstand the applied torsional rotation failed at
the interface between the lattice and the grip structure. This shows that the interface was
subjected to higher stress values due to the higher strength of the main structure in the
functionally gradient structures. On the other hand, it can be seen that the failure was
initiated from the middle of the structures where the stress concentration was higher for the
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uniform density structures. This shows that the functional material distribution effectively
made the lattice structures stiffer and have better torsional resistance.

Figure 17. Approximate plastic deformation regions based on stress-strain curves of structures.

Figure 18. Mode of failure for different functionally gradient design configurations investigated in the present study. (a) D,
(b) VI, (c) CA, (d) CR, and (e) CF.
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4. Conclusions

This paper aimed to investigate the torsional properties of lattice structures and study
the effect of the material distribution and patterning modes on the mechanical properties
of the structures. The torsional properties of functionally gradient lattice structures made
from TPMS and strut-based unit cells were investigated using an experimental approach.
The results clearly show that the stiffness and energy absorption of the structures can be
improved by an effective material distribution that corresponds to the stress concentration
due to torsional load. It is observed that functional gradient designs have higher stiffness,
increasing their strength. However, this increase in stiffness is seen to be associated with a
more brittle mode of fracture. In addition, effective material distribution also affects the
failure mechanism and delays the plastic deformation of the structures, increasing their
resistance to torsional loads. The functionally gradient lattice structures’ results showed
that structure D with a functional material distribution in both radial and longitudinal
directions had improved torsional stiffness and ultimate shear strength compared to
structure DU, a uniform density structure. On the other hand, the higher stiffness of
this structure made it have shorter plastic deformation failing in a brittle manner. It is also
found that the functionally gradient structure made from vertical-inclined unit cells, VI,
has higher torsional stiffness than its uniform density counterpart, VI-U. A circular way of
patterning unit cells was also used to investigate its effect on torsional properties. From
the results, it can be concluded that this was of patterning unit cells increased the amount
of the torsional twisting angle that a structure can withstand but has no importance in
enhancing torsional stiffness and the ultimate shear strength of the structures.

For future work, it is recommended that an extensive finite element analysis, FEA,
be carried out, and cross-validation with experimental results should be conducted to
characterize the lattice structures’ torsional properties effectively. This study can open
further avenues to explore functionally graded structures by the optimal distribution of
materials in order to achieve the specific strength needed for application where weight is a
significant factor, and further investigation that looks at the dynamic underlying reasons in
the mechanics of these structures with accurate methods of evaluating them will create a
potential to exploit them further and expand the impact of TPMS based lattice structures.

Author Contributions: Conceptualization, J.-Y.J. and A.N.; methodology, A.N.; software, Y.M.H.;
validation, A.N., J.-Y.J. and S.-C.L.; formal analysis, Y.M.H. and A.N.; investigation, Y.M.H.; resources,
J.-Y.J. and S.-C.L.; data curation, Y.M.H.; writing of the original draft preparation, Y.M.H. and A.N.;
writing of review and editing, J.-Y.J. and S.-C.L.; visualization, Y.M.H. and A.N.; supervi-sion, J.-Y.J.
and A.N.; project administration, A.N. and S.-C.L.; funding acquisition, J.-Y.J. All authors have read
and agreed to the published version of the manuscript.

Funding: This work was financially supported by the High-Speed 3D Printing Research Center
(Grant No. 108P012) from the Featured Areas Research Center Program within the Higher Education
Sprout Project framework by the Minister of Education (MOE) Taiwan.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Acknowledgments: The authors would like to thank Chang-Hung Huang, Department of Med-
ical Research, MacKay Memorial Hospital, School of Dentistry, National Yang Ming Chiao Tung
University, Taipei, Taiwan, ROC for providing access to the torsion testing laboratory used for
this study.

Conflicts of Interest: The authors declare no conflict of interest.

242



Materials 2021, 14, 6521

References

1. Seharing, A.; Azman, A.H.; Abdullah, S. A review on integration of lightweight gradient lattice structures in additive manufac-
turing parts. Adv. Mech. Eng. 2020, 12, 1–21. [CrossRef]

2. Tamburrino, F.; Graziosi, S.; Bordegoni, M. The Design Process of Additively Manufactured Mesoscale Lattice Structures: A
Review. J. Comput. Inf. Sci. Eng. 2018, 18, 40801. [CrossRef]

3. Reeves, P.; Tuck, C.; Hague, R. Additive Manufacturing for Mass Customization; Springer: London, UK, 2011; pp. 275–289.
4. Nazir, A.; Jeng, J.-Y. A high-speed additive manufacturing approach for achieving high printing speed and accuracy. Proc. Inst.

Mech. Eng. Part C J. Mech. Eng. Sci. 2020, 234, 2741–2749. [CrossRef]
5. Choy, S.Y.; Sun, C.-N.; Leong, K.F.; Wei, J. Compressive properties of functionally graded lattice structures manufactured by

selective laser melting. Mater. Des. 2017, 131, 112–120. [CrossRef]
6. Choy, S.Y.; Sun, C.-N.; Sin, W.J.; Leong, K.F.; Su, P.-C.; Wei, J.; Wang, P. Superior energy absorption of continuously graded

microlattices by electron beam additive manufacturing. Virtual Phys. Prototyp. 2021, 16, 14–28. [CrossRef]
7. Yang, L.; Wu, S.; Yan, C.; Chen, P.; Zhang, L.; Han, C.; Cai, C.; Wen, S.; Zhou, Y.; Shi, Y. Fatigue properties of Ti-6Al-4V Gyroid

graded lattice structures fabricated by laser powder bed fusion with lateral loading. Addit. Manuf. 2021, 46, 102214. [CrossRef]
8. Zhang, P.; Qi, D.; Xue, R.; Liu, K.; Wu, W.; Li, Y. Mechanical design and energy absorption performances of rational gradient

lattice metamaterials. Compos. Struct. 2021, 277, 114606. [CrossRef]
9. Sienkiewicz, J.; Płatek, P.; Jiang, F.; Sun, X.; Rusinek, A. Investigations on the Mechanical Response of Gradient Lattice Structures

Manufactured via SLM. Metals 2020, 10, 213. [CrossRef]
10. Wu, X.; Zhang, S.; Shao, J. Studies on Impact Performance of Gradient Lattice Structure Applied to Crash Box. SAE Tech. Pap. Ser.

2018. [CrossRef]
11. Li, D.; Liao, W.; Dai, N.; Xie, Y.M. Comparison of Mechanical Properties and Energy Absorption of Sheet-Based and Strut-Based

Gyroid Cellular Structures with Graded Densities. Materials 2019, 12, 2183. [CrossRef] [PubMed]
12. Aremu, A.O.; Maskery, I.; Tuck, C.; Ashcroft, I.A.; Wildman, R.D.; Hague, R.I.M. A comparative finite element study of cubic unit

cells for selective laser melting. In Proceedings of the 25th Annual International Solid Freeform Fabrication Symposium—An Additive
Manufacturing Conference SFF 2014, Austin, TX, USA, 4–6 August 2014; pp. 1238–1249. Available online: https://pureportal.
coventry.ac.uk/en/publications/a-comparative-finite-element-study-of-cubic-unit-cells-for-select (accessed on 22 July 2021).

13. Yoo, D.-J. Advanced porous scaffold design using multi-void triply periodic minimal surface models with high surface area to
volume ratios. Int. J. Precis. Eng. Manuf. 2014, 15, 1657–1666. [CrossRef]

14. Zhang, L.; Feih, S.; Daynes, S.; Chang, S.; Wang, M.Y.; Wei, J.; Lu, W.F. Energy absorption characteristics of metallic triply periodic
minimal surface sheet structures under compressive loading. Addit. Manuf. 2018, 23, 505–515. [CrossRef]

15. VijayaVenkataRaman, S.; Zhang, L.; Zhang, S.; Fuh, J.Y.H.; Lu, W.F. Triply Periodic Minimal Surfaces Sheet Scaffolds for Tissue
Engineering Applications: An Optimization Approach toward Biomimetic Scaffold Design. ACS Appl. Bio Mater. 2018, 1, 259–269.
[CrossRef]

16. Kapfer, S.C.; Hyde, S.T.; Mecke, K.; Arns, C.H.; Schröder-Turk, G.E. Minimal surface scaffold designs for tissue engineering.
Biomaterials 2011, 32, 6875–6882. [CrossRef] [PubMed]

17. Yuan, L.; Ding, S.; Wen, C. Additive manufacturing technology for porous metal implant applications and triple minimal surface
structures: A review. Bioact. Mater. 2019, 4, 56–70. [CrossRef] [PubMed]

18. Qureshi, Z.A.; Al-Omari, S.A.B.; Elnajjar, E.; Al-Ketan, O.; Abu Al-Rub, R. Using triply periodic minimal surfaces (TPMS)-
based metal foams structures as skeleton for metal-foam-PCM composites for thermal energy storage and energy management
applications. Int. Commun. Heat Mass Transf. 2021, 124, 105265. [CrossRef]

19. Li, W.; Yu, G.; Yu, Z. Bioinspired heat exchangers based on triply periodic minimal surfaces for supercritical CO2 cycles. Appl.
Therm. Eng. 2020, 179, 115686. [CrossRef]

20. Tao, W.; Leu, M.C. Design of lattice structure for additive manufacturing. In Proceedings of the 2016 International Symposium on
Flexible Automation (ISFA), Cleveland, OH, USA, 19 December 2016; pp. 325–332. [CrossRef]

21. nTopology. Available online: https://ntopology.com/ (accessed on 19 February 2021).
22. Standard Test Method for Shear Modulus at Room Temperature, in: ASTM B. Stand. 2002. Available online: https://compass.

astm.org/Standards/HISTORICAL/E143-13.htm (accessed on 22 June 2021).
23. Hewlett-Packard. HP 3D Jet Fusion 5200—Commercial & Industrial 3D Printer | HP®Official Site. 2021. Available online:

https://www.hp.com/us-en/printers/3d-printers/products/multi-jet-fusion-4200.html (accessed on 22 June 2021).
24. Nazir, A.; Arshad, A.-B.; Hsu, C.-P.; Jeng, J.-Y. Effect of Fillets on Mechanical Properties of Lattice Structures Fabricated Using

Multi-Jet Fusion Technology. Materials 2021, 14, 2194. [CrossRef] [PubMed]
25. Lohmuller, P.; Favre, J.; Kenzari, S.; Piotrowski, B.; Peltier, L.; Laheurte, P. Architectural effect on 3D elastic properties and

anisotropy of cubic lattice structures. Mater. Des. 2019, 182, 108059. [CrossRef]

243





Citation: Marczyk, J.; Ziejewska, C.;

Korniejenko, K.; Łach, M.; Marzec,

W.; Góra, M.; Dziura, P.; Sprince, A.;
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Abstract: Three-dimensional concrete printing (3DCP) is an innovative technology that can lead to
breakthrough modifications of production processes in the construction industry. The paper presents
for the first time the possibility of 3D printing concrete–geopolymer hybrids reinforced with aramid
roving. Reference concrete samples and concrete–geopolymer hybrids composed of 95% concrete and
5% geopolymer based on fly ash or metakaolin were produced. The properties of the samples without
reinforcement and samples with 0.5% (wt.) aramid roving were compared. The frost resistance tests,
UV radiation resistance, and thermal conductivity were evaluated for samples that were 3D-printed
or produced by the conventional casting method. Compressive strength tests were carried out for
each sample exposed to freeze–thaw cycles and UV radiation. It was observed that after the frost
resistance test, the samples produced by the 3D printing technology had a minor decrease in strength
properties compared to the samples made by casting. Moreover, the thermal conductivity coefficient
was higher for concrete–geopolymer hybrids than concrete reinforced with aramid roving.

Keywords: 3D concrete printing (3DCP); hybrids; geopolymer; frost resistance; UV radiation;
thermal conductivity

1. Introduction

Global population growth is contributing to the development of the construction
industry. The United Nations predicts that the world’s population will grow to 8.5 billion
in 2030, 9.7 billion in 2050, and 10.9 billion in 2100. Consequently, such an increase in the
world population will increase the demand for new residential and service buildings [1,2].

One of the basic and most frequently used materials in building construction is con-
crete, due to its design parameters, properties, and low cost [3,4]. Unfortunately, the
construction industry based on concrete has a negative impact on the environment gener-
ating a large amount of contamination, more than 8% of global CO2 emissions, and high
energy consumption [5]. The desire to reduce the impact of these factors has contributed to
the development of sustainable building materials.

One type of material that is an excellent alternative to ordinary Portland cement
(OPC) is geopolymers [6]. A geopolymer is an inorganic amorphous polymer, formed by
adding an alkaline solution to aluminosilicate precursors (e.g., metakaolin, fly ash) [7]. The
microstructure of a geopolymer is composed of aluminum–oxygen and silicon–oxygen
tetrahedra that form a three-dimensional lattice structure. Such a structure contributes to
the increase in the durability of the material [8]. Geopolymers have properties similar to
concrete produced on the basis of OPC, however, compared to Portland cement, geopoly-
mers have lower CO2 emissions and lower energy consumption [7]. Geopolymer materials
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can be reinforced with fibers [9], repair materials [10], and heavy metal sewage treatment
materials. They can also be used as catalyst supports [11]. In terms of economic as well as
environmental issues, geopolymers are suitable materials for additive manufacturing [12].

In recent years, there has been a dynamic development of 3D concrete printing (3DCP)
using the extrusion method. This technology consists of linear extrusion of cement mortar
layer by layer without the use of formwork, which can reduce production costs, increase
the speed of production processes, and allow the economical production of geometrically
complex elements [13,14]. Additive manufacturing (AM) of cement materials is one of the
most interesting methods of producing concrete elements used in the construction industry.
Compared to conventional manufacturing, 3DCP can reduce the environmental impact by
up to 50% [14–17].

Partial replacement of cement with other materials allows for the production of hybrid
cement-geopolymer concrete. Earlier it was shown that Portland cement can be partially
replaced by various materials [14], such as a metakaolin (MK) [18], which improves the
properties of hybrids, their workability and durability, and reduces the environmental
impact of the cement industry [19–21]. Further, fly ash and slag, due to their properties
being similar to cement, are also suitable alternatives to its partial replacement [22,23]. Fine
fly ash has pozzolanic activity [24] and can improve the compressive strength of the final
product [25–29]. Muthusamy et al. [27] showed that concrete, in which 30% of the cement
was replaced with fly ash, can be used in the construction industry. OPC was also mixed
with slag [28].

Hybrids are most often produced by mixing cement and other cement material in
appropriate proportions and then activating such a mixture with a previously prepared
alkaline solution. In our work, we produced concrete–geopolymer hybrids by prepar-
ing concrete and the geopolymer separately, and then by mixing them in appropriate
proportions. We produced the hybrids using two methods: casting into molds and 3D
printing [29,30]. The aim of this work was to obtain 3D printed concrete–geopolymer
hybrids reinforced with aramid roving. Usually, aramid fiber, also known as Kevlar fiber,
is characterized by high tensile strength and thus is used as a reinforcement in composite
materials [31,32] to increase their durability and strength by bridging cracks and trans-
ferring tensile forces [33–35]. The novelty of the work is the production of 3D printed
concrete–geopolymer hybrids as a combination of separate mixtures, then reinforced with
aramid roving. Hybrids consisting of 95% concrete and 5% geopolymer with the addition
of fly ash or metakaolin were produced. Aramid roving was added as reinforcement to
hybrids in an amount of 0.5 wt.%. The materials prepared in this way were tested for frost
resistance, UV aging, compressive strength, and thermal conductivity. The purpose of
these activities is to develop optimal concrete–geopolymer mixtures that can ultimately
be produced based on advanced large-format 3D printing. Hybrids produced in additive
manufacturing can find application in residential construction.

2. Materials and Methods

2.1. Raw Materials

In this study, class F fly ash (Skawina CHP Coal Power Plant, Skawina, Poland) and
Metakaolin KM 60 (Keramost, Kadaň, Czech Republic) were used as a precursor for the
production of geopolymers. The chemical composition of the raw materials is presented
in Table 1. The raw materials were mixed with river sand (Świętochłowice, Poland).
Commercial cement CEM I 42.5R, which meets the requirements of PN-EN 197-1, was also
used for the tests. The cement was delivered by the cement plant Górażdże Cement S.A.
(Heidelberg Cement Group, Chorula, Poland). Aramid roving with a weight of 805 TEX and
a fiber weave width of 8 mm was used as reinforcement (Modelemax, Jelenia Góra, Poland).
A single filament in the aramid roving had a diameter of 10 μm. The characteristics of the
raw materials used for the research were presented in our previous work [29].
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Table 1. Chemical composition of fly ash and metakaolin determined by X-ray fluorescence analysis,
wt.% [29].

Component Fly Ash (%) Metakaolin KM 60 (%)

SiO2 48.220 52.430
Al2O3 26.130 42.750
Fe2O3 7.010 1.200
CaO 5.120 0.490
K2O 3.480 1.300
MgO 1.720 0.175
Na2O 1.615 0.000
TiO2 1.110 0.310
SO3 1.110 0.030

P2O5 0.700 0.440
Cl 0.090 0.060

MnO 0.090 0.012
LOI 3.284 0.722

2.2. Preparation of Specimens

Concrete specimens and concrete–geopolymer hybrids were prepared for the tests. To
prepare the concrete mixture, the cement (CEM I 42.5R) and sand were mixed in a 1:1 ratio.
The water to dry weight mixture ratio was 0.125.

The geopolymer mass was made by mixing fly ash or metakaolin with sand in a
1:1 ratio. An alkaline activator solution which consisted of 10 M sodium hydroxide and
an aqueous solution of sodium silicate (R-145) in a molar ratio of 1:2.5 was added to the
raw materials. All components were mixed in a GEOLAB cement mortar mixer (Geolab,
Warsaw, Poland) for 15 min. In the geopolymer blends containing fly ash, the liquid-to-solid
ratio was 0.28; 0.35 for blends based on metakaolin.

To prepare concrete–geopolymer hybrids, the concrete, and geopolymer mass were
mixed in the proportion of 19:1. The mixtures were produced by casting and 3D printing
methods. Aramid roving was added to part of the samples in an amount of 0.5 wt.%.
Roving was placed at 1/3 and 2/3 of the height of the specimen. The percentage of
selection of roving as well as their distribution were based on the results obtained in the
previous work [33]. Geopolymers based on fly ash reinforced with aramid fibers were
characterized by higher strength with a decrease in the number of fibers in the matrix. The
addition of aramid fibers in the amount of 0.5% increased the strength by almost 2 MPa.
The arrangement of aramid fibers in the samples is shown in Figure 1.

Figure 1. Aramid roving distribution in the sample. The figure concerns samples with dimensions of
50 × 50 × 50 mm and 100 × 100 × 100 mm, where x refers to 50 mm or 100 mm.

By producing samples by casting, the prepared mixtures were poured into molds
with dimensions of 50 mm × 50 mm × 50 mm for tests in a climatic chamber and for tests
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of compressive strength; 100 mm × 100 mm × 100 mm for frost resistance and abrasion
resistance tests; � 55 mm × 23 mm for thermal conductivity tests. The molds were shaken
to remove trapped air. The samples were cured for 24 h at 75 ◦C, then removed from the
mold and stored under ambient conditions.

For the production of samples by 3D printing, the models for printing were designed
in the Blender software. The samples were printed on the ATMAT Galaxy 3D printer
(ATMAT, Kraków, Poland). Printing was performed at ambient temperature with a printing
speed of 150 mm s−1. The diameter of the printing nozzle was 15 mm and the thickness of
the printed layer was 30 mm.

The compositions of the produced concrete samples and concrete–geopolymer hybrids
are presented in Table 2.

Table 2. Composition of concrete and concrete–geopolymer hybrids samples (kg/m3).

Sample Designation
Concrete Geopolymer Reinforcement

Cement Sand FA MK Sand Aramid Roving

100% C 1000 1000 − − − −
100% C + R 1000 1000 − − − 10

95% C + 5% FA 950 950 50 − 50 −
95% C + 5% FA + R 950 950 50 − 50 10

95% C + 5% MK 950 950 − 50 50 −
95% C + 5% MK + R 950 950 − 50 50 10

Figure 2 shows a representative view of the samples produced by casting. All samples,
regardless of their composition and method of production, were investigated after 28 days
of curing.

 

Figure 2. Representative view of the samples produced by casting.

2.3. Methods

The degree of frost resistance of concrete and concrete–geopolymer hybrids was tested
using the standard method in accordance with the PN-B 06265. The samples were subjected
to 150 cycles of freezing at −18 ± 2 ◦C and defrosting at 18 ± 2 ◦C. The obtained results
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were then compared with the test results for the reference samples stored in water at the
temperature of 18 ± 2 ◦C.

The UV aging tests in the climatic chamber were carried out in accordance with
the following standards: UV radiation resistance test—PN-EN ISO 4892-2:2013-06; color
change test—PN-ISO 105-A02:1996. The resistance to UV radiation was tested using the
following parameters: nominal power of the lamps: 3 × 1700 W; filter: daylight; method:
A, cycle 1; total test time: 720 h, wavelength measurement range: (300–400) nm, irradiance
(300–400 nm): 60 W/m2. After the tests of resistance to UV radiation, the compressive
strength tests and the grayscale color changes were carried out.

Strength tests were carried out at a temperature of 20.8 ± 0.2 ÷ 21.4 ± 0.2 ◦C and
relative air humidity of 38.9 ± 2.0 ÷ 43.1 ± 2.0%. The samples were subjected to the com-
pressive force F until destruction and the maximum force Fmax was reached. Compressive
strength was calculated on the basis of the obtained results.

The evaluation of the color change in gray scale was carried out according to ISO
105-A02. The color change was assessed as a team in a room with the lighting in accordance
with PN-EN ISO 13076:2012, at a temperature of 20.5 ± 0.2 ÷ 21.7 ± 0.2 ◦C and relative air
humidity of 40.1 ± 2.0 ÷ 42.4 ± 2.0%. The color of the UV irradiated and UV non-irradiated
samples were compared on a gray scale ranging from 5 being no color change at all to
1 being the lightest and biggest change in color. One sample from each lot was not exposed
(as a reference sample). Each series of samples was tested by comparing the reference
sample with at least the two exposed samples.

The study of thermal conductivity consisted in determining the thermal conductivity
coefficient λ under steady heat flow conditions, which was carried out using a single-
sample plate apparatus of the FOX 50 type, with heat flux density sensors, with a horizontal
orientation and the location of the hot side of the sample: the bottom. The tests were
carried out in accordance with the PN-EN 12664:2002 standard. Measurements were made
for at least 4 replicates of each analyzed variant. The temperature difference across the
thickness of the sample did not exceed 10 ◦C. The test specimens were conditioned for 6 h
at a temperature of 23 ± 2 ◦C and relative humidity of 50 ± 5%. Relative mass change
during conditioning Δmr and measurement Δmw did not exceed 0.1%.

The individual stages of the production and testing of samples are shown in Figure 3.

Figure 3. The stages of the production and testing of samples.

3. Results and Discussion

3.1. Frost Resistance

The results of the compressive strength test of samples without the addition of aramid
roving depending on the production method are presented in Figure 4. The samples made
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by casting into molds were characterized by a higher compressive strength (38–44 MPa)
than the samples produced by the 3D printing method (19–26 MPa). The compressive
strength of the samples made with the additive method is about 40% lower than that
of the cast samples. Rahul et al. [35] also showed in their research that the strength of
printed concrete was lower compared to mold-cast concrete. However, this difference
was at the level of a dozen or so percent. The lower compressive strength of 3D printed
samples compared to cast specimens may be due to the presence of weak layer boundary
connections with the presence of discontinuity defects between the layers. This can lead
to material fracture under compressive stress even at low stress levels compared to cast
samples [35]. For samples reinforced with aramid roving, lower compressive strength
was recorded compared to samples made without the addition of roving. Conventional
roving-reinforced concrete and concrete–geopolymer hybrids have up to about 15% lower
strength than samples without the addition of roving. In the case of 3D printed samples, the
addition of roving caused a reduction in compressive strength by up to 65% compared to
samples without roving. In general, among the samples without the addition of roving, the
highest strength was achieved by the concrete–geopolymer hybrids based on fly ash. The
hybrids based on metakaolin obtained the lowest strength. Among all the tested samples,
the lowest strength (about 9 MPa) was achieved by roving-reinforced 3D printed concrete
and hybrid samples based on fly ash.

Figure 4. Compressive strength of concrete and concrete–geopolymer hybrids produced by casting
and 3D printing.

The results of the residual compressive strength tests carried out after the frost resis-
tance test of the samples are shown in Figure 5. The lack of test results after the freeze–thaw
process for 3D printed hybrids with fly ash and roving (95% C + 5% FA + R) is due to the
fact that these samples were damaged during the tests in the chamber.

After the performed freeze–thaw cycles, as in the case of the reference samples, the
samples made by the casting method were characterized by a higher compressive strength
(29–47 MPa) than the samples produced by the 3D printing method (16–24 MPa). The
addition of aramid roving caused a decrease in the compressive strength of the samples
by about 30% compared to the samples without reinforcement. The exception is hybrids
based on fly ash, for which the introduction of roving increased the compressive strength
by 18%. The highest strength was achieved by hybrid samples based on fly ash.

In general, after the frost resistance test, there was usually a decrease in the compres-
sive strength of concrete and concrete–geopolymer hybrids. In the case of samples made
by casting to molds, this decrease was up to 27% compared to the reference samples, while
for 3D-printed samples the decrease in compressive strength compared to the reference
samples did not exceed 12%.
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Figure 5. Residual compressive strength after the freeze–thaw cycles of concrete and concrete–
geopolymer hybrids produced by casting and 3D printing.

Öztürk [36] also noted in his study that cement mortars showed a decrease in com-
pressive strength after freeze–thaw cycles. This reduction was more pronounced at an
early age (after 7 days of curing). Thus, the protection of cement-based composites from
frost is particularly important in earlier concrete ages than in later curing ages. As in this
study, Öztürk also reports that the presence of fibers in the material slightly decreased the
compressive strength of the samples. However, after the freeze–thaw cycles, the results
were similar for ordinary and fiber-reinforced specimens. Additionally, the reduction in
strength was more pronounced in the case of geopolymer mortars. This is due to the
fact that immersion of samples in water is more harmful to geopolymers compared to
cement mixtures. This is probably because the free sodium content is leached out during
the freeze–thaw cycles [36].

After the frost resistance tests, the mass losses for individual samples were determined.
The results are shown in Figure 6. The lack of results for the 3D printed hybrids 95% C + 5%
FA + R is due to the fact that these samples were destroyed during the tests in the chamber.

Figure 6. Mass loss after freeze–thaw cycles for concrete and concrete–geopolymer hybrids produced
by casting and 3D printing.

Regardless of the composition, the samples produced by additive methods showed
greater mass losses after the frost resistance test than for samples made by casting into
molds. The smallest mass loss occurred for concrete samples reinforced with aramid roving
(0.64%) made with the conventional method. The greatest loss occurred for the same type
of material but produced with 3D printing (1.06%).
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In the case of the printed concrete–geopolymer hybrids, the mass loss was about 8–12%
higher than for the cast samples. However, a greater disproportion was noted for additively
produced concrete samples, for which the mass loss was as much as 24–27% higher than in
the case of samples made with conventional methods.

On the basis of the tests, it was found that the tested samples obtained a frost resistance
level of F150.

3.2. UV Aging Tests

Any building material undergoes a slow degradation process, which is influenced
by factors such as temperature, humidity, UV radiation, and mechanical influence. The
kinetics of this process depends, among others, on the exploitation environment, possible
defects in the structure, or the intensity and types of factors causing the changes. Therefore,
both raw materials and products, for safety reasons, should be analyzed by the aging tests.
The tests allow for the elimination of design and construction errors and slow down the
degradation processes of the final products. When assessing the resistance of the material
to environmental conditions, its resistance to exposure to UV radiation and water is most
often tested.

UV radiation can significantly reduce the aesthetic value, as a result of the aging of
protective gel coatings used for bridge cornices. UV radiation breaks down the polymer
chains, thereby releasing fillers and dyes onto the surface of the elements.

Moreover, testing the resistance to UV radiation is necessary to determine the durabil-
ity of the material properties over time. Therefore, tests were conducted to determine the
changes in the properties of the samples after exposure to UV radiation.

The results of the compressive strength tests of the samples carried out after the UV
aging tests in the climatic chamber are shown in Figure 7.

Figure 7. Compressive strength after the UV aging tests.

On the basis of the results presented in Figure 7, it was observed that the specimens
made with the addition of aramid roving were characterized by a lower compressive
strength than the samples made only of the matrix material. Similar relationships were
also observed for samples subjected to compressive strength tests without prior expo-
sure (Figure 4). The exception is concrete–geopolymer hybrids with the addition of a
metakaolin-based geopolymer reinforced with aramid roving, which were produced by
a conventional method. These samples have higher compressive strengths (24.93 MPa)
compared to samples without the addition of roving (20.53 MPa). In general, samples made
using the conventional method have higher strength properties than 3D printed samples.
Only in the case of concrete–geopolymer hybrids with the addition of a metakaolin-based
geopolymer, both without and reinforced with roving, were the additively produced sam-
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ples characterized by higher strength. Among the samples produced by the casting method,
the hybrids of 95% C + 5% FA have the highest compressive strength (31.07 MPa). In the
case of 3D printed samples, the highest strength is achieved by hybrids of 95% C + 5% MK
(41.13 MPa). The 100% C + R samples (15.47 MPa) are characterized by the lowest strength.

After the tests of resistance to UV radiation for samples made by casting into molds, a
decrease in compressive strength was observed in comparison with the reference samples
(Figure 4). There was a decrease of 25% and even 50% of the initial strength for the
95% C + 5% FA + R and 95% C + 5% MK samples, respectively. For the remaining samples,
the strength after exposure decreased by about 30–40%. UV radiation weakened the
mechanical properties of concretes and hybrids produced by conventional methods. As
a result, the samples may have lower fatigue and damage resistance. Therefore, a longer
time of UV exposure has a degradative effect on the mixtures produced [37]. On the
other hand, in the case of 3D printed samples, the decrease in compressive strength after
testing the resistance to UV radiation was recorded only for the concrete sample. For
the remaining samples, after exposure, the compressive strength increased in relation to
the reference samples. This may be due to the harder effects of UV aging and cause an
increase in strength. A similar relationship was noticed by Wu et al. [37], who tested the
flexural strength of asphalt concretes after 7, 14, and 28 days of UV aging. They noticed
that the flexural strength of the samples at 25 ◦C tended to increase with successive days of
exposure compared to unexposed samples. They concluded that at a temperature of about
25 ◦C, the effect of UV aging on the asphalt binder could partially offset the softening effect
caused by the heat. This resulted in an increase in the strength of asphalt concretes.

The results of the examination of the color change in the gray scale are presented
in Table 3. Color change tests were carried out in order to assess the color fastness and
aging characteristics of the samples to the effects of weather conditions to which they
may be exposed, in this case, UV radiation. Increasingly, in addition to the structural
function, concrete also plays a decorative role. For this reason, their external appearance is
also important.

Table 3. Results of the evaluation of the color change in a grayscale of concrete and concrete–
geopolymer hybrid samples.

Manufacturing
Method

Sample Designation
Test Result

Evaluator 1 Evaluator 2 Evaluator 3

Mold Casting

100% C 5 5 5
100% C + R 5 5 5

95% C + 5% FA 5 5 5
95% C + 5 % FA + R 5 5 5

95% C + 5% MK 5 5 5
95% C + 5 % MK + R 5 5 5

3D Printing

100% C 5 5 5
100% C + R 5 5 5

95% C + 5% FA 5 5 5
95% C + 5 % FA + R 5 5 5

95% C + 5% MK 5 5 5
95% C + 5 % MK + R 5 5 5

5—no visible difference between UV irradiated and UV non-irradiated samples.

On the basis of the results obtained from the conducted tests, it was found that the UV
radiation did not cause any significant changes in the color of the samples, regardless of
their composition or the method of production.

3.3. Thermal Conductivity

Thermal conductivity tests were carried out only on samples made by casting into
molds. The limitation to preparing samples using the 3D printing method was the 15 mm
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diameter of the printing nozzle. Therefore, it would be difficult to produce specimens
with dimensions of ø 55 mm × 23 mm containing aramid roving in accordance with the
methodology of sample preparation.

For the study of thermal conductivity, samples with high strength recorded in previous
tests were selected. The tests were carried out for samples with and without the addition of
aramid roving. The obtained results are presented in Table 4.

Table 4. Thermal conductivity and thermal resistance of concrete and concrete–geopolymer hy-
brid samples.

Sample
Designation

ρ [kg/m3] d [m] λi (W/m·K) Ri (m2·K/W)

100% C + R 1901 0.02306 0.3947 0.06
95% C + 5% FA 1925 0.02339 0.5334 0.04

95% C + 5% FA + R 1991 0.02425 0.7413 0.03
95% C + 5% MK + R 1943 0.02225 0.5353 0.04

d—measured thickness of the test sample. ρ—sample density after seasoning. Ri—thermal resistance of the tested
samples. λi—thermal conductivity coefficient.

The tested concrete samples reinforced with 0.5% aramid roving were characterized by
the lowest thermal conductivity coefficient, and thus, such material better insulates against
heat losses. Concrete–geopolymer hybrids with the addition of an ash-based geopolymer
and hybrids with the addition of a metakaolin-based geopolymer reinforced with roving
obtained similar values of the thermal conductivity coefficient, respectively, 0.5334 W/m·K
and 0.5353 W/m·K. Among the tested samples, the best thermal conductivity was achieved
by concrete–geopolymer hybrids with the addition of geopolymer based on fly ash, rein-
forced with aramid roving. The addition of roving to the hybrid increased the thermal
conductivity coefficient from 0.5334 W/m·K to 0.7413 W/m·K.

The thermal conductivity of concrete is mainly related to porosity and pore size [38,39].
The thermal conductivity of hybrids with the addition of fly ash after adding aramid roving
increased by almost 40% compared to the hybrid without reinforcement (95% C + 5% FA).
Overall, the thermal conductivity of the hybrids was higher than that of the reference
concrete. Similar results were observed by Lu et al. [39]. The samples made with fly
ash and metakaolin showed a higher thermal conductivity than the samples without this
additive. Replacement of metakaolin with fly ash increased the thermal conductivity by
about 38%. Lu et al. [39] noticed that the increase in thermal conductivity may result,
for example, from the lower fineness of the material, which may increase the density of
the sample.

4. Conclusions

The properties of innovative concrete–geopolymer hybrids reinforced with aramid
roving and produced by 3D printing technology were compared with samples prepared by
the casting method. The effects on frost resistance, UV radiation, and thermal conductivity
properties were determined.

Generally, after the freeze–thaw cycles, the compressive strength of concrete and
concrete–geopolymer hybrids decreased. The concrete–geopolymer hybrids made by 3D
printing were characterized by a compressive strength that was about 40–57% lower than
the samples made by casting. This may be the effect of the presence of weak interface
connections between the layers. Moreover, the addition of aramid roving caused a decrease
in the compressive strength of the samples by about 30% compared to the samples without
reinforcement. All of the tested samples had a frost resistance level of F150.

UV radiation test showed that the 3D printed hybrids with the addition of a metakaolin-
based geopolymer exhibited the highest strength. The addition of roving reduced the
strength properties of the samples after UV aging tests, and, in this case, exposure to UV
radiation further decreased the mechanical properties of concretes and hybrids produced
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by conventional methods. For 3D printed samples, aramid roving caused an increase in
compressive strength after UV exposure. The addition of uniform orientation roving may
eliminate the effect of weak boundaries between the printed layers.

Thermal conductivity tests showed that among the tested samples, concrete reinforced
with aramid roving was characterized by the lowest thermal conductivity coefficient. As
a result, concrete provides better insulation against heat loss. The addition of aramid
roving increased the hybrid’s thermal conductivity by almost 40% compared to the material
without reinforcement.
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Abstract: Color 3D printing has widely affected our daily lives; therefore, its precise control is
essential for aesthetics and performance. In this study, four unique test plates were printed using
powder-based full-color 3D printing as an example; moreover, the corresponding pigment-penetration
depth, chromaticity value and image-based metrics were measured to investigate the lateral pigment
penetration characteristics and relative surface-color reproduction of each color patch, and to perform
an objective analysis with specific microscopic images. The results show that the lateral pigment-
penetration depth correlates with the number of printed layers on the designed 3D test plates,
and the qualitative analysis of microscopic images can explain the change in chromaticity well.
Meanwhile, there is an obvious linear correlation between the mean structural similarity, color-image
difference and color difference for current color samples. Thus, our proposed approach has a good
practicality for powder-based color 3D printing, and can provide new insight into predicting the
color-presentation efficiency of color 3D-printed substrates by the abovementioned objective metrics.

Keywords: color 3D printing; penetration depth; chromaticity; image-based metric; color reproduction

1. Introduction

Three-dimensional printing is a layered manufacturing process based on the principles
of additive manufacturing and rapid prototyping [1]. It is based on digital model files
and uses bondable materials such as plastic, gypsum powder, paper sheet, and resin to
manufacture three-dimensional objects by printing layer by layer and overlaying different
shapes in a continuous layer-forming method [2], which also contains color replication [3].
With the continuous development and upgrading of 3D printing materials and equipment
with a rapid growth in industry scale, color 3D printing technology has become a key
branch of the 3D printing industry [4].

Based on the printing materials, color 3D printing can be divided into six major cate-
gories, namely, plastic-, paper-, powder-, bio-, food- and metal-based color 3D printing [5].
There are two ways for color 3D printing to achieve a lifelike surface color: one is to add
a coloring stage to the post-printing process [6,7]; the second is to introduce the color
discretization of graphic printing into 3D printing during the forming process. The latter
method directly provides richer color reproduction and is called full-color 3D printing with
accurate digital colorization arrangement [8,9].

Color is one of the most expressive and attractive surface attributes in the 3D world,
and high-precision color reproduction is something that all categories of 3D printing
technology aspires to achieve at this stage. It is even more essential in the custom production
and cultural artwork industries [10,11]. Powder-based 3D printing, also known as inkjet
3D printing technology (3DP), was one of the first technologies proposed to enable full-
color 3D printing [12]. However, at this stage, 3D-printed products still cannot fully meet
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the individual needs of users [13], and color reproduction research still lacks a unified
theoretical and standard numerical model for predicting the color quality of 3D prints [14].

Currently, color quality evaluation of full-color 3D printing is a focus of interest for
color researchers and a key part of the industrialization process of full-color 3D printing. Lu
et al. proposed the graded solution method for ink-permeation pressure distribution and
established a spatio-temporal evolution equation for ink-permeation pressure distribution
based on experimental parameters. This study analyzed the ink permeation behavior
only from the horizontal plane, without taking into account the sides (cross-sections) of
the samples [15]. Yang et al. proposed a fast slicing and color-acquisition algorithm
for 3D models to obtain color information coordinate formulas and calculate axis pixel-
information coordinates for color 3D printing, which achieved the expected purpose with a
high efficiency. However, the degree of refinement was somewhat lacking [16]. Li et al. used
EPSON DX-5 for spontaneous color 3D printing; full-color printing was implemented based
on halftoning algorithms that used different threshold matrices for different ink channels;
the performances of the various algorithms were evaluated in terms of both subjective and
objective indices. The calculation process was more complicated [17]. In the study of the
penetration characteristics of the pigments on the lateral interface (cross-section) of 3D
prints and their surface color features, there is an urgent need for color quality prediction
for full-color 3D printing.

In addition, there has also been related progress in research on the quality evaluation
of color reproduction for 3D-printed surfaces. Wang et al. proposed a microstructure
image analysis method for powder-based 3D-printed samples postprocessed by different
impregnating agents to determine the optimal process parameters. The effect of color on 3D
samples has not been considered in detail [18]. Yuan et al. studied the color reproduction of
specific 3D samples produced by plastic-based color 3D printing, using a linear correlation
analysis between color difference and image-based metrics, including a mean structural
similarity (MSSIM) and color structural similarity (SSIM) map. There was no consideration
of the effect of pigment penetration behavior on color reproduction [19]. Tian et al. skillfully
explored the quantitative correlation between the color feature of a paper-based 3D-printed
coloring layer and its blank layer attached underneath using ΔE*ab, the feature similarity
index measure of color images (FSIMc), and an improved color image difference (iCID).
This study ignored the problem of 3D sample boundary coloring [20]. Therefore, image-
based metrics have mature applications in the evaluation of the color-reproduction quality
of color in 3D printing as efficient numerical visualization tools.

In fact, the color management in the classic graphic printing domain performs badly
in adjusting the color reproduction of color 3D printing because the pigment penetration
behavior changes significantly [4]. Thus, combined with image-based metrics and color
differences, this paper uses a powder-based color 3D printer and a specific experimental
model to analyze the characteristics of internal pigment penetration, as well as quanti-
tative quantification to enrich the color-reproduction control of color 3D printing. By
pre-designing the test structure, the color 3D-printed sample was cut with certain thin
pieces, and the microscopic imaging method was used to quantify the depth of the pigment
penetration in the sides of the pieces. The current characterization of pigment penetration
characteristics can provide more accurate factual bases and analysis methods for accurate
color-reproduction prediction in color 3D printing.

The structure of this study is divided into four parts: The first part contains the
background of this study, previous research results and problems, and the purpose and
significance of this research study. The second part contains the model design as well as
the experimental method used. The third part analyzes the experimental results from three
perspectives. The fourth part contains the results and discussion.

2. Materials and Methods

The experimental framework of this paper is shown in Figure 1. Firstly, four specific 3D
test models were designed using the 3D software Autodesk 3ds Max (San Rafael, CA, USA),
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and samples were printed using the 3D System Z860 printer (Rock Hills, SC, USA). Next, a
3D profilometer VR-5000 (Osaka, Japan) was used to obtain the surface pigment penetration
depth; the spectrodensitometer X-Rite i1Pro2 (Grand Rapids, Michigan, USA) was used
to measure the chromaticity values (L*a*b*) of the surface color; a TIPSCOPE Mobile
Microscope (Hubei, China) was used to obtain the microscopic surface; and a Canon EOS
500D camera (Shimomaruko, Ota-ku, Tokyo, Japan) was used to acquire high-resolution
images of surface color patches to calculate image-based metrics.

Figure 1. The experimental framework with relative equipment.

2.1. Model Design

Four 3D test models were designed. The center area of this model had six thicknesses
of coloring stairs, and its two sides had three thicknesses of white blocks as the blank
control. Each test model included thirteen color samples and six coloring stairs. The
color sample was selected from six primary colors, r (red), g (green), b (blue), c (cyan),
m (magenta), y (yellow), and neutral colors k (black), 0.8k, 0.6k, 0.4k, 0.2k, 0.1k, and w
(white) with specific order changes, where 0.1k means 10% black, expressed as a decimal
for subsequent marking, and so on. In Table 1, for each color sample, specific CIEL*a*b*
values are given independent of the device presentation. In Table 2, specific parameters for
different stairs are given for each model, where these four test samples are named I, II, III,
and IV in turn. Cs1 denotes the thickness of the first step of the color layer, Ws1 denotes the
thickness of the first step of the white layer, and so on for the others.

Table 1. Color parameters in each sample patch.

Color r g b y m c k 0.8k 0.6k 0.4k 0.2k 0.1k w

L* 54 88 30 98 60 90 0 21 43 63 82 91 100

a* 81 −79 68 −16 94 −51 0 0 0 0 0 0 0

b* 70 81 −112 93 −60 −15 0 0 0 0 0 0 0
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Table 2. Thickness parameters in each 3D test model.

ID
Substrate

(cm)

Color Layer (cm) White Layer (cm)

CS1 CS2 CS3 CS4 CS5 CS6 WS1 WS2 WS3 WS4 WS5 WS6

I 0.2 0.02 0.04 0.06 0.08 0.1 0.12 0 0.02 0.04 0.06 0.08 0.1
II 0.2 0.04 0.08 0.12 0.16 0.2 0.24 0.02 0.06 0.1 0.14 0.18 0.22
III 0.1 0.08 0.16 0.24 0.32 0.4 0.48 0.06 0.14 0.22 0.3 0.38 0.46
IV 0.1 0.1 0.2 0.3 0.4 0.5 0.6 0.08 0.18 0.28 0.38 0.48 0.58

2.2. Pigment Penetration Depth, Chromaticity Measurement and Image Acquisition Quantification

Using a 3D profilometer (its magnification = 80×) to obtain the depth of pigment
penetration on the lateral interface of each color patch on the 3D test plate, the thickness
values were measured three times and averaged for the next analysis. The chromaticity
of the color patches on each test plate was measured by a spectrophotometer (parameters:
measurement condition = M1, illumination source = D50, observer angle = 2 degrees),
averaged three times for each patch, and correlated with the microscopic images acquired
using TIPSCOPE. In the standard imaging system, the camera focus was set at the same
horizontal height as the center point of the color 3D test plate to obtain the microscopic
imaging for each color patch. Then, further objective quantitative evaluations were per-
formed in a compiled MATLAB program using the feature-similarity index measures of
color image (FSIMc), mean structural similarity (MSSIM) and color image difference (iCID)
metric algorithms.

2.3. Data Analysis

In this study, the degree of pigment penetration on the side of the color patches, as
well as the chromaticity and similarity between the blocks, were calculated and analyzed.

Height = Hi − h (1)

where h is the color block surface color thickness preset value (h = 200 μm), Hi is the
penetration depth value of the i color patch surface color, and i is a positive integer from 1
to 6.

ΔE∗
76 =

√
(L∗

i − L∗
1)

2 +
(
a∗i − a∗1

)2
+ (b∗

i − b∗
1)

2 (2)

where ΔE*76 is the relative chromaticity; L*1, a*1, and b*1 are the color of the first stair color
patch; L*i, a*i, and b*i are the color of the i stair color patch; and i is a positive integer from
2 to 4.

FSIMc =
∑Ω SPC(x)·SG(x)·[SI(x)·SQ(x)]

λPCm(x)
∑Ω PCm(x)

(3)

For these, see Ref. [21].

MSSIM(x, y) =

(
2μxμy + C1

)(
2σxy + C2

)
(
μ2

x + μ2
y + C2

)(
σ2

x + σ2
y + C2

) (4)

where μx, μy, σx, σy, and σxy are the x-image mean, y-image mean, x-image variance,
y-image variance, and two-image covariance, respectively, and C1 and C2 are nonzero small
constants avoiding zero in the denominator.

iCIDA(S, T) = 1 − 1
|A| ∑

i∈A
[lL(si, ti)·cL(si, ti)·sL(si, ti)·lC(si, ti)·lH(si, ti)·cC(si, ti)·cC(si, ti)] (5)

For these, see Ref. [22].
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3. Results and Analysis

3.1. Effect of the Number of Layers Printed on the Surface of Powder-Based Color 3D Test Plates on
the Depth of Pigment Penetration

In Figure 2, the penetration characteristics of the pigments on the sides of four 3D test
plates with different numbers of printed layers are shown. The lateral thickness value of
the color sample on each stair of the 3D test plate was first compared with the color preset
value at the designing stage of the test models, and the difference was calculated and noted
as the penetration depth. Considering that the bottom layer of the test plate is noncolored,
the measurement targets select primary color samples and gray color samples, including k,
0.8k, and 0.6k. For the sake of image layout, “0.8k” is abbreviated to “.8k”, and so on.

Figure 2. The lateral pigment penetration depth: (a) test plate I; (b) test plate II; (c) test plate III;
(d) test plate IV.

Except for test plate I, the general trend of the penetration depth of the lateral pigments
of the other test plates showed a consistent change, and the higher the number of printed
layers was, the greater the penetration depth of the lateral pigments of the test plate was.
However, when the number of printed layers reached a certain height, the change in their
penetration depth tended to level off or slightly decrease. Test plates II and III on stair 1 to
stair 3 show that the sample penetration degree grows more quickly and then relatively
slowly. However, the penetration depth at stair 6 was relatively obvious for each color
sample, such as color sample g and color sample c in test plate II, most of the color samples
in test plate III, and color sample c in test plate IV, which all had obvious decreasing trends.
Compared with the neutral gray sample, the depth of penetration of the color-sample side
was more obvious. For example, the penetration depths of color samples r, g, y and m
in test plate I were significantly greater than those of color sample 0.6k, the penetration
depths of color samples r and g in test plate II were greater than those of color sample 0.8k,
the penetration depths of color samples r and y in test plate III were greater than those of
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color sample 0.8k, and the penetration depths of color samples r and y in test plate IV were
greater than those of color sample 0.6k.

In Figure 3, by calculating the average of the penetration depths of each stair color
sample on a test plate, the influence of different printing layers on the surface of the test
plate on the degree of pigment penetration became more obvious, and the higher the
number of printing layers on the test plate was, the more obvious the degree of penetration
was. For example, the average penetration depth of each stair color sample in test plates
III and IV is significantly higher than that of plate I. When the number of printed layers
is low, the average depth of penetration of each color sample on the surface of the test
plate grows faster, but after reaching a certain height, the average depth of penetration is
basically similar; however, there is a significant decline in the highest stair. The average
depth of penetration in test plate III increases abruptly after stair 3. It is hypothesized that
the thickness of the plate base at stair 3 reaches a certain height value and that the average
depth of penetration shows a sudden change, which has a strong relationship with the
thickness of the plate base.

Figure 3. Average depth of pigment penetration on the side of each 3D test plate.

3.2. Effect of the Number of Layers Printed on the Surface of the Powder-Based Color 3D Test Plate
on Color Chromatic Aberration

In Figure 4, the chromaticity between the color sample on coloring stair 1 of the 3D test
plate and the color samples at the same position on the other stairs is shown. Overall, it can
be seen clearly that the chromaticity varies significantly depending on the number of layers
printed on the test plate and is positively correlated with the number of layers printed.
Except for the 3D test plate I, the trend of chromaticity between each coloring stair and stair
1 in the rest of the plates is basically the same—that is, the stair contains the increase in
the number of printed layers, where the chromaticity values at stair 2 and stair 3 fluctuate
greatly. For example, the chromaticity between stair 4 and stair 6 in test plate I and stair 1
fluctuated more, while the rest of the stairs changed very little and tended to be the same,
whereas the other three test plates and test plate I generally showed the opposite trend.
The chromaticity of the color sample fluctuated more than the chromaticity trend of the
noncolor sample. For example, the fluctuations of color samples g, m, c, and k in test plate
I; color samples y, m, and c in test plate II; color samples r, g, y, m, and c in test plate III;
and color samples g, m, and c in test plate IV were all relatively obvious. Compared with
the other color samples, color sample k showed a large fluctuation in chromaticity when
the number of printed layers was small, but when the number of printed layers reached a
certain height, the change was relatively small.

262



Materials 2022, 15, 3245

Figure 4. Three-dimensional test plate surface chromaticity: (a) test plate I; (b) test plate II; (c) test
plate III; (d) test plate IV.

Figure 5 shows the average chromaticity of each color sample on the 3D test plate,
and it can be observed that the fluctuation of each color sample varies widely. Except for
test plate I, the overall trend of the other test plates is consistent. When the number of
printed layers reaches a certain value, the average chromaticity values among the color
samples on the test plate change more similarly. For example, the average chromaticity
changes of color samples y and k in test plate III and test plate IV are basically the same.
In addition, the average chromaticity values of g, m and c in color samples and 0.6k and
0.4k in noncolor samples are relatively large compared to other color samples. Figure 6
analyzes the chromaticity from the perspective of microscopic imaging on the surface of
the color sample to explain the fluctuating characteristics of the chromaticity-variation
trend, in which the vertical arrangement is the microscopic images of the color patches
from coloring stair 1 to stair 6 on the test plate, in order, and the horizontal arrangement
is the color samples g, m and k on the four test plates, in order. I-g indicates the color
sample g on test plate I, and so on for the others. All diagrams are used is a small paste
microscope, and the scale is 1:14 (when using it needs to be pasted on the phone lens, with
the magnification of up to 400×).
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Figure 5. Three-dimensional test plate surface color average chromaticity.

Figure 6. Comparison of microscopic images of color samples g, m and c on different test plates.

In Figure 6, due to the problem of a lack of space, only the color samples g, m and
k with large fluctuations in chromaticity in Figure 4 were selected. The brightness of the
colors of the 3D test plates with different printing layers were largely varied, and the color
samples in test plates II, III and IV were obviously darker than those in plate I. The color
of different coloring stairs in the same test plate also has a certain difference; the higher
the coloring stair is, the less bright the color sample is compared to the lower stair of the
color sample. Test plate I in the colored sample k contains white particles compared to the
colored samples g and m, so its chromaticity value fluctuation is relatively large. The color
of sample k on different stairs in test plate II is similar. Except for test plate I, the color
samples g, m and k on stair 5 and stair 6 on the other test plates have very little difference
in color, while the rest of the color samples on the stairs have a relatively low brightness.
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3.3. Image-Based Metrics Analysis of Surface Coloring Stairs on Powder-Based Color 3D Test
Plates

Figure 7 shows the similarity between the high-definition color samples on the 3D test
plate of coloring stair 1 and the color samples at the same position of the other stairs. The
top and bottom parts of the figure are selected based on the MSSIM metric and the iCID
metric obtained from the MATLAB compilation, respectively, where the more similar the
color samples, are the closer the MSSIM curve value is to 1, and the closer the iCID curve
value is to 0, the smaller the difference between color samples is. The vertical coordinate
Mv (metric value) represents the change in the value of the image basis metric. In general,
the degree of similarity and the degree of difference between the color samples of the
3D test plates with different numbers of printed layers are basically the same, and the
similarity and difference curves of the color samples on different coloring stairs are also
very consistent for the same test plate. Overall, the similarity between coloring stair 6 and
stair 1 is slightly better than that of other coloring ladders, e.g., color samples g, y and
c in the four test plates. Color sample areas fluctuate more and the differences between
them are more obvious, for example, in color samples r, b and m. Color samples 0.2k,
0.1k and w in noncolor areas fluctuate steadily. However, for the color samples in the
transition region, the degree of difference is larger, for example, in color samples k, 0.8k
and 0.6k, probably due to the large differences in color contrast between white particles
and noncolored adhesives in the color samples at the transition region.

Figure 7. Similarity between color samples: (a) test plate I; (b) test plate II; (c) test plate III; (d) test
plate IV. Solid lines S1-2 indicate MSSIM image-based metric curves, while dashed lines S1-2′ indicate
iCID image-based metric curves.

The degree of similarity between color patches can be observed in several ways. The
left panel in Figure 8 shows the quantified correlation between the three image-basis metrics
compiled based on MATLAB, in which the trends of the image-basis metric based on FSIMc
and MSSIM are roughly the same, and the FSIMc curve is more stable overall; the MSSIM
value rises and then falls, the iCID value falls and then rises, and the sum of the two values
approximately equates to 1 but is not equal to 1. The right panel shows the quantified
relationship between the chromaticity of color sample m and the image basis metrics (only
a single color sample is selected for space). The chromaticity of the color sample on the test
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plate shows a stable positive correlation with the objective index FSIMc and MSSIM values
and a negative correlation with the objective index iCID value.

Figure 8. (a) Quantitative correlation of image basis metrics; (b) image basis metrics and chromaticity
linearization.

4. Discussion and Conclusions

In this study, we studied the pigment penetration characteristics on the lateral interface
(cross-section) of the test plate and then combined the correlation between the chromaticity
measurement and the surface microscopic images, as well as the objective assessment of
acquired image quality, to provide the color reproduction evaluation based on powder-
based color 3D printing. The powder-based color 3D print is made of white powder
particles bonded with an adhesive. When its surface powder particle arrangement is not
dense, this affects the vertical penetration of the surface-color adhesive, thus indirectly
affecting the sample surface-color reproduction [23,24].

The lateral pigment-permeation distribution of the powder-based color 3D printing
test plate directly affects its boundary-coloring accuracy and indirectly affects the surface-
color rendering. The pigment penetration on the side of the substrate helps to analyze
the intrinsic causes of the trends at the microscopic level. For a test plate with different
printing layers, the penetration depth of lateral pigment has a good constant similarity and
generally tends to rise with the number of printing layers [25], but significantly declines
after reaching a certain height. From this, the test plate boundary coloring can be predicted.

Although chromaticity measurement can quickly predict the color reproduction qual-
ity of a flat color patch, the surface properties of the 3D-printed underlying media always
change with non-negligible fluctuations. Therefore, the color reproduction of the underly-
ing media surface is monitored and correlated with the microscopic image of the printed
surface, and it is obvious from the correlation between chromaticity and the microscopic
image that the chromaticity of the color samples on the surface of the underlying me-
dia fluctuates more, while the noncolor color samples are more flat. The chromaticity
fluctuation also becomes larger with the increase in the number of printed layers [26,27].
The average chromaticity is correlated with the image-based metrics to improve the color
reproduction prediction under different objective metrics. Thus, based on the modeling
idea of the paper-coloring efficiency formula in the field of graphic printing, the formula
of the surface-coloring efficiency metric for color 3D-printed substrate should be further
investigated by other researchers. Overall, our proposed approach is of good practicality
for lateral pigment penetration analysis.
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