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Preface to ”Mechanical Properties of Advanced

Metallic Materials”

With many of today’s emerging technologies, the primary emphasis is on the mechanical

properties of the metallic materials used in the fields of ocean, air and aerospace, bridge

and nuclear engineering. Because the mechanical property is an extremely important

indicator to evaluate whether the materials can be applied in the above fields. Strength

is the main indicator of the mechanical property. Different strengthening mechanisms, such

as phase transformation strengthening, solid-solution strengthening, dislocation strengthening,

grain-boundary strengthening, precipitation strengthening and load transfer via the introduction

of strong phases, can be used to achieve high strength/hardness. These strengthening methods

are accompanied by various deformation mechanisms, such as Transformation-Induced Plasticity

(TRIP), Twinning-Induced Plasticity (TWIP), etc. Achieving high strength–ductility synergy is a

long-time challenge and becomes a topic of general interest. To promote the further progress of this

field, a Special Issue focusing on the “Mechanical Properties of Advanced Metallic Materials” is now

published.

This Special Issue includes 1 review paper and 14 original research papers devoted to the

mechanical properties of the superelastic alloy, titanium alloy, shape memory alloy, various kinds

of steels, medium-entropy alloy, high-temperature alloy, etc. The review article of Prof. Y.

Zhang and Prof. Z.W. Zhang summarized the research progress of Fe-based superelastic alloys,

mainly including the superelastic mechanical properties and its influence factors. Prof. Y.Q.

Chen, Prof. J. Liu, Prof. Z.B. Zheng, Prof. Y. Liu, Prof. M. Alizadeh, etc., investigated the

mechanical performance and deformation behavior of various kinds of alloys and steels, including

titanium alloys, CoCrNi medium-entropy alloy, 5083/6005A alloy, Cu–Al–Ag shape memory alloys,

Inconel 718 alloy and hybrid composites (LM5/ZrO2/Gr). Besides, wear characterization, corrosion

resistance, pre-oxidation microwave radiation, interfacial interaction and engulfment mechanisms in

titanium and various kind of steel and binary alloys were studied by Prof. S. Pande, Prof. J. Pu, Prof.

F. Gubarev, Prof. V. Novák, Prof. M. Ardigo-Besnard, Prof. Q.Y. Han, etc.

We kindly wish that the readers will find this Special Issue to be informative and the published

papers will bring forth new ideas on different related aspects. This should be of great significance for

promoting the further development of this field.

Yang Zhang and Yuqiang Chen

Editors
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Research Progress of Fe-Based Superelastic Alloys

Zhenxin Li, Yang Zhang *, Kai Dong and Zhongwu Zhang *

Key Laboratory of Superlight Materials and Surface Technology, Ministry of Education, College of Materials
Science and Chemical Engineering, Harbin Engineering University, Harbin 150001, China;
lizhenxin@hrbeu.edu.cn (Z.L.); dongkai1006@hrbeu.edu.cn (K.D.)
* Correspondence: zhangyang0115@hrbeu.edu.cn (Y.Z.); zwzhang@hrbeu.edu.cn (Z.Z.)

Abstract: In recent years, superelastic alloys have become a current research hotspot due to the large
recoverable deformation, which far exceeds the elastic recovery. This will create more possibilities
in practical applications. At present, superelastic alloys are widely used in the fields of machinery,
aerospace, transmission, medicine, etc., and become smart materials with great potential. Among
superelastic alloys, Fe-based superelastic alloys are widely used due to the advantages of low
cost, easy processing, good plasticity and toughness, and wide applicable temperature range. The
research progress of Fe-based superelastic alloys are reviewed in this paper. The mechanism of
thermoelastic martensitic transformation and its relation to superelasticity are summarized. The
effects of the precipitate, grain size, grain orientation, and texture on the superelasticity of Fe-based
superelastic alloys are discussed in detail. It is expected to provide a guide on the development and
understanding of Fe-based superelastic alloys. The future development of Fe-based superelastic
alloys are prospected.

Keywords: Fe-based alloy; superelasticity; martensitic transformation; precipitate

1. Introduction

The essence of superelastic alloys is actually a kind of shape memory alloys, which has
two characteristics of the shape memory effect and superelasticity. The superelasticity of the
shape memory alloys is generally produced by temperature-induced reverse martensitic
transformation to recover deformation. However, the superelastic alloy is a special type of
shape memory alloy. The superelasticity in superelastic alloys relies on the thermoelastic
martensitic transformation, that is, stress-induced martensitic transformation is used to
recover deformation. Therefore, different with the shape memory alloys, superelastic
alloys can exhibit superelasticity at a constant temperature without heating and cooling [1].
Superelasticity means that when the alloy undergoes a limited amount of plastic deforma-
tion (non-linear elastic deformation) under the action of higher than the transformation
temperature and stress, the stress can be directly released to recover to its original shape.
Superelastic alloys are favored by scholars due to their special mechanical behaviors, and
thus have a wide range of applications in the automotive machinery, aerospace, telecom-
munications conduction, smart sensors, and other fields due to their extremely recoverable
deformation [2–5]. Obvious stress hysteresis can be observed in the tensile curves of the
superelastic alloys, which makes them possess hysteretic energy dissipation characteristics,
absorbing energy, and reducing vibration [6]. This feature broadens the applications of
superelastic alloys. The achievement on the hysteretic energy dissipation characteristic
of superelastic alloys is expected to be applied in the fields of non-destructive testing,
vibration and shock protection, biomedical imaging, and soft machinery [7–10]. In the
decades of development of superelastic alloys, according to their composition classification,
superelastic alloys can be divided into NiTi-based, Cu-based, and Fe-based superelastic
alloys [1]. NiTi-based superelastic alloy is currently the most widely used due to the high
superelastic strain of up to 8%, good mechanical properties, excellent corrosion resistance,

Crystals 2022, 12, 602. https://doi.org/10.3390/cryst12050602 https://www.mdpi.com/journal/crystals1
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and good biocompatibility. However, it also has some disadvantages, such as high cost
and processing difficulty [11,12]. The resistivity of Cu-based superelastic alloy is relatively
small, which is about an order of magnitude smaller than that of NiTi-based alloy [13]. It is
not suitable for the applications of heating and charging. In addition, its low strength and
high sensitivity to temperature changes further limit its application [13]. Fe-based supere-
lastic alloy has the advantages of low cost, good ductility, high strength, easy processing,
and weldability, etc., making it a substitute for NiTi-based superelastic alloy, and becoming
a hot spot in current researches [14–16].

In this paper, the research progress of Fe-based superelastic alloys is reviewed. The
effect of thermoelastic martensitic transformation on the superelasticity of Fe-based su-
perelastic alloys is analyzed and discussed. The factors on superelasticity in Fe-based
superelastic alloy are summarized. Finally, the future development directions of Fe-based
superelastic alloys are prospected.

2. Superelastic Mechanisms of Fe-Based Superelastic Alloys

2.1. Thermoelastic Martensitic Transformation

Martensitic transformation is a very important means to strengthen the alloys [17–19].
In Fe-based superelastic alloys, the superelasticity is extremely dependent on the thermoe-
lastic martensitic transformation. When quick quenching is conducted from the austenite
zone, there is no time for the decomposition process of eutectoid diffusion to occur, gen-
erating martensites [20–22]. During the martensitic transformation, the movement of a
single atom is less than the distance between two atoms [23,24]. According to the morphol-
ogy, martensite can be divided into lath martensite and plate martensite. Figure 1 shows
the morphologies of lath martensite and plate martensite in alloys [25]. Figure 1a shows
the body centered cubic (BCC) martensite in Fe-14Mo-11.5Cr-9Ni-7Co-2Cu-0.6Ti-0.4Al
(weight %) alloy austenitized at 1150 ◦C, and then quenched to room temperature in water.
Figure 1a illustrates the lath martensite composed of clusters of laths. An austenite grain
can form several lath groups with different orientations. The lath group is composed of
lath bundles, which contains many slender martensite laths arranged almost in parallel.
Figure 1b presents plate martensite with the body centered tetragonal (BCT) structure in
Fe-0.47Cr-0.27Si-0.22Mn-1.67C (weight %) alloy, possessing needle-like or bamboo-leaf
morphology [25], while the martensite plates with different sizes are not parallel to each
other. In fact, the spatial morphology of plate martensite is convex lens. Lath martensite
usually possesses good toughness. The dislocations are not uniformly distributed in cellular
dislocation substructure, resulting in the formation of low-density dislocation areas, which
provide room for dislocation motion [26]. Dislocation movement can alleviate local stress
concentration, delay crack nucleation, and weaken the stress peak at the crack tip, which is
beneficial to toughness [26]. The twin substructure of plate martensite will reduce the effec-
tive slip system, decreasing the toughness, but increasing the hardness and strength. With
the in-depth studies of martensite and martensitic transformation by scholars, it is found
that martensite and martensitic transformation are not unique in steels [27–30]. As long
as certain conditions are met, the transformation can be called martensitic transformation.
Xu summarized the characteristics of martensitic transformation and put forward a simple
definition: martensitic transformation is a first-order and nucleation-length phase transfor-
mation characterized by invariant plane strain, in which the replacement atoms undergo
non-diffusive shear displacement, resulting in shape change and surface projection [31].
The basic characteristics of martensitic transformation are: (1) non-diffusivity; (2) occur
mainly through shearing with surface relief feature; (3) the martensite and matrix possess
a certain orientation relationship; (4) the habit plane of martensite does not produce dis-
tortion, and does not rotate during the process of phase transformation [32–36]. All phase
transformations that meet these characteristics can be called martensitic transformation.
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Figure 1. Martensites in alloys [25]:.(a) Lath martensitein Fe-14Mo-11.5Cr-9Ni-7Co-2Cu-0.6Ti-
0.4Al(weight %) alloy austenitized at 1150 ◦C, and then quenched to room temperature in water,
(b) Plate martensite in Fe-0.47Cr-0.27Si-0.22Mn-1.67C(weight %) alloy austenitized at 1100 ◦C, and
then quenched in brine. Reprinted with permission from Ref. [25]. Copyright 2013 Elsevier.

Most Fe-based shape memory alloys undergo non-thermoelastic martensitic transfor-
mation, and thus do not exhibit superelasticity [37–39]. The martensitic transformation in
Fe-based superelastic alloy must be thermoelastic so that the alloy can possess superelastic-
ity. The thermoelastic martensitic transformation is a sufficient and necessary condition
for the alloy to possess superelasticity [40]. When the shape change of martensitic transfor-
mation is coordinated with elastic deformation, this transformation is called thermoelastic
martensitic transformation. During the cooling process, the thermoelastic martensite will
expand; when the temperature increases, the thermoelastic martensite will shrink. In
Fe-based superelastic alloys, stress can also induce thermoelastic martensitic transforma-
tion [41]. A schematic diagram of stress-induced martensitic transformation is shown in
Figure 2. During loading, the martensitic transformation occurs. After unloading, the
martensite undergoes a reverse phase transformation and transforms into the parent phase,
recovering the strain. In case of thermoelastic martensitic transformation, the driving force
of thermoelastic martensite is mechanical, and comes from the interaction between the
applied stress field and the transformation strain. In the thermoelastic martensitic transfor-
mation, the volume change is small, because the deformation caused by the transformation
is basically elastic. In addition, during the reverse phase transformation of thermoelastic
martensite, the thermal hysteresis is relatively small. According to the characteristics of
thermoelastic martensitic transformation, Xu et al. gave the judgment basis for thermoelas-
tic martensitic transformation: (1) Both the critical driving force of phase transformation,
and the thermal hysteresis during the phase transformation are small; (2) Phase interface
can move with the phase transformation or reverse transformation; (3) The strain produced
by the phase transformation is elastic, and the elastic strain energy stored in the martensite
is the driving force for the reverse phase transformation [42,43]. Studies have shown that
the driving force for superelastic martensite transformation in Fe-Mn-Al-Ni superelastic
alloy is only 32 J/mol, while the driving force for martensite phase transformation in
Fe-based non-superelastic alloy is as high as 1000 J/mol [44]. It can be seen that the driving
force for the transformation of non-thermoelastic martensite is about 10 times more than
that of thermoelastic martensite.

3
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Figure 2. A schematic diagram of stress-induced martensitic transformation (γ refers to the parent
phase, and α′ refers to martensite).

The superelasticity of Fe-based alloys relies on the occurrence of thermoelastic marten-
sitic transformation, and its reverse transformation to recover deformation [42]. In Fe-Mn-
Al-Ni superelastic alloy, martensitic transformation occurs from the BCC matrix to face
center cubic (FCC) martensite phase, while the transformation is from the FCC matrix to
BCT martensite phase in Fe-Ni-Co-Al and Fe-Ni-Co-Ti superelastic alloys. Here, α refers to
the austenite phase and γ refers to the martensite phase. When the thermoelastic marten-
sitic transformation occurs, temperature varies. At high temperature, the α austenite phase
has greater entropy, so the Gibbs free energy of α austenite phase is larger than that of the γ

martensite phase. Thus, the α phase is more stable than γ phase at high temperature, which
leads to γ→α phase transformation at high temperature [44]. The α phase is ferromagnetic,
and its entropy can be reduced by magnetic ordering. The low temperature will make the
magnetic ordering, thereby reducing the entropy, causing the ferromagnetic α phase to
possess a lower entropy than the γ phase, leading to the α→γ phase transformation at low
temperature [44]. These two transformations can change back and forth with the difference
in temperature to recover the strain, thus possessing superelasticity.

2.2. Clausius–Clapeyron Equation

The critical stress (σcr) for stress-induced martensitic transformation tends to change
with temperature. Clausius–Clapeyron equation can quantitatively represent the critical

4
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stress as a function of temperature [45,46]. Clausius–Clapeyron equation is shown as
follows [45,46]:

dσcr

dT
= − ΔS

Vmε
= − ΔH

ε0T0
(1)

where T is the temperature, ΔS and ΔH are the transformation entropy and transformation
enthalpy, Vm is the molar volume, ε is the critical strain, ε0 is the orientation-dependent
lattice deformation, and T0 is the chemical equilibrium temperature [45,46]. The martensitic
transformation temperature can be obtained from Equation (2) [47]:

Ms(σd) = Td
0 (σd)− ΔT (2)

where Ms(σd) is the martensitic transformation temperature when the stress reaches σd,
T0

d(σd) is the phase equilibrium temperature of the parent phase and martensite when
the stress is σd, ΔT is the degree of subcooling required for phase transformation [47].
Equation (3) can be obtained from Equation (2). Substituting Equation (3) into Equation (1)
yields Equation (4). The relationship between stress and start temperature of martensitic
transformation can be obtained from Equation (4). Based on the Clausius–Clapeyron
equation, the temperature sensitivity of the critical stress for the martensitic transformation
can be identified. According to Equation (4), one can know the effect of stress on the start
temperature of martensitic transformation.

dTσ
0

dσd
=

dMs

dσd
(3)

dσd
dMs

= − ΔH
ε0T0

(4)

2.3. Superelasticity

Superelasticity is achieved by the dynamic changes of martensite and austenite at
low temperatures. Temperature and stress can induce martensitic transformation and its
recovery. Superelasticity is a dynamic combination of these two stages, and caused by
martensitic transformation [48]. When loading temperature is above the austenite transfor-
mation temperature, the austenite will undergo martensitic transformation accompanied
by a transformation strain. Subsequent to the isothermal unloading, the martensite reverse
transformation will occur. In the martensite reverse transformation, the transformation
strain generated during the martensitic transformation can be eliminated, exhibiting a
hysteresis phenomenon at the same time. The schematic diagram of the thermoelastic
martensitic transformation is shown in Figure 3. Above the Af temperature (end tem-
perature of austenite transformation), the material is in austenite state. After loading,
the stress induces martensitic transformation, resulting in the formation of martensite
variants with different orientations. At this time, the material undergoes macroscopic
deformation, and then changes from austenite to martensite with continuous loading. After
unloading, the martensite is reversely transformed into austenite, recovering deformation.
The superelasticity caused by martensite reorientation is attributed to the reorientation of
martensite variants caused by stress. However, the reoriented martensite variant can be
recovered to its original direction by recovery force, which will also cause hysteresis [49,50].
Figure 4 shows the stress–strain curve of Fe-based superelastic alloy during loading and
unloading. It can be seen that in the initial stretching stage, the stress–strain curve is a
straight line, which belongs to the elastic deformation stage. When the stress continues to
increase, the stress–strain curve deviates from the straight line. In this case, martensitic
transformation occurs. The stress value at the deviated point, εMs, is the critical stress value
of martensitic transformation. At this time, there will be a stress plateau. When the curve
breaks away from the stress plateau, it marks the end of the martensitic transformation.
During unloading, the reverse martensitic transformation will occur, thereby eliminating
the existing strain, and recovering to the original state.
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Figure 3. Schematic diagram of the thermoelastic martensitic transformation process in superelastic alloys.

Figure 4. Typical superelastic stress–strain curve.

Although superelastic alloy belongs to shape memory alloy, it is different from shape
memory alloys that recover deformation through temperature change. Superelastic alloy
can recover deformation at a constant temperature. Both superelasticity and shape mem-
ory effect are closely related to temperature, exhibiting various macroscopic mechanical
properties at different temperatures [51]. Figure 5 shows the mechanical behaviors of the
alloys at different temperatures. In Figure 5, Md is the critical temperature of stress-induced
martensitic transformation, As is the start temperature of austenite transformation, Af is the
end temperature of austenite transformation, and Mf is the end temperature of martensitic
transformation. When T > Md, the critical stress required to form martensite is very large,
so the material undergoes plastic deformation before the occurrence of stress-induced
martensitic transformation. Fracture may occur before the occurrence of martensitic trans-
formation. When Af < T < Md, the alloy is composed of austenite, and stress-induced
martensitic transformation occurs in this stage. If the martensitic transformation at this
time is thermoelastic, the material possesses superelasticity. When T < Mf, after stretching
and unloading, only a part of the elastic deformation can be recovered. Residual strain still
exists. Only by heating the alloy above the As temperature can make the material recover
to its original shape, as shown by the red dashed line in Figure 5.
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Figure 5. The alloy exhibits different mechanical behaviors at different temperatures.

Superelasticity significantly depends on the thermoelastic martensitic transformation.
Only the occurrence of phase transformation and reverse phase transformation from ther-
moelastic martensite can achieve superelasticity. The reason why thermoelastic martensite
can undergo a reverse transformation is that the driving force for the phase transformation
is the difference in chemical-free energy between the two phases. The driving force of the
phase transformation and elastic energy are in a dynamic equilibrium state [52]. When the
thermoelastic martensitic transformation occurs, the driving force causes the phase trans-
formation to occur. The material deforms to store up the elastic energy. The reverse phase
transformation of thermoelastic martensite occurs during unloading. Then, the stored
elastic energy is released. The thermoelastic balance of these two opposite energy terms
makes the alloy stretch or shrink according to the change of external stress [53]. At the same
time, because the energy barrier of lattice shear in the process of thermoelastic martensitic
transformation is higher than that of non-thermoelastic martensitic transformation, it is
difficult for plastic deformation to occur, so that the deformation can be recovered [54–56].

To sum up, in order to obtain good superelasticity, it is necessary to control the phase
transformation to be thermoelastic martensitic phase transformation, that is, controlling the
thermal balance between the elastic energy and driving force. Among Fe-based superelastic
alloys, including Fe-Mn-Al-Ni system, Fe-Ni-Co-Al system, and Fe-Ni-Co-Ti system alloys,
the most effective method is to introduce coherent precipitates to change non-thermoelastic
martensitic transformation into thermoelastic martensitic transformation [57,58]. On the
one hand, the coherent precipitates are dispersedly distributed in the matrix, which can
strengthen the matrix, and make the matrix better adapt to the deformation caused by
external stress. On the other hand, the disperse distribution of coherent precipitates can also
suppress the slip of dislocations. In this case, critical stress of martensitic transformation can
be reached before plastic deformation of the dislocation slips. The occurrence of martensitic
transformation inhibits plastic deformation. In addition, the existence of the coherent
precipitates also provides elastic energy, which can achieve the mutual transformation
between the elastic energy and driving force of the phase transformation. All the above
three points should be satisfied to ensure the occurrence of thermoelastic martensitic
transformation, making the alloy obtain excellent superelasticity [40,59,60]. For example,
Fe-Mn-Al-Ni superelastic alloy can obtain superelasticity by strengthening the parent phase
and controlling the grain size to obtain the bamboo structure [61]. The superelasticity in Fe-
Ni-Co-Al superelastic alloy is limited due to the precipitation of brittle phases at the grain
boundary. It is found that the addition of B element can control the precipitation of grain
boundaries together with large cold-rolling deformation amount to possess small-angle
grain boundaries, obtaining good superelasticity [41]. In Fe-Ni-Co-Ti superelastic alloy, the
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precipitation of brittle phases at grain boundaries can be suppressed by adding B element
or Cu element to reduce thermal hysteresis to obtain superelasticity [62,63].

3. Effects of Precipitates on Superelasticity

3.1. Effects of Coherent Precipitates on Superelasticity

The superelasticity of Fe-based alloys depends on thermoelastic martensitic transfor-
mation. The martensitic transformation of many systems is usually non-thermoelastic or
semi-thermoelastic, such as Fe-Mn-Al, Fe-Mn-Si, Fe-C, Fe-Mn-C alloys, etc. [64–67]. Ando
et al. studied the martensitic transformation of Fe-Mn-Al alloy [64], whose martensitic lath
contains high-density twins, resulting in high thermal hysteresis of phase transformation.
This leads to the occurrence of the incomplete martensitic reverse transformation, and
incomplete restoration of martensitic to original phase. According to the thermoelastic
martensitic transformation criterion described above, the martensitic transformation of
Fe-Mn-Al alloy is semi-thermoelastic. There is no equilibrium between the thermal driving
force and elastic energy in the non-thermoelastic or semi-thermoelastic martensitic transfor-
mation. Adjusting the equilibrium between the thermal driving force and elastic energy can
make the martensitic transformation become thermoelastic. The introduction of coherent
precipitates is the most common method to achieve this goal. Thermoelastic martensitic
transformation can be achieved by introducing coherent precipitates in Fe-based alloys,
which can be obtained by adding alloying elements or heat treatment [41,61,68–70].

3.1.1. Effects of Coherent Precipitates on Martensitic Transformation

In Fe-based superelastic alloys, thermoelastic martensitic transformation can be achieved
by introducing coherent precipitates in order to obtain superelasticity. The types of coherent
precipitates are different in different alloy systems. For example, the coherent precipitates
in Fe-Mn-Al-Ni superelastic alloys are B2 phase, and L12-γ′ phase in Fe-Ni-Co-Al and
Fe-Ni-Co-Ti superelastic alloys.

The effect of coherent precipitates on the martensitic transformation can be directly
reflected by Ms point. The effect of precipitation on Ms point can be attributed to the
following three aspects: (1) the content of Ni in matrix decreases with the precipitation,
which leads to the increase of thermodynamic equilibrium temperature; (2) the precipitates
possess strengthening effect, increasing the energy barrier of martensitic transformation;
(3) the stress field energy is different between the parent phase/precipitate and the marten-
site/precipitate [70]. To a certain extent, the decrease of Ms point will reduce the thermal
hysteresis. The most obvious characteristic of thermoelastic martensitic transformation is
the small thermal hysteresis (generally <100 K) [42].

In Fe-Mn-Al-Ni superelastic alloys, the precipitation of B2 phase makes the martensitic
transformation become thermoelastic, because B2 precipitate is coherent with parent phase
and martensitic phase [61]. B2 phase can contribute elastic energy, which is conducive
to reverse transformation, and makes the phase transformation into thermoelastic, thus
obtaining superelasticity [71,72].

The γ′ phase in Fe-Ni-Co-Al and Fe-Ni-Co-Ti superelastic alloys can change the
deformation mechanism from slip to twinning [51,73]. The critical shear stress required by
twinning is larger than slip, and thus the energy required to start the plastic deformation
mechanism is higher. This makes it easier for the alloy to satisfy the criterion that the
critical stress of thermoelastic martensitic transformation is less than the yield stress. The
thermoelastic martensitic transformation occurs before the initiation of plastic deformation
mechanism, and superelasticity is obtained. The emergence of precipitate can effectively
avoid dislocation slip during martensitic transformation. The precipitate improves the
tetragonal degree of martensite, and is conducive to the interface compatibility between
parent phase and martensite phase [41]. In addition, the precipitate also reduces the elastic
strain energy during martensitic transformation and makes martensitic transformation into
thermoelastic [74].
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3.1.2. Effects of Alloying on Coherent Precipitates

In both Fe-Mn-Al-Ni and Fe-Ni-Co-Al systems, coherent precipitates are obtained by
adding alloying elements. Omori et al. added Ni element into Fe-Mn-Al alloy, making
the martensitic transformation become thermoelastic, forming Fe-Mn-Al-Ni superelas-
tic alloy [61]. Tanaka et al. added strong γ′ phase elements into Fe-Ni-Co-Al alloy to
introduce γ′ phase, occurring thermoelastic martensitic transformation and exhibiting
superelasticity [41,68,69].

The predecessor of Fe-Mn-Al-Ni superelastic alloy is Fe-Mn-Al alloy. In NiTi-based
superelastic alloy, some studies show that introducing precipitate can improve the matrix
order degree, strengthen the matrix to make plastic deformation difficult to occur, and fur-
ther improve the superelasticity [75]. For Fe-Mn-Al alloy, it can be considered to introduce
the precipitate to realize the thermoelastic martensitic transformation, and obtain supere-
lasticity. Omori et al. first added Ni element to Fe-Mn-Al alloy to investigate the effect of
Ni element on phase transformation [61]. There is no mismatch at the interface between
the parent phase and β phase, indicating that the β phase and parent phase are coherent,
which is beneficial to the occurrence of thermoelastic martensitic transformation [61]. The
internal stress generated by β phase precipitation is regulated by nano-twin, which does
not change the interatomic fit, and does not affect the thermal balance of thermoelastic
martensitic transformation. However, Omori et al. only stated that the β phase precipita-
tion after the addition of Ni could make the martensitic transformation into thermoelastic,
without further explaining the reason [61]. Roca et al. further investigated how the β phase
affected the martensitic transformation [71,72], and found that B2 precipitates could store
elastic energy. On the one hand, the elastic energy acts as the driving force to carry out the
reverse transformation. On the other hand, it is beneficial to maintain the thermoelastic
equilibrium, thus producing the thermoelastic martensitic transformation. At the same
time, the B2 phase also increases the hardness, thus inhibiting the occurrence of irreversible
deformation [71]. In addition, Walnsch et al. developed a thermodynamic model to further
illustrate the contribution of B2 phase to the generation of thermoelastic martensitic trans-
formation [72]. The dispersed B2 phase stabilizes the austenite matrix, and transforms into
the elastic L10 phase after martensitic transformation, which can store the energy released
during the reverse transformation from martensite to austenite [72].

The thermoelastic martensitic transformation of Fe-Ni-Co-Al system’s superelastic
alloy is from FCC-γ parent phase to body centered tetragonal (BCT)-α′ martensite phase.
Thermoelastic martensitic transformation does not occur in Fe-Ni-Co-Al alloys. However,
with the addition of strong γ′ elements such as Nb, Ti, and Ta, the alloy is superelastic with
the occurrence of thermoelastic martensitic transformation [41,68,69]. After adding strong
γ′ phase elements, the solid-solution temperature of γ′ phase increases. More γ′ phase will
be precipitated after heat treatment [41]. These γ′ phases will increase the hardness and the
tetragonality of martensite. After adding Nb, Ti, and Ta, the alloys obtained superelasticity
of 5%, 4.2%, and 13.5%, respectively [41,68,69].

In addition, Vallejos et al. found that the addition of Al significantly affected the
martensitic transformation temperature, and the formation of B2 phase in Fe-Mn-Al-Ni
alloy [76]. The martensitic transformation temperature of 17Al is lower than −250 ◦C,
while that of 15Al is about −10 ◦C [76]. However, calculation shows that the martensitic
transformation temperature of the Fe-34Mn-15Al-7.5Ni alloy is 900 ◦C, which is far higher
than the results reported by Vallejos et al. [77]. The reason for this significant difference
is due to the thermodynamic contribution of β phase to the formation of martensite. As
high Al content makes the parent phase stable, a larger degree of undercooling is needed
to provide enough energy for phase transformation, leading to a lower Ms point of 17Al.
When the parent phase is stable, the temperature where the two-phase miscibility gap
starts will increase. If the two-phase miscibility gap is reached at a higher temperature,
the driving force of precipitation will increase, resulting in a large amount of B2 phase
precipitation after quenching, with a superelasticity of about 8.4% [76]. Some studies
have shown that Al element has a significant effect on obtaining a wide range of single α
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phase region or γ phase region in the phase diagram [78]. Heat treatment in the region of
single phase or uniform solid solution is beneficial to obtain B2 phase [78]. In Fe-Mn-Al-Ni
alloy, the addition amount of Al element is limited. The addition of 5 at. % Al requires
the compensation of a large amount of Mn and Ni elements [78]. However, in terms of
manufacturing, both Mn and Ni elements cannot be added in large amounts. Mn has
strong volatility, which will cause the chemical composition of the alloy to be unstable,
and also cause the negative influence to production [79]. Although Ni element will not
cause production problems, the addition of a large amount of Ni requires extremely high
cost [80]. Starting from increasing the single-phase region in the high temperature range,
Kaputkina et al. proposed to increase the amount of Al by adding C element [78]. After
the addition of C element, a single-phase region of phase diagram appears in the range of
1000 ◦C to 1200 ◦C, and thus, the content of Al element is allowed to increase [78].

3.1.3. Effects of Heat Treatments on Coherent Precipitates

In some alloy systems, coherent precipitates can be obtained only by heat treatment
without alloying elements. In addition, although the alloy system with alloying elements
can precipitate coherent precipitates, their sizes can be further optimized to obtain better
superelasticity. Studies have shown that the size of coherent precipitate is too small or too
large to ensure its coherence with parent phase, and cannot play a role in strengthening
parent phase to obtain good superelasticity [81]. At this time, the size of coherent precipitate
needs to be controlled by heat treatment.

The addition of Ni or strong γ’ elements can make the martensitic transformation of
Fe-Mn-Al-Ni alloy and Fe-Ni-Co-Al alloy into thermoelastic. However, in order to obtain
better superelasticity, coherent precipitates can be regulated by heat treatment (controlling
the aging temperature and time), as shown in Figure 6a [81]. Tseng et al. studied the
effects of aging temperatures (200 ◦C and 300 ◦C) and time on the compression superelastic
response of <100> orientation FeMnAlNi single crystal, and found that the size of B2 phase
increased with the increase of aging time [81]. The same results were obtained in Fe-Ni-Co-
Al superelastic and Fe-Ni-Co-Ti superelastic alloys [82,83]. Evirgen et al. found that the γ’
phase size is 3–4 nm at 700 ◦C aging and 5 nm at 600 ◦C in FeNiCoAlTa single crystal [82].
Figure 6b shows the relationship between aging time and superelasticity in FeMnAlNi
alloy [81]. When aging at 200 ◦C for 1–3 h, the superelasticity increases with the increase of
aging time, and reaches a peak value of 7.2% at 3 h [81]. FeNiCoAlTa single crystal obtained
4.3% superelasticity after 90 h aging at 600 ◦C [82]. The longer aging time increases the
size and volume fraction of B2 phase, but decreases the number density. This indicates
that the precipitate is still growing during the aging process, but the nucleation has ended.
As the aging time continues to increase, the superelasticity gradually decreases. When
the aging time is not long enough, the B2 phase is too small and insufficient to strengthen
the austenite matrix to resist plastic deformation, and thus the superelasticity is poor [81].
When the aging time is too long, the precipitate and the parent phase lose the coherence.
The effect of precipitation strengthening is reduced, weakening the superelasticity. The
best superelasticity can be obtained for 200 ◦C/3 h in FeMnAlNi alloy. At this time, the
size of the B2 phase is 6–10 nm, which achieves the balance of precipitation strengthening
and strong coherence, showing a 7.2% superelasticity [81]. Titenko et al. also used this
method to obtain the optimum superelasticity of 4.5% in Fe-Ni-Co-Ti alloy aged at 650 ◦C
for 10 min [84]. With the increase of aging time, the composition of precipitate changes,
which will affect the martensitic transformation. In Fe-Mn-Al-Ni superelastic alloy, the
content of Al and Ni elements decreases in the matrix, while the content of Fe element
increases with the increasing aging time [81]. In Fe-Ni-Co-Al superelastic alloy, the aging
process also changes the composition of the coherent γ′ phase [85]. The matrix is rich
in Fe and Co elements, while the precipitates are rich in Ni, Al, and Ta after short-time
aging [85]. As the aging time increases, the content of Ni, Al, and Ta in the matrix gradually
decreases. The shape of the precipitate also changes from plate to granular [85]. The change
of the composition of coherent precipitates also affects the composition of the matrix, which
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affects the transformation temperature. The temperature of martensitic transformation is
very sensitive to the Ni content. The decrease of Ni content in matrix leads to the increase
of martensitic transformation temperature [86]. At the same time, the Co element has
the effect of increasing hardness of the austenite matrix, promoting the formation of the
thin-plate martensite phase, and reducing the phase volume change caused by the Invar
effect [41,87]. Increasing the critical slip stress can enable the occurrence of martensitic
transformation before plastic deformation. In addition, the increase of the martensitic
transformation temperature also reduces the thermal hysteresis. At the same time, element
changes in the matrix promotes the occurrence of martensitic transformation [87]. These
above three factors make the martensitic transformation into thermoelastic.

Figure 6. (a) The relationship between aging time and the size of B2 phase; (b) the relationship
between aging time and superelasticity in FeMnAlNi single crystal [81]. Reprinted with permission
from Ref. [81]. Copyright 2015 Elsevier.

An interesting phenomenon was discovered by Ozcan et al. [88]. At room tempera-
ture, the FeMnAlNi alloy has a natural aging phenomenon [88]. No matter after solution
treatment, or in samples that have been aged at 200 ◦C for 3 h, natural aging can occur at
room temperature, and the B2 phase can be precipitated. The FeMnAlNi alloy presents no
superelasticity after solution treatment. After the precipitation of B2 phase by natural aging,
the alloy acquires superelasticity. After 30 days of natural aging, the alloy achieved 5%
superelasticity, and the size of the B2 phase also increased from 5 nm to 7 nm [88]. However,
the author did not explain the essence of room temperature aging, which requires further
investigations. Natural aging is a double-edged sword. If it is well controlled, superelastic-
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ity can be improved without additional heat treatment. Otherwise, superelasticity will be
unstable and affect the applications.

3.2. Effects of Grain Boundary Precipitates on Superelasticity

Not all precipitates in Fe-based superelastic alloys are conducive to superelasticity. In
addition to coherent precipitates, other precipitates may also be generated during thermo-
mechanical treatment. These precipitates tend to adhere to grain boundaries, and have
harmful effects on the superelasticity, such as γ phase in Fe-Mn-Al-Ni alloy, B2 phase in
Fe-Ni-Co-Al alloy, and η-Ni3Ti phase (D024 structure) in Fe-Ni-Co-Ti alloy, etc. [60,63,89].

These precipitates are apt to precipitate at grain boundaries. In general, B2 phase
in Fe-Ni-Co-Al alloy and η-Ni3Ti phase (D024 structure) in Fe-Ni-Co-Ti alloy are brittle,
causing the alloy to fracture before exhibiting superelasticity [60,63]. For example, the
superelasticity of Fe-28.9Ni-18.2Co-8.3Ti alloy possesses only 0.7% superelasticity due to
the precipitation of η phase at grain boundaries [90]. In Fe-Ni-Co-Al superelastic alloy, it is
also found that the B2 phase at grain boundary is not conducive to the superelasticity [60].
γ phase in Fe-Mn-Al-Ni alloy will form the serrated interface, which is not conducive
to thermoelastic martensitic transformation [89]. The most serious problems are: (1) the
precipitate at grain boundaries leads to stress concentration and fracture during deforma-
tion; (2) the precipitate pins martensite/matrix interface, hindering reverse martensitic
transformation [60,89].

To solve the above problems, alloying elements were added to inhibit the precipitates
at grain boundaries. For example, in Fe-Ni-Co-Al and Fe-Ni-Co-Ti superelastic alloys,
the addition of B element can inhibit the precipitation of brittle phases at grain bound-
aries [60,63]. In Fe-Mn-Al-Ni superelastic alloy, Ti element is used to reduce the γ phase
precipitation in non-rapid cooling [89]. Some studies have shown that B element can
strengthen grain boundary, and reduce the precipitation of brittle phase at grain boundary
in Ni-based and Fe-based superalloys [91]. It can be seen clearly in Figure 7 that after the
addition of B element inhibits the precipitation at grain boundary [60,63,68]. The addition
of B element reduces the grain boundary energy, making the nucleation at grain boundary
more difficult, so the precipitation of brittle phase at grain boundary is inhibited [60].

Quenching in cold water will lead to crack formation along the grain boundaries in the
Fe-Mn-Al-Ni alloy [89]. In this case, superelasticity cannot be obtained. At present, studies
have shown that grain boundary cracking can be effectively prevented by controlling
the cooling rate during quenching, that is, quenching in hot water to reduce the cooling
rate [92]. In the case of non-rapid cooling, the second phase generates the serrated interface
at the grain boundaries, as shown in Figure 8 [89]. This structure is very unfavorable to
the superelasticity. As γ phase is not the phase that can occur in phase transformation,
it will produce plastic deformation, and dissipate part of the elastic strain energy when
martensitic transformation occurs [89]. Moreover, the serrations of the interface also
increase the constraint of the reverse martensitic transformation. Studies have shown that
the thin-layer γ phase at the grain boundary can prevent intergranular cracking during
quenching, but does not significantly affect the superelasticity [92]. However, in the Fe-Mn-
Al-Ni alloy, obtaining a thin-layer γ phase requires a fast cooling rate. When the material
has a large cross-section, it is difficult to obtain a fast cooling rate, limiting the practical
applications of Fe-Mn-Al-Ni alloy. In order to solve this problem, Vollmer et al. added Ti
element into Fe-Mn-Al-Ni alloy to control the quenching sensitivity [89]. After the addition
of 1.5 at. % Ti element, the volume fraction of precipitates at the grain boundary was
significantly reduced. A thin-layer γ phase appeared at the grain boundary, as shown in
the inset of Figure 8b [89]. Ti can stabilize the matrix α phase, thus inhibiting the formation
of large amounts of γ phase by inhibiting the short-range diffusion of Mn and Al across
the boundary of α/γ phase [89]. In a single crystal sample with nearly <102> orientation,
the alloy almost completely recovered its deformation under the compression test from
−150 ◦C to 20 ◦C and 1.5% strain [89]. In tensile test, the superelasticity at 20 ◦C to 10.5%
strain reaches 4.5% [89].
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Figure 7. Optical micrographs: (a) FeNiCoAlNb; (b) FeNiCoAlNb-0.05B; (c) FeNiCoAlTa;
(d) FeNiCoAlTa-0.05B; (e) FeNiCoTi; (f) FeNiCoTi-0.02B [60,63,68]. Reprinted with permission
from Ref. [60], Ref. [63] and Ref. [68]. Copyright 2013 Elsevier and 2015 Elsevier.

Figure 8. Optical micrographs of air-cooled sample after solution treatment at 1225 ◦C for 1 h: (a) Fe-
34.0%Mn-16.5%Al-7.5%Ni (at. %); (b) Fe-34.0%Mn-15.0%Al-7.5%Ni-1.5%Ti (at. %) [89]. Reprinted
with permission from Ref. [89]. Copyright 2017 Elsevier.

4. Effects of Grain Size on Superelasticity

Grain size is a very important factor affecting superelasticity for the practical applica-
tions in many materials [93–96]. In Cu-based superelastic alloys, superelasticity is affected
by the grain size due to the phase transformation and the anisotropy of grains [97–99]. The
grain boundaries have a restrictive effect on the deformation. In NiTi-based superelastic
alloys, the effect of grain size on superelasticity is not significant. There are 24 kinds
of martensite variants in NiTi-based superelastic alloys, in which 12 kinds of martensite
variants can be activated to coordinate deformation when the alloy undergoes the phase
transformation from B2 to B19’ [100]. In Fe-based alloys, there are 12 kinds of marten-
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site variants for Nishiyama orientation and 24 for Kurdjumov–Sachs (K–S) orientation
relationships [101]. However, only three kinds of martensite variants are related to the
martensitic transformation of Fe-based superelastic alloys [102]. When the number of
martensite variants related to the martensitic transformation is small, the phase interface
reciprocal migration is difficult [102]. This is not conducive to the occurrence of thermoelas-
tic martensitic transformation. The grain boundaries can be regarded as the phase interface
during phase transformation, and the grain size affects the volume fraction of the grain
boundary, which further affects the phase interface during phase transformation. Inferred
from this, the grain size also has an effect on the superelasticity in Fe-based superelastic
alloys. Omori et al. made the alloy into wire to investigate the effect of grain size on the
superelasticity [103]. They used d/D to measure the grain size, where d is the average grain
size and D is the diameter of the wire. Two models, Taylor and Sachs, are used to calculate
the critical stress value and recoverable strain value of martensitic transformation [104,105].
It is found that as the d/D value increases, the recoverable strain value becomes larger,
while the critical stress becomes smaller. When d/D > 1, the Fe-Mn-Al-Ni wire with bamboo
structure possesses ~5% superelasticity due to the decrease of grain constraint effect [103].
When d/D > 1, almost every grain can be transformed into martensite independently. The
resistance is relatively small during martensitic transformation and recover transformation,
which is extremely beneficial to superelasticity [103]. Tseng et al. also proved that the
increase in grain size can enhance the plasticity, reduce the critical transformation stress,
and increase the recoverable strain [106]. When d/t (t is the width of the sample) is 0.67, the
superelasticity is 1.5%; when the d/t is 1.67, the superelasticity is 3% [106]. This is because
the increase in grain size reduces the amount of grain boundaries. During the deformation
of polycrystalline alloys, the presence of grain boundaries restricts the deformation of
the grains, thereby affecting the superelasticity. At present, the effect of grain size on the
superelasticity of Fe-Ni-Co-Al and Fe-Ni-Co-Ti superelastic alloys is rarely studied, needing
further investigations.

The larger the grain size, the better the superelasticity. Therefore, the method of
obtaining large-size grains is particularly important. The principle of obtaining large-size
grains is to provide energy for grain growth, which can be divided into normal grain
growth and abnormal grain growth. Omori et al. used the normal grain growth method to
prepare large α-phase grains [103]. Solid solution at 1200 ◦C was conducted for different
times, so that the grains can obtain enough energy to grow. In fact, the grain size obtained
by normal grain growth is not particularly large and thus, abnormal grain growth is usually
used to prepare large-size grains. Studies have shown that the presence of texture pinning
is a key factor in determining abnormal grain growth [107]. If there is texture pinning after
the precipitate is dissolved, abnormal growth of columnar crystals will occur; if there is
no texture pinning, only normal growth will occur, limiting the grain size [107]. Cyclic
heat treatment is the most commonly used method for abnormal grain growth. Omori
et al. first proposed the use of cyclic heat treatment in 2016 to prepare 10 times larger
grains than the normal grains [108]. They carried out cyclic heat treatment between the
α single-phase zone (1200 ◦C) and the α + γ dual-phase zone (600–1100 ◦C). When the α

single-phase zone is cooled to the α+γ dual-phase zone, the γ phase precipitates out. When
the α + γ dual-phase region is heated to the α single-phase region, the γ phase transforms
into the α phase and sub-grains are formed. The grains grow by the gradual annexation
of the sub-grains, producing large-sized grains [108]. The cyclic heat treatment method
used by Tseng et al. is different from that by Omori et al. They heat-treated the sample at
1200 ◦C for 0.5 h, and then air-cooled to room temperature, which was used as a cycle for
multiple cycles [108]. After 5 cycles, they produced large-sized grains of more than 5 mm.
Vollmer et al. investigated the effect of Ti and Cr elements on abnormal grain growth of
Fe-Mn-Al-Ni alloy by cyclic heat treatment in single-phase and dual-phase regions [109].
The results show that Ti can promote the abnormal grain growth, while Cr can inhibit
the abnormal grain growth. As shown in Figure 9, the grain size of Fe-Mn-Al-Ni-Ti is
larger than that of Fe-Mn-Al-Ni in the micrograph after a single- cycle heat treatment [109].
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However, the existence of triple junctions can still be seen in Figure 9a,c, which is very
unfavorable to superelasticity [109]. After a single-cyclic heat treatment, the average grain
size of Fe-Mn-Al-Ni is 2.3 mm, the average grain size of Fe-Mn-Al-Ni-Ti is 7.2 mm, and
the average grain size of Fe-Mn-Al-Ni-Cr is 0.66 mm (no difference from the average grain
size of the non-cyclic heat treatment) [109]. The addition of Ti element promotes the grain
boundary mobility, accelerating the grain growth. The grain boundary mobility of Fe-Mn-
Al-Ni-Ti was determined to be 1.84 × 10−5 m/s, which is more than 7 times higher than
that of Fe-Mn-Al-Ni (2.5 × 10−6 m/s) [109]. The increase of grain boundary mobility is
due to the decrease of the sub-grain size. The small size of sub-grain increases the driving
force of abnormal grain growth, and makes the grain grow larger [109]. The reason why
Cr element inhibits the abnormal growth of grains is that the part enclosed by the red
dashed line in Figure 10 has no sub-crystals near the grain boundaries, while there are a
large number of sub-grains in the center area, resulting in the formation of low-density
area of sub-grains [109]. The premise of making the grain abnormal growth is that the
sub-crystalline low-density region needs to be overcome by the normal growth of grains
at large angular grain boundaries, otherwise the abnormal growth of grains will not arise.
The abnormal growth of the grains occurs when the grain first contacts the sub-grain. In
Figure 10, the large-angle grain boundaries and sub-grains are clearly separated by the
low-density region, so the abnormal growth of grains is strongly suppressed [109]. In this
study, Vollmer et al. prepared 220 mm long Fe-Mn-Al-Ni-Ti single crystal rod, obtaining a
good superelasticity in tensile test under 8% applied strain [109].

 
Figure 9. Microstructures after a single cycle of heat treatment: (a) Fe-Mn-Al-Ni; (b) Fe-Mn-Al-Ni-Ti;
(c) Fe-Mn-Al-Ni-Cr [109]. Reprinted with permission from Ref. [109]. Copyright 2019 Springer Nature.
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Figure 10. Photomicrograph of Fe-Mn-Al-Ni-Cr after single-cycle heat treatment and quenching [109].
Reprinted with permission from Ref. [109]. Copyright 2019 Springer Nature.

The use of cyclic heat treatment makes it possible to prepare large-sized grains, but
this method has a fatal problem, that is, it takes an extremely long time. For cyclic heat
treatment, it takes 48.2 h to prepare a 60 mm single crystal [110]. Vallejos et al. pioneered the
combination of directional annealing and cyclic heat treatment, which solved the long time-
consuming problem [110]. The principle of cyclic directional annealing is a combination of
directional annealing to produce strong thermal gradients to cause grain growth and cyclic
heat treatment to cause abnormal grain growth. The schematic diagram of cyclic directional
annealing is shown in Figure 11. At the beginning of heating, the grains in the hot zone
grow equiaxed, as shown in Figure 11a. The grains outside the region cannot grow due
to the insufficient energy provided by the temperature to migrate the grain boundaries.
When the sample rod moves, the grains that have grown up just after the heating move,
passing through the ungrown grains. The difference in grain size provides the driving force,
which continuously promotes the migration of grain boundaries and the grain growth, as
shown in Figure 11b. α sub-grains will be produced during the thermal cycling, as shown
in Figure 11c. These sub-grains can continuously provide driving force, which makes the
grain boundaries continue to migrate. The grains grow larger and larger, even becoming
single crystals, as shown in Figure 11d. In directional annealing or cyclic heat treatment,
the driving force will be dissipated as the grains grow, which hinders the migration of grain
boundaries. This is also the reason for the long time-consuming cycle of heat treatment.
However, cyclic directional annealing also has some disadvantages. The size of the grains
is limited by the hot zone size, but this process also provides a method for preparing large
grains in a short time.
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Figure 11. Schematic diagram of cyclic directional annealing: (a) the start of cyclic directional
annealing; (b) after forward movement of the specimen; (c) after a cycle is completed; (d) after
multiple cycles.

5. Effects of Grain Orientation and Texture on Superelasticity

Studies have shown that the superelasticity strongly depends on the grain orientation
in NiTi-based superelastic alloys [111]. The orientation of the grains can affect the marten-
sitic variation to adjust the strain in NiTi-based superelastic alloys. It is speculated that
grain orientation affects the superelasticity of Fe-based superelastic alloys by affecting the
martensite variation. Large-sized grains or single crystals can be obtained by abnormal
grain growth by cyclic heat treatment in Fe-Mn-Al-Ni superelastic alloys. Therefore, it
is obvious that grain orientation significantly affects the superelasticity of Fe-Mn-Al-Ni
superelastic alloys. For polycrystalline alloys, grains are arranged in order along certain
directions to produce texture. However, Fe-Ni-Co-Al and Fe-Ni-Co-Ti superelastic alloys
are extremely difficult to prepare large grains or single crystals due to the low mobility
of grain boundary. In the case of polycrystalline alloys, texture has a significant effect on
the superelasticity.

5.1. Effects of Grain Orientation on Superelasticity

Grain orientation has a significant effect on the superelasticity [102]. Tseng et al. calcu-
lated the superelasticity of <100> and <123> orientations as 10.5% and 9%, respectively,
according to the energy minimization theory and lattice deformation theory in Fe-Mn-Al-
Ni superelastic alloy [102,112,113]. In the tensile experiment, the superelasticity of <123>
orientation is ~7.8%, which is similar to 9% calculated by the theoretical model. However,
the superelasticity of the <100> orientation is only 3.5%, which is quite different from the
calculation result [102]. Figure 12a shows the TEM bright field image of Fe-Mn-Al-Ni
single crystal in <100> orientation. It can be seen that there is a large amount of parallelism
dislocations and hairpin dislocations at the austenite–martensite interface and austenite
matrix [102]. These dislocations pin the martensite phase, and suppress the occurrence of
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the reverse martensitic transformation, resulting in a low recovery strain. Figure 12b shows
that high-density dislocations are not observed in <123> orientation, but two martensite
variants are found, making it possible for martensite to easily form twins to accommodate
the lattice strains, and reducing the likelihood of dislocation formation [102]. Only one
martensite variant is available to accommodate tensile strain along the <100> orientation.
This makes it difficult to accommodate lattice mismatch between the austenite and marten-
site, and thus results in the creation of dislocations that pin the martensite [102]. The
austenite–martensite phase interface has a higher mobility, and can adapt to the transforma-
tion of thermoelastic martensite, thereby obtaining good superelasticity [102]. It is worth
mentioning that the phenomenon of different orientation and different superelasticity was
also observed in the compression experiment. The superelasticity of the <100>, <111>, and
<123> oriented samples are 7.2%, 5.7%, and 1%, respectively [114].

Figure 12. TEM bright field image of Fe-Mn-Al-Ni single crystal: (a) <100> orientation; (b) <123>
orientation (A refers to austenite, M refers to martensite, M1 and M2 refer to two kinds of martensite
variants) [102]. Reprinted with permission from Ref. [102]. Copyright 2016 Elsevier.

The mechanism diagram of grain orientation on superelasticity is summarized in
Figure 13. There are different kinds of martensite variants in different orientations. If the
type of martensite variants is less than 2, a large number of dislocation is easily generated
at the interface between austenite and martensite, and the dislocation is deposited at the
interface. When martensitic transformation occurs, the phase interface is difficult to recip-
rocate, which prevents the occurrence of thermoelastic martensitic transformation, making
it difficult to obtain superelasticity. The more the martensite variants, the easier the recipro-
cating migration of phase interface, which is beneficial for the occurrence of thermoelastic
martensitic transformation. According to the above mechanism, good superelasticity can
be achieved by obtaining more martensite variants in a reasonable orientation to reduce
dislocation density, facilitate phase interface migration, and promote the occurrence of
thermoelastic martensitic transformation.
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Figure 13. Schematic diagram of the effect of grain orientations on superelasticity.

5.2. Effects of Texture on Superelasticity

In Fe-Ni-Co-Al superelastic alloy, if there is no strong texture, it will fracture before
showing superelasticity during deformation [41]. Even if thermoelastic martensitic trans-
formation is obtained by the precipitation of the γ′ phase, the sample breaks before the
phase transformation occurs. Figure 14 shows that the FeNiCoAlTiB alloy specimen with
random grain orientation breaks under 90% cold-rolling deformation without exhibiting
superelasticity, as shown in Figure 15a [69]. After 98.5% large cold-rolling deformation,
most of the grains are <100> orientation along the rolling direction, as shown in Figure 15b.
In Figure 15c, it can be seen that the sample has a strong {012}<100> texture and relatively
weak {112}<110> texture, showing 4.2% superelasticity, as shown in Figure 14 [69]. FeNi-
CoAlNbB alloy also has two kinds of textures of {111}<110> and {112}<110> after 98.5%
large deformation cold-rolling, showing 5% superelasticity [68]. FeNiCoAlTaB alloy has a
{035}<100> texture after 98.5% cold-rolling, and exhibits 13.5% superelasticity [41], while no
superelasticity is presented in the case without strong textures. Although the addition of B
element inhibits the precipitation of the B2 phase at the grain boundary, there are still a
certain amount of B2 phases observed at the grain boundary without strong textures. In the
alloy samples with strong textures, the B2 phases are precipitated only at specific types of
grain boundaries [69,115]. The selective precipitation of B2 phase improves the mechanical
properties of the alloy and contributes to the excellent superelasticity. The existence of
strong textures affects the characters of grain boundaries. In the samples without texture,
there are a large number of large-angle grain boundaries, which possess high energy. B2
phase is easy to nucleate and grow up at large-angle grain boundaries, weakening the grain
boundaries. Due to the presence of strong texture, many small-angle grain boundaries
and coincidence site lattice boundaries appear. The energy of these grain boundaries is
extremely small, which inhibits the precipitation of B2 phase [69,115]. In addition, the small-
angle grain boundary and coincidence site lattice boundaries also reduce the constraint of
the grain boundary during deformation. These factors provide sufficient conditions for
obtaining superelasticity.
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Figure 14. Tensile curves of FeNiCoAlTiB alloy after 90% and 98.5% cold-rolling [69]. Reprinted with
permission from Ref. [69]. Copyright 2014 Elsevier.

Figure 15. FeNiCoAlTiB alloy quasi-colored orientation maps in rolling direction (RD), transverse
direction (TD) and normal direction (ND): (a) 90% cold-rolling; (b) 98.5% cold-rolling; (c) (100) pole
figure in 98.5% cold-rolling specimen [69]. Reprinted with permission from Ref. [69]. Copyright
2014 Elsevier.

6. Other Influencing Factors on Superelasticity

The thermal hysteresis also has a significant effect on the thermoelastic martensitic
transformation. Reducing thermal hysteresis is beneficial to superelasticity. Reducing
the shear modulus of austenite is an effective method to reduce the thermal hysteresis of
martensitic transformation in Fe-Ni-Co-Ti alloy, while this will lead to a reduction in the
elastic properties of the martensite grown together with austenite [116]. In Fe-Ni alloys, Cu
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alloying can reduce the elastic modulus of austenite [117]. Kokorin et al. added Cu element
into Fe-Ni-Co-Ti alloy to investigate the martensitic transformation characteristics [62].
After the addition of Cu, a relatively small thermal hysteresis of about 60 K is obtained [62].
This is firstly due to the transformation of thermoelastic martensite. Secondly, the alloying
of Cu reduces the elastic modulus of austenite, which reduces the elastic energy of growing
martensite grains. In the cyclic tensile unloading experiment, the Fe-Ni-Co-Ti-Cu alloy
exhibited a superelasticity of 4.5% [118]. This is much higher than the 0.7% superelasticity
obtained by Kokorin et al. in the Fe-Ni-Co-Ti alloy, which is the same as obtained by Titenko
et al. in the Fe-Ni-Co-Ti alloy through heat treatment [84,90]. The Fe-Ni-Co-Al superelastic
alloy with strong γ′ phase element also possesses low thermal hysteresis, as shown in
Figure 16. The resistivity curves of FeNiCoAlNbB, FeNiCoAlTiB, and FeNiCoAlTaB alloys
are closed with small thermal hysteresis of 20 K, 31 K, and 24 K, respectively, corresponding
to 5%, 4.2%, and 13.5% superelasticity [41,68,69].

Figure 16. Resistivity curves: (a) FeNiCoAlNbB; (b) FeNiCoAlTiB; (c) FeNiCoAlTaB.

After the addition of alloying elements, the properties of the alloys will change. As
mentioned in the former, the addition of alloying elements (Ni, C, Ti, Nb, Ta, B, Cu)
can affect the formation of precipitates and grain sizes, and further affect superelasticity.
Although the addition of Cr inhibits the abnormal growth of grains, Fe-Mn-Al-Ni-Cr alloy
can show excellent superelasticity in an extremely wide temperature window through
proper heat treatment [119]. The relation between the critical stress and temperature of
Fe-Mn-Al-Ni-Cr alloy is almost zero, indicating that the temperature has no effect on the
critical stress [119]. This kind of alloy with a wide range of applications and small critical
stress changes is expected to become a candidate for aerospace parts.
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7. Conclusion and Outlook

Fe-based superelastic alloys are favored by virtue of their good superelasticity, large su-
perelastic temperature range, low temperature dependence, low price and easy processing,
possessing significant development prospects. The thermoelastic martensitic transfor-
mation of Fe-based superelastic alloy is affected by factors such as structure and grain.
Therefore, factors such as precipitate size, grain size, grain orientation, and grain boundary
characteristic may all affect the superelasticity. Obtaining good superelasticity requires
that both the precipitates and grains have appropriate sizes; more martensite variants can
be activated during deformation; a good grain boundary state, etc. Grains with appro-
priate size can reduce the constraints of grain boundaries during phase transformation.
Precipitates with appropriate size can coherently strengthen the parent phase. Activating
more martensite variants can make martensitic transformation and its recovery to easily
occur, reducing the formation of dislocations at the phase interface, and thereby reduce
the pinning effect of dislocations on martensite. A good grain boundary characteristic
can ensure that the material does not break before exhibiting superelasticity. Although
the research of Fe-based superelastic alloy has made some progress, there are still some
problems that have not been solved. The properties are difficult to meet the requirements of
practical applications. The relevant basic theoretical researches are still needed and mainly
as follows:

(1) The superelasticity of Fe-based superelastic alloy depends on the thermoelastic marten-
sitic transformation, which can be induced by two factors (temperature and stress).
Although there are some studies on the thermodynamics and kinetics of temperature-
induced Fe-based thermoelastic martensitic transformation, stress-induced martensitic
transformation has not been studied in depth. However, the thermodynamic and
kinetic mechanism of thermoelastic martensitic transformation induced by stress is
rarely reported.

(2) The low-energy grain boundary can inhibit the precipitation of brittle phases at the
grain boundary, and ensure that the alloy obtains good superelasticity. At present,
the only way to suppress the precipitation of brittle phases at grain boundaries is the
addition of B element combined with cold-rolling with large deformation to obtain
strong texture. However, some brittle phases will still precipitate and weaken the
grain boundaries. In addition, cold-rolling with large deformation amount is generally
difficult to achieve. Therefore, it is urgent to find a simple and practical method to
obtain low-energy grain boundaries.

(3) It is necessary to further investigate the influence of composition and thermome-
chanical treatment on the superelasticity, since microstructure is determined by the
composition and thermomechanical treatment.

(4) The current precipitation strengthening is to make the martensitic transformation
into thermoelastic by precipitating single coherent ordered phases. It is theoreti-
cally feasible to study and design two or multiple coherent ordered precipitates to
synergistically strengthen the alloy to obtain good superelasticity.
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Abstract: Cold dwell fatigue is a well-known problem in the titanium components of aircraft engines.
The high temperature and low dwell stress of in-service conditions have been reported to give rise to
dwell fatigue resistance through a thermal-mechanical alleviation process. Here, dwell fatigue tests
at room temperature and the component operating temperature were performed on IMI834 titanium
alloy to assess the microstructural effects on thermal-mechanical alleviation of cold dwell fatigue while
eliminating the effect of chemical composition. The ratcheting strain rates under different loading
conditions were quantitatively investigated to aid the understanding of thermal-mechanical alleviation.

Keywords: low cycle fatigue; microstructure; titanium alloys; thermal-mechanical alleviation

1. Introduction

Titanium alloys are widely used in manufacturing high-stressed components of aero-
engines due to their high strength-to-weight ratio and good corrosion resistance [1–5].
These titanium components have been found to suffer from cold dwell fatigue since the
1970s [6]. Serious lifetime reduction is observed when loading cycles contain a dwell period
where the stress is held at a high magnitude. The increasing peak stress at the soft-hard grain
boundaries induced by ratcheting strain accumulation is argued to contribute to the facet
crack nucleation under dwell fatigue loading and cause early failure of key gas turbines
components [7–12]. The ratcheting behavior under cyclic loadings of titanium alloys is
related to their strong strain rate sensitivity (SRS) at near-ambient temperatures [13].

Experimental [14–17] and analytical [18–22] observations have shown that the dwell
and strain rate sensitivity is associated with the microstructure of titanium alloys. The
microstructural heterogeneity in dual-phase titanium alloys arises from the anisotropy of α
and β phase properties. The rate-dependent properties of the two phases have been found
to be remarkably different at near-room temperatures [23]. As a result, alloys with differ-
ent morphology and texture show different rate sensitivity and, hence, dwell sensitivity.
Shen et al. [24–26] have shown that titanium alloys with different microstructures have
remarkably different fatigue crack resistance. Experimental work on dwell fatigue sensitiv-
ities of Ti-6Al-2Sn-4Zr-xMo (Ti-624x) alloys by Qiu et al. [27] found that the Mo content
apparently had a large influence on the dwell fatigue life debit. However, both chemical
composition and microstructure were different in the Ti-624x series alloys considered,
although the alloys were designed to have the same nominal type of microstructure, but the
average grain sizes and phase volume fractions were different. In addition, the atomistic
simulations suggest that Mo content does not give rise to the observed differences in SRS
of Ti-6242 and Ti-6246 alloys [28]. Hence, for the purpose of investigating microstructural
effects on cold dwell fatigue, it is important and necessary to eliminate the composition
effects of alloys.
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On the other hand, the temperature has been found to significantly affect dwell-
sensitivity by altering the strain rate sensitivity [29,30]. At near-room temperature, near-α
Ti alloys (such as Ti-6242 and Ti-6Al) are known to demonstrate strong rate and dwell
sensitivities. With the temperature increasing, the load shedding is found to peak at
about 120 ◦C and progressively diminishes when the temperature increases to ≥230 ◦C.
Other types of Ti alloys also show a similar trend of dwell sensitivity with increasing
temperatures, but the most significant temperature may be shifted (e.g., the most dwell
sensitive temperature for Ti-6246 alloy has been suggested to be about 300 ◦C) [30]. The
diminution of SRS at in-service temperatures has been reported to give rise to resistance
to dwell fatigue [31]. In addition, the hoop stress (primary loading) under in-service
conditions has been found to be much lower than the macroscopic yield strengths of the
alloy. The combinations of high operating temperatures and low operating stresses are
argued to resist the facet nucleation by inhibiting plastic strain ratcheting due to cyclic
loading, which is termed as thermal-mechanical alleviation [31].

The thermal-mechanical alleviation in IMI834 alloy with a bimodal microstructure
has been systematically investigated using a dual-phase crystal plasticity model with α-β
morphology explicitly represented [31]. The reduction in dwell sensitivity has been clearly
demonstrated, but the microstructural effects on thermal-mechanical alleviation have not
yet been fully addressed. Thus, the motivation of the present work is to explore the thermal-
mechanical alleviation in four commonly observed microstructures of titanium alloys and
to evaluate the microstructural effects on dwell sensitivity.

2. Materials and Methods

The near-α titanium alloy IMI834 was supplied as an ingot consisting of mainly equiaxed α

grains (with an average grain size ≈40 μm) and some lamellar structures with thin β laths located
near grain boundaries. Specimens of approximately 20 mm × 20 mm × 100 mm cuboids were
cut from the ingot for heat treatment. Four different heat treatment routes were used to
achieve the commonly observed microstructures: an equiaxed structure, a Widmanstätten
structure, a bi-modal structure, and a trimodal structure. The hot working processes and
the corresponding phase contents and microstructures are presented in Figure 1. The heat
treatment was conducted in the air atmosphere. The equiaxed microstructure was obtained
by thermal processing at near-β temperatures (~10–20 ◦C below β-transus temperature,
Tβ ≈ 1055 ◦C for IMI834) for 1 h and then furnace cooled (FC) to room temperature. The
resulting average grain size was ~50 μm. The Widmanstätten microstructure was achieved
by heating up to ~15–30 ◦C above Tβ for 1 h, followed by furnace cooling. The bimodal
microstructure was obtained by a two-step heat treatment: specimens were first heated
to near-β temperatures and then were annealed at ~800 ◦C. This microstructure consists
of equiaxed α grains (αp) and transformed β matrix (βt). For the trimodal microstructure,
there is an extra step before annealing: the temperature was kept at ~30–50 ◦C below Tβ

for 1 h, which allows lamellar α grains (αl) to grow from the transformed β matrix. The
cooling conditions for both bimodal and trimodal were air cooling (AC). Scanning electron
microscopy (SEM) examinations were carried out to characterize the morphology of each
microstructure. The phase volume fraction was then calculated using ImageJ software [32].
Electron Backscattering Diffraction (EBSD) characterizations were conducted on all the
obtained microstructures using a scanning step of 0.3 mm and an acceleration voltage of
20 kV. EBSD results on the four microstructures demonstrated a similar strong texture with
the basal poles tilted ±30◦ from the normal direction (ND).

A set of stress relaxation tests were first carried out at room temperature (e.g., 25 ◦C)
and at in-service temperature (e.g., ~350 ◦C [31]) to investigate the effect of temperature
and microstructures on the SRS of the alloy. Tensile specimens with a gauge length of
40 mm and a diameter of 6 mm were machined with the loading direction parallel to ND,
as shown in Figure 2. Specimens with different microstructures were uniaxially stretched
up to 2 mm within 5 s, which results in a constant strain rate of

.
ε = 1 × 10−2 s−1, and

then held at the maximum strain for 60 s. Substantial stress relaxation is expected during
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the hold if the specimen experiences strong rate-dependent plasticity. In order to obtain
reproducible results, the stress relaxations of each microstructure were repeated three times.

Figure 1. Heat treatment schedules and the obtained morphologies and textures for (a) equiaxed microstruc-
ture; (b) Widmanstätten microstructure; (c) bimodal microstructure; and (d) trimodal microstructure.

Figure 2. Specimen geometries for the stress relaxation tests.

3. Results and Discussion

In order to isolate the effect of microstructure from the effect of chemical composition
on dwell sensitivity, energy dispersive spectroscopy (EDS) was performed to compare
the element distribution of different microstructures. By analyzing five main alloying
elements, Al, Sn, Zr, Nb, and Mo, although there is segregation between the α and β phases
at the microstructural scale, the overall composition was not changed after different heat
treatment processes.

Figure 3 shows the engineering stress-time curves obtained at 25 ◦C and 350 ◦C,
respectively, for the four microstructures. From the first 5-s uniaxial tension part, the 0.2 pct
proof stress σ0.2 can be extracted. The strain rate sensitivity exponent m can be determined
from the stress-drop during the strain hold period given by [33]

m =
d ln(σ)

d ln
(− .

σ
) . (1)
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Figure 3. Engineering stress-time curves for four different microstructures at 25 ◦C and 350 ◦C.

The first 1 s of the stress relaxation data, where the stress-drop is the most significant,
was used to calculate the m value for all the specimens. Resultant proof stresses and
SRS exponents are summarized in Figure 4a,b, respectively. The error bars in Figure 4a
represent the scatters of the repeated tests. Although a higher scatter in the proof stress
can be observed at the room temperature compared to 350 ◦C, the general trend of the
strength between microstructures is unchanged. In addition, due to the relatively good
repeatability during the stress relaxation for all the repeated tests, there is no noticeable
difference (<0.0002) in the measured strain rate sensitivity exponent. Overall, for all the
considered microstructures, both proof stresses and the m values are lower at the high
temperature as expected. The bimodal and trimodal structures show a higher strength
under both temperatures, while the Widmanstätten microstructure has the lowest strength.
Material strength is one of the aspects that affect the in-service performance, but, more
importantly, the strain-rate-dependent plasticity is fundamentally related to the dwell
fatigue life. The equiaxed and Widmanstätten structures are the most rate-sensitive, while
the bimodal and trimodal are relatively less sensitive to strain rate. However, at 350 ◦C,
all the SRS exponents are reduced to about 0.003, which means the strain rate sensitivity
of IMI834 alloy is negligible at this temperature. The stress relaxation curves in Figure 3
also suggest that there is almost no stress drop at the high temperature. Other evidence
in the literature has demonstrated that the rate sensitivity diminishes progressively at
temperatures above 230 ◦C for some Ti alloys [29,30]. The diminishment of SRS at the
high temperature was attributed to the energy barrier of the pinned dislocation from the
obstacle under the considered loading rates being easily overcome of. Since the low strain
rate regime where the SRS is predominated by the thermal activation process [34], a high
deformation temperature can lead to a high frequency of dislocation escape from the pinned
obstacle. As a result, the average dislocation velocity is much higher than the value to
accommodate the applied deformation rate; hence, the variation in strain rates does not
alter the flow stress of the material at high temperatures.
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Figure 4. The extracted (a) proof stresses and (b) strain rate sensitivity exponents from the stress
relaxation curves in Figure 3.

In order to investigate the microstructural effect on dwell fatigue, low cycle fatigue
(LCF) and low cycle dwell fatigue (LCDF) tests were performed at room (25 ◦C) temperature
on specimens with a 15 × 6 mm diameter cylindrical gauge section, as shown in the inset of
Figure 5. The peak stress for both loading modes was identical and chosen to be 95% of the
proof stress σ0.2, as determined in Figure 4a, i.e., 900 MPa, 845 MPa, 931 MPa, and 923 MPa
for the equiaxed, Widmanstätten, bimodal, and trimodal microstructure, respectively. The
rise and fall time for both LCF and LCDF were chosen to be identical as 1 s. The dwell
period in the LCDF tests was 60 s, and the stress ratio R in both loading modes was 0.

The accumulated plastic strain at the end of each loading cycle was recorded, as
shown in Figure 5. The differing microstructures under LCF showed different plastic
strain accumulations at 25 ◦C, as shown in Figure 5a. The plastic strains-to-failure for the
Widmanstätten and bimodal structures was about 3%, while those for the equiaxed and
trimodal structures were about 2%. On the other hand, the plastic strain accumulation under
LCDF at 25 ◦C in Figure 5b displays both higher ratcheting rates and strains-to-failure. The
results clearly demonstrate that all the considered microstructures experience a strong dwell
sensitivity at room temperature. In order to investigate this phenomenon quantitatively,
the LCF and LCDF lives and the dwell debit (NLCF/NLCDF) are summarized in Figure 5c.
The maximum dwell debit is 28.66 in the Widmanstätten structure, followed by a value
of 24.76 in the equiaxed structure. Generally, the fatigue responses in the bimodal and
trimodal structure are similar to each other, but that for the trimodal is slightly less sensitive
to dwell fatigue. Lei et al. [35] have also reported that the fatigue life of the trimodal
structure of TA-15 alloy is slightly longer than that of the bimodal structure. Stroh [36]
proposed a dislocation pile-up model to explain fatigue crack nucleation. The progressive
build-up of dislocations within a favorably oriented grain under cyclic loading is argued
to be responsible for the crack nucleation at the boundary with the neighboring “hard”
grain. The mean-free path of dislocations in the trimodal microstructure is effectively
reduced by the thick lamellar αl grains. Hence, the peak stress achieved at the grain
boundaries is lower, which makes the fatigue life longer. Discrete dislocation plasticity
modeling [37] has demonstrated that thick laths within a lamellar structure can reduce the
size of the pile-ups and change the SRS of the material, which then leads to different dwell
fatigue susceptibility. The Widmanstätten structure in the present study was designed
to have thick α laths and very thin β laths (≤2 μm). The average size of dislocation pile-
ups is larger in the microstructure with a larger α grain size and thinner β laths. Thus,
the resistance to dislocation motions provided the grain and phase boundaries is lower.
The local resolved shear stress acting on the leading dislocation of each pile-up group is
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higher, which promotes the thermally-activated escaping from the pinned obstacle. As
a result, the average velocity of dislocations is higher, and the strain rate sensitivity and
dwell-sensitivity of the Widmanstätten and equiaxed structures are stronger.

 
Figure 5. Plastic strain accumulation at 25 ◦C under (a) LCF and (b) LCDF. (c) The dwell life debit at
25 ◦C for the differing microstructures. (d) Residual plastic strain during LCDF at 350 ◦C.

The analysis of the fatigue responses has so far been carried out at room temperature
and at relatively high stress. In order to understand the behavior of the different mi-
crostructures under in-service loading conditions, the LCDF tests were performed at a high
temperature and low maximum stress. The thermal-mechanical loading histories of IMI834
rig components indicate that the first dwell period of a long haul flight consists of a stress
hold at magnitude very much below the macroscopic yield stress and at a temperature of
about 340–370 ◦C [31]. Hence, the temperature for the LCDF tests was chosen to be 350 ◦C,
and the maximum stress chosen was 85% of the proof stress σ0.2 at the corresponding
temperature. The evolutions of the plastic strains are shown in Figure 5d. No specimen
at 350 ◦C was found to fail under LCDF loadings; hence, the tests were terminated after
5000 cycles because of the very low strain accumulations. The dwell fatigue responses were
totally different compared to the low-temperature scenario. The accumulated plastic strain
was found barely to increase after the first loading cycle, and the maximum residual plastic
strain after 5000 loading cycles was found to remain below 1.5% for all the specimens.
The resistance to dwell fatigue through the thermal-mechanical alleviation process was
clearly demonstrated, for the first time, in four different types of microstructure. The
observed reduction in the dwell sensitivity under in-service loading conditions can be
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ascribed to two aspects: on the thermal side, the strain rate sensitivity was substantially
reduced at the high temperature, while, on the mechanical side, the lower hold-stress
made the amount of plastic deformation much lower. The former is argued to be the main
reason for the observed thermal-mechanical alleviation in dwell fatigue. In addition, the
maximum in-service stress can even be lower than 0.85 σ0.2, but, due to the difference in
the stress-multiaxiality and the temperature histories between the laboratory fatigue tests
and the in-service rig spin tests, lower stress may not be able to trigger plasticity in the
laboratory LCDF tests. Although low applied stress can effectively reduce the amount of
plastic deformation and prolong the dwell fatigue life of the material, fundamentally, it
does not change the sensitivity to rate or stress-hold, and the residual plasticity strain is
still accumulated with the cycles. Hence, the reduction in the maximum applied stress
cannot be ignored in the thermal-mechanical alleviation observed here but only plays a
secondary role.

Comparing the accumulated plastic strain evolution curves under differing loading
conditions in Figure 5, there are three main ratcheting behaviors observed: (1) a rela-
tively low ratcheting strain rate under low-temperature LCF; (2) a high ratcheting strain
rate under low-temperature LCDF; and (3) a very low ratcheting strain rate under high-
temperature LCDF. These three types of ratcheting behaviors in fatigue have been recently
reviewed [38]. The ratcheting strain rates for different microstructures under different
loading conditions are extracted from the steady stage of the plastic strain accumulation
curves and are summarized in Figure 6. Broadly, the ratcheting strain rates show similar
trends to the fatigue life of the specimen: a higher ratcheting rate leads to faster strain accu-
mulation, which eventually causes plastic instability and shorter fatigue life. In particular,
the equiaxed structure has an LCDF ratcheting rate about 110 times higher than that under
LCF. Nevertheless, the ratcheting rates under in-service (elevated temperature) conditions
for all the considered microstructures are reduced to a negligible level where no obvious
additional ratcheting strain accumulation was noticed after the initial few cycles. Since
the energy barrier to thermally activated dislocation escape is significantly reduced with
higher temperature, a stable dislocation structure is established at the early stage of the
loading. In addition, the applied stress is lower compare to the room temperature LCDF,
and there is no driving force for new dislocations to be nucleated, so the alloy is no longer
sensitive to strain rate or dwell loading, regardless of the microstructure.

Figure 6. The variation of ratcheting strain rate with microstructure under different loading conditions.
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4. Conclusions

In summary, stress relaxation tests were carried out on IMI834 alloys with four com-
monly observed microstructures at room temperature and 350 ◦C. The strain rate sensitivity
at room temperature is highly microstructure-dependent but is reduced significantly at
elevated temperature and becomes nearly independent of microstructure in this alloy. The
low cycle fatigue and low cycle dwell fatigue results at room temperature suggest that all
the microstructures experience a strong dwell sensitivity. The LCDF tests under in-service
loading conditions demonstrate the thermal-mechanical alleviation in all the considered
microstructures. The dwell fatigue lives under in-service loading conditions are much
longer than that at room temperature, indicating temperature and the applied stress play a
key role in cold dwell fatigue.
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Abstract: In order to repair or strengthen stainless steel structural parts, the experiment was con-
ducted by using plasma arc cladding technology to prepare 2205 duplex stainless steel (DSS) layers on
the surface of Q345 steel. Their macro morphology and microstructure were observed by an optical
microscope and the phase composition of microstructure was analyzed by an X-ray diffractometer
instrument (XRD). The electrochemical behavior of 2205 DSS cladding layer under different current
in 3.5% NaCl etching solution was studied by the potentiodynamic polarization, the electrochemical
impedance spectroscopy (EIS) and X-ray photoelectron spectrometer (XPS). The results showed that
when the current was 100 A, the forming of cladding layer was continuous, complete and fine with
the dilution ratio of 11.43%. The mass ratio of austenite to ferrite in the microstructure increased
with the increase of current and it was up to the optimum of 1.207 with the current of 100 A. Under
such conditions, the self-corrosion potential of the cladding layer was up to the maximum while its
corrosion current density reached the minimum, thus the corrosion resistance of the cladding layer
reached the optimum. It was attributed to the existence of a large amount of Cr3+ and Mo6+ in the
passive film of cladding layer, which can stabilize the passive film and promote the formation of
Cr2O3 in the passive film.

Keywords: current; plasma arc cladding technology; 2205 duplex stainless steel; potentiodynamic
polarization curve; passive film composition

1. Introduction

2205 duplex stainless steel (DSS) has good plastic toughness and weldability of
austenitic steel and high strength and good corrosion resistance of ferritic steel [1]. There-
fore, it is widely used in the cooling water heat exchangers, large oil storage tanks, the
third-generation nuclear power fuel pool and seawater desalination systems in China [2–4].
During service, stainless steel structural parts (i.e. stainless steel-clad plate, using Q345 or
16Mn as the base metal and the stainless steel as the cladding material) are often damaged
in the form of wear and corrosion [5,6], so it is important for parts to be repaired and
strengthened. Surface remanufacturing technology is a means of using a heat source to
clad(surface) alloy powder or wire on the surface of a workpiece to modify the proper-
ties of materials, such as wear resistance, corrosion resistance and oxidation resistance of
coating (surfacing layer) [7–9]. It is beneficial to prolong the service life of large stainless
steel structural parts, save precious and rare metal materials, finally reduce costs and
improve benefits, which accords with the strategic policy of developing recycle economy
and realizing sustainable development in China.

At present, the researchers mainly use the technology of laser cladding, CMT (Cold
Metal Transfer Cladding) and TIG (Tungsten Inert Gas Arc Cladding) to prepare 2205 DSS
cladding layer. Jing Ming et al. [10,11] successfully prepared 2205 DSS/TiC layer on 16Mn
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substrate with the help of laser cladding technology. The addition of TiC particles improved
the hardness and wear resistance of duplex stainless-steel coating, but the layer started
to crack when the mass fraction of TiC reached 15%. Liu Shao et al. [12] studied the
optimal process parameter of 2205 DSS prepared by CMT cladding with double wires.
The optimal parameter was MAG (Metal Active Gas Arc Cladding) current 220~290 A of
front wire and CMT + P current 160~240 A of rear wire. The cladding layer was composed
of 40~60% austenite, which met the service requirements. Liu Yu et al. [13] prepared
2205 DSS surfacing layer by TIG using ER2209 as surfacing materials and studied the effect
of sensitization treatment time on pitting corrosion resistance of surfacing layer. He believes
that with the increase of sensitization treatment time, the pitting corrosion resistance of
surfacing layer decreases. However, when the sensitization time exceeds 15 min, the ferrite
phase α occurs eutectoid reaction and σ + γ2 forms. The formation of σ decreases the pitting
corrosion resistance of the surfacing layer. The literature [14–16] showed that the corrosion
resistance will be deteriorated if the austenite phase and ferrite phase was imbalance in
the microstructure of 2205 DSS cladding layer. In summary, the above research showed
that optimizing the process parameters of surfacing technology to possess the optimal
microstructure was the critical factor to obtain best comprehensive performance for DSS
cladding layer. Additionally, how to improve the corrosion resistance of DSS cladding layer
in various environments (such as atmospheric, salt solution, acid and so on) was also the
key point to prolong its service life.

Plasma arc cladding technology as a high-energy beam surface cladding technology
and a metal surface treatment technology, is one of the latest technologies developed
after surfacing technology and laser cladding technology. It uses a high-temperature
plasma arc to melt the alloy powder or wire and base metal. Then, with the transfer
of plasma arc, the molten metal solidifies rapidly to form a metallurgical bonding layer.
This technology has the advantages of low dilution rate, dense microstructure, small heat-
affected zone and good combination between surfacing layer and substrate. Compared with
the laser cladding layer, the plasma arc cladding layer is not easy to produce defects such
as pores, microstructure segregation and cracks [17–19]. So far, there are few reports on the
preparation of 2205 duplex stainless steel layer by plasma arc cladding technology. In this
paper, 2205 DSS layer will be prepared on the surface of Q345 steel by plasma arc cladding
technology. The effects of different current on the macro morphology, austenite/ferrite
mass ratio and corrosion resistance of the cladding layer will be studied. The corrosion
resistance mechanism of the cladding layer will be revealed. The optimal process parameter
of preparing 2205 DSS layer by plasma arc cladding will be acquired, which will guide the
application of 2205 DSS cladding layer in engineering practice.

2. Materials and Methods

2.1. Materials

ER2209 stainless steel wire with a diameter of 1.2 mm was selected as the cladding wire,
which was prepared by Jiangsu Jiuzhou New Material Technology Co., Ltd. A Q345 low
alloy steel plate purchased on the market with the size of 160 mm × 70 mm × 10 mm was
used as the base metal. Their chemical composition was listed in Table 1. 2205 DSS cladding
layer was prepared on the surface of Q345 steel using 99.99% argon as the shielding gas.

Table 1. Chemical compositions of wire and base metal.

Materials C Si Mn P S Cr Ni Mo Fe

ER2209 0.02 0.53 1.90 0.02 0.004 21.73 9.12 2.67 Balance
Q345 ≤0.20 ≤0.50 ≤1.70 ≤0.035 ≤0.035 ≤0.30 ≤0.50 ≤0.10 Balance

2.2. Preparation of 2205 DSS Cladding Layer

2205 DSS cladding layer was prepared on the surface of Q235 steel by DML-V03AD
plasma arc cladding equipment. The specific process parameters were wire feeding speed
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of 29 mm/s, welding speed of 6 mm/s, ion gas flow of 1 L/min, gas flow of 20 L/min
and Nozzle height of 10 mm. The current was designed as 80 A, 90 A, 100 A, 110 A and
120 A to obtain the optimal parameters. The thickness of cladding layer was about 6 mm.
The sample of structure analysis was intercepted by wire cutting along the cross-section
direction of the cladding layer. The sample of corrosion resistance analysis was cut along
the direction perpendicular to the cross-section of the cladding layer.

2.3. Macro Morphology and Microstructure Analysis

The macro morphology of 2205 DSS cladding layer was observed by an Optical
Microscope (OM, Oberkochen, Germany). It measured the melting width W, melting depth
H and height h of the cladding layer. The dilution ratio was calculated according to the
formula ψ = H/(H + h). The schematic diagram was shown in Figure 1. The metallographic
specimens with the size of 25 mm × 10 mm were taken along the cladding layer. After
grinding and polishing, the sample was corroded for 10 s in Behara reagent. Behara reagent
was composed of 88 ml H2O + 12 ml HCl + 1.2 g K2S2O5. The microstructure of cladding
layer was observed by a ZEISS optical microscope (OM, Oberkochen, Germany) and a
JSM-6480 scanning electron microscope (SEM, JEOL, Tokyo, Japan). The elements migration
through the interface of the cladding layer and Q345 steel was tested by Energy Dispersive
Spectrometer (EDS). The proportion calculation of austenite phase in the microstructure
was obtained by Image Pro Analysis Software. The phase composition of cladding layer
was analyzed by an X-ray diffractometer instrument (XRD-6000, Shimadzu, Kyoto, Japan)
with Cu-Kα radiation and scanning angles (2θ) between 10◦and 90◦.

Figure 1. The schematic diagram of the dilution ratio calculation.

2.4. Electrochemical Measurements

The electrochemical measurements were carried out with the EGM283 Electrochemical
Workstation with a three-electrode cell system, while the cladding layer acted as a working
electrode, a saturated calomel electrode (SCE) as a reference electrode and a platinum plate
as an auxiliary electrode. The specimens with dimensions of 10 mm × 10 mm × 5 mm for
electrochemical tests, and the exposed measurement area was 10 × 10 mm retained by the
epoxy resin. Before the experiment, the samples were polished with silicon carbide (SiC)
emery papers down to 2000#, then ultrasonically cleaned in acetone and rinsed in distilled
water. 3.5% NaCl solution was taken as the etching solution.

The potentiodynamic polarization curves were recorded with a scanning rate of
1 mV/s, starting from −0.5 V to 1.5 V. The electrochemical impedance spectroscopy (EIS)
data were obtained with the frequency range from 100 kHz to 10 mHz and a sinusoidal
potential perturbation of 5 mV at the open-circuit potentials.

The experimental results were interpreted based on an equivalent electrical circuit.
The capacitance measurements on the passive films were performed with a fixed frequency
of 1 kHz, and the potential range from 1.0 V to 1.0 V (vs. SCE). All measurements were
carried out at an ambient temperature of approximately 25.

39



Crystals 2022, 12, 341

2.5. XPS Analysis

In order to explore the corrosion mechanism of cladding layer under different currents,
the chemical composition of passive film on the surface of the sample was tested. The
samples were placed in the constant passivation potential of 0.3 V and polarized for 2 h
to form a stable passive film on the surface of cladding layer. The chemical composition
of the cladding layer passive films was investigated by X-ray photoelectron spectrometer
(XPS) with a monochromatic Al Ka radiation source and a hemispherical electron analyzer
operated at the pass energy of 25 eV. The element composition and content were analyzed
by comparing with the standard spectra of elements from XPS company’s Perkin-Elmer
data handbook and International Inc. XPS website. The fitting curve was performed with
the commercial software of Avantage.

3. Results and discussion

3.1. Effect of Current on Macro Morphology and Microstructure of Cladding Layers

Dilution ratio and macro morphology are two important indexes to evaluate the
formation quality of cladding layers [20]. Figure 2 shows the macro morphology of 2205 DSS
cladding layer on the condition of different current. Figure 3 shows the corresponding
dilution rate change curve of 2205 DSS cladding layer. When the current was 80 A, melting
amount of wire was not enough to produce a full and continuous cladding layer, and some
pits appeared on the surface of cladding layer. As the current was 100 A, a fine cladding
layer formed. Its corresponding dilution ratio of cladding layer was 11.43%. When the
current was increased to 110 A, the dilution ratio of cladding layer increased to 30.56%.
The dilution rate of the cladding layer determines the utilization rate of wire or powder
and the quality of the cladding layer. On the premise of ensuring the perfect formation of
the cladding layer and a good combination between the cladding layer and the substrate,
the lower the dilution rate is, the higher the utilization rate of wire or powder and the
higher the performance of the cladding layer is. If the dilution ratio is too small, the
bonding performance of transition zone between the cladding layer and the substrate is
poor. If the dilution ratio is too high, the alloy elements of base metal will deeply dilute
the alloy composition of cladding layer, which will damage the performance of cladding
layer [21–23].

 
Figure 2. Macro morphology of 2205 DSS cladding layer under different current. (a,a′) 80 A; (b,b′)
90 A; (c,c′) 100 A; (d,d′) 110 A; (e,e′) 120 A.
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Figure 3. Variation curve on dilution ratio of 2205 DSS cladding layer under different current.

Figure 4 shows the SEM results of specimens under different current. The line scanning
results show that the elements migration occur at the interface of the 2205 DSS cladding
layer and the substrate, which suggests an excellent metallurgical combination between
them. It can be seen from Figure 4a–d that with the increase of the current, the grain
size increased.

 
Figure 4. The SEM results of specimens under different current. (a) the Line Scanning result (80 A);
(b) 80 A; (c) 90 A; (d) 100 A; (e) 110 A; (f) 120 A.

In order to analyze the microstructural composition in details, the cross-sectional
microstructure of the specimen and the top microstructure of the cladding layer on the
condition of different current and austenite/ferrite mass ratio in mirostructure are shown
in Figure 5. The austenite phase was shown as white while the gray region was the
ferrite phase.
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Figure 5. Microstructure of specimens under different current and Austenite/ Ferrite mass ratio.
(a,a1) 80 A; (b,b1) 90 A; (c,c1) 100 A; (d,d1) 110 A; (e,e1) 120 A; (f) Austenite/ Ferrite mass ratio in
mirostructure.

When the current was 80 A (see Figure 5a,a1), the austenite phase was composed
of Grain-Boundary Austenite (GBA), Widmanstatten Austenite (WA) and Intragranular
Austenite (IGA). The austenite phase and ferrite phase were relatively fine, with the
average grain size of 63.50 μm and 21.80 μm, respectively. The austenite/ferrite mass ratio
in microstructure was 0.626 (see Figure 5f). With the increase of current, the austenite/
ferrite mass ratio continued to grow and the grain size of austenite and ferrite increased.
As the current was increased to 100 A (see Figure 5c,c1), it can be observed that a large
amount of IGA formed in the microstructure. The austenite/ferrite mass ratio was 1.207
(see Figure 5f). The average grain size of austenite was 79.25 μm while that of ferrite was
44.81 μm. When the current was 110 A and 120 A (see Figure 5d,d1,e,e1), the austenite/
ferrite mass ratio were 1.551 and 3.672, respectively (see Figure 5f). The average grain size
of austenite were 98.52 μm and 119.70 μm while that of ferrite were 45.81 μm and 51.60 μm.

In general, the structure solidification of 2205 DSS cladding layer is ferrite mode [14,15].
At the beginning of solidification, ferrite is entirely formed. While the temperature falls
below the solid solution line, the ferrite starts to transfer to austenite. Since austenitizing
stable elements (such as C, Mn, Ni and so on) are easily enriched in the grain boundary
and sub-grain boundary of ferrite, GBA preferentially grows along the grain boundary
of ferrite. After GBA completely covering the grain boundary of ferrite, WA begins to
grow along the direction perpendicular to the grain boundary of ferrite. Meanwhile, IGA
nucleates and grows up in the grains of ferrite. As can be seen from the above figures,
with the increase of current, the heat input increases, it means the transformation time
from ferrite into austenite increases, so the amount of austenite in microstructure increases.
Moreover, the content of austenitizing stable elements (such as Mn and Ni) in ER2209 wire
is increased, which promote the formation of austenite. The microstructure is gradually
coarsened with the increase of the current.
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Figure 6 shows the XRD analysis results of 2205 DSS cladding layer with the current
of 90–110 A. It also confirmed that the microstructure was mainly composed of the ferrite
phase and the austenite phase.

Figure 6. XRD results of 2205 DSS cladding layer under different current.

3.2. Analysis on Potentiodynamic Polarization Curve of 2205 DSS Cladding Layer under Different
Current

In order to analyze the effect of current on the corrosion resistance of 2205 DSS cladding
layer, an electrochemical corrosion test was carried out. The potentiodynamic polarization
curves of cladding layer under different current are shown in Figure 7. On the condition
of different current, the passive film formed in 3.5% NaCl solution was very stable. The
passive potential of cladding layer was in the potential region from −0.03 to 0.40 VSCE
(0.41 VSCE, 0.46 VSCE). At the initial stage of corrosion, the dissolution rate of passive film
is close to its regeneration rate, so the passive film is in the equilibrium state of dissolution
and regeneration [13]. With the increase of potential, the corrosion current increases and
the dissolution rate of passive film increases. When the dissolution rate is greater than the
regeneration rate, the passive film breaks down and the cladding layer is corroded.

Figure 7. Potentiodynamic polarization curves of samples under different current.

The polarization curve was fitted by CView analysis software to obtain the self-
corrosion potential and corrosion current density. The fitting results are shown in Table 2.
The relationship between current and self-corrosion potential was 100 A (−0.213 V) > 90 A
(−0.241 V) > 110 A (−0.251 V), and the relationship between current and corrosion current
density was 100 A (1.95 × 10−7) < 110 A (3.69 × 10−7) < 90 A (3.09 × 10−6). The self-
corrosion potential represents the difficulty of corrosion of the cladding layer. The greater
the self-corrosion potential, the less likely corrosion will occur. The corrosion current
density represents the actual corrosion rate of cladding layer. The smaller the corrosion
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current density is, the smaller the corrosion rate is [24]. Therefore, when the current was
100 A, the self-corrosion potential of cladding layer was the maximum while the corrosion
current density was the minimum, indicating that the corrosion resistance of cladding layer
was optimal.

Table 2. Fitting parameters obtained by using CView analysis software to deal with the potentiody-
namic polarization curves.

Current Potential/VSCE Current Density/A·cm−2

90 −0.241 3.09 × 10−6

100 −0.213 1.95 × 10−7

110 −0.251 3.69 × 10−7

3.3. Chemical Stability of Passive Film Formed on the Cladding Layer under Different Current

In order to investigate the relative stability of passive films formed on the surface
of 2205 DSS cladding layer under different current, the samples were in 3.5wt.% NaCl
etching solution for passivated 1h at 0.2 VSCE. Electrochemical impedance spectroscopy
(EIS) measurements were carried out after passive film generation. Figure 8 displays the EIS
results of three species passive film formed under the current of 90 A, 100 A and 110 A. It
can be observed that the three species passive films have similar impedance characteristics
from the Nyquist plots (Figure 8a), and there is a capacitive arc with different radius in
the test frequency range. These curves present the influence of different current on the
impedance behavior of passive film. As previously reported in the literature [25–28], the
polarization resistance of passive film is relevant to the diameter of the semicircular arc
in impedance measurement. The increase of the semicircular arc means the enhancement
of the passive film stability. The results demonstrated that the radius of capacitive arc of
passive film with the current of 100 A reaches up to the maximum, which means that the
corrosion resistance of passive film is optimal.

Figure 8. EIS date of passive film on the surface of 2205 DSS cladding layer under different current.
(a) Nyquist plots; (b) Bode plots; (c) Equivalent circuit.

Figure 8b shows the Bode plots of passive films under different current. Figure 8c
presents the equivalent circuit which is used to fit the impedance data of passive film. In
this model [13], Rs represents the solution resistance, Rct is the charge transfer resistance
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of passive film and Cdl is the corresponding double-layer capacitance. Table 3 lists the
electrochemical fitting parameters based on the equivalent circuit displayed in Figure 8c.
The dispersive exponent n means the deviation from the ideal capacitance, which always
lies from 0.5 to 1. As shown in Table 3, with the increase of current, the Rct value of passive
film increased firstly and then decreased. It reached the maximum of 9078 Ω·cm−2 with
the current of 100 A, which suggested that the compactness and stability of passive film
was the optimum.

Table 3. Fitting parameters of EIS results obtained from a proposed equivalent model.

Current Rs (Ω·cm−2) Cdl (F·cm−2) Rct (Ω·cm−2) n

90 10.3 3.50 × 10−5 5443 0.84
100 7.8 4.77 × 10−5 9078 0.92
110 4.7 8.12 × 10−5 5203 0.81

3.4. XPS Results and Corrosion Mechanism of Cladding Layer

The excellent corrosion resistance of 2205 duplex stainless steel is due to the spon-
taneous formation of a dense passive film on the surface in a corrosive environment. In
order to explore the corrosion resistance mechanism of 2205 duplex stainless steel cladding
layer under different current, XPS analysis was undertaken to provide more information
on the chemical composition of the passive films, finally the optimal process parameters
were obtained.

The results of XPS spectra obtained for the samples passivated at 0.3 VSCE in 3.5%
NaCl solution sputtered for 2 h are shown in Figure 9. The results indicated that the
constitution of the three species passive film were similar even if the current was different.
The observed spectra indicated the presence of Cr, Fe, Mo, Ni, O and C peaks. According
to the peak strength, Cr, Fe, Mo and Ni dominate the components of the passive film. The
peak intensity of the C element signal was small, so the C element may be an impurity
element introduced in the preparation process.

Figure 9. XPS spectra of passive film on the surface of 2205 DSS cladding layer after passivation for
2 h at 0.3 VSCE in 3.5% NaCl solutions.

Figures 10–14 present the Cr2p, Fe2p, Mo2p, Ni2p and O2p XPS spectra of three
different passive films, respectively. It can be seen from Figure 10 that the signal of
Cr2p performed primary three peaks, which represented the metal Cr (574.3 eV), Cr2O3
(576.4 eV) and Cr(OH)3 (577.3 eV). The composition proportion of Cr, Cr2O3 and Cr(OH)3
in the passive film of cladding layer was different on the condition of different currents. The
content of Cr2O3 in the passive film increased firstly and then decreased with the increase
of current. The content of Cr2O3 reached up to the maximum with the current of 100 A.
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Figure 10. Cr2p peak fitting of 2205 DSS cladding layer under different current. (a) 90 A; (b) 100 A;
(c)110 A.

Figure 11. Fe2p peak fitting of 2205 DSS cladding layer under different current. (a) 90 A; (b) 100 A;
(c) 110 A.

 
Figure 12. Mo2p peak fitting of 2205 DSS cladding layer under different current. (a) 90 A; (b) 100 A;
(c) 110 A.

 

Figure 13. Ni2p peak fitting of 2205 DSS cladding layer under different current. (a) 90 A; (b) 100 A;
(c) 110 A.
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Figure 14. O2p peak fitting of 2205 DSS cladding layer under different current. (a) 90 A; (b) 100 A;
(c) 110 A.

Figure 11 presents the iron profile performs three primary peaks: Fe (706.7 eV), FeO
(709.3 eV) and Fe2O3 (711.3 eV), which indicates Fe2+ and Fe3+ are the main types of iron
oxides in the passive film. The proportion of metal Fe was up to the maximum of 51.5%
when the current was 100 A.

Figure 12 shows that the molybdenum profile peaks of metals Mo, Mo4+ and Mo6+

could be detected in the passive film. Obviously, the metal Mo can be clearly observed in the
passive film, due to Mo being not easily oxidized such as Fe and Cr [29]. Mo can enhance
the compactness of passive film so as to improve the corrosion resistance of cladding layer.
Meanwhile, some literature has proved that the Mo element in passive film of 2205 DSS
can prevent the adsorption of Cl− to the surface of passive film and reduce the migration
rate of Cl− through the passive film [30]. As the current was 100 A, Mo6+ was the primary
constituent of passive film.

Figure 13 shows that the nickel profile performs one characteristic peak of metal
Ni (852.8 eV). The Ni element, which is an austenite forming element, can increase the
self-corrosion potential to enhance the corrosion resistance of steel [31].

Figure 14 shows the spectra of the passive film formed in the O2p region. Oxygen
species, O2− and OH− in passive film, play a role of connecting metal ions. O2p spectra
are split into O2− (530.2 eV) and OH− (531.8 eV). It can be seen that OH− and O2− are the
primary constituents of passive film, OH− corresponds to the formation of Mx(OH)y(M-
Metal), and O2− corresponds to the forming of MxOy.

When the cladding layer sample was immersed in 3.5% NaCl solution, a corrosion
mirocell was formed on the surface of the sample. The depolarization reaction of oxygen
took place at the cathode of micro cell, as shown in formula (1). In contrast, the dissolution
reaction of the metal matrix (Fe, Cr) occurred at the anode of micro cell, as shown in
formula (2~9) [32,33]. Based on EET theory, the smaller the covalent electrons number of
the strongest bond, the easier it is to form a new phase [32]. Many previous literatures
has proved that the covalent electron number nA of the strongest bond of Cr2O3 is 0.95284,
while nA of Fe2O3 is 1.12898. Obviously, the nA of Cr2O3 is smaller. Therefore, OH− in the
corrosion solution is adsorbed to the surface of cladding layer, it preferentially reacts with
Cr to form Cr2O3, and then it interacts with Fe to form Fe2O3 and FeO.

Cathode reaction:
O2 + H2O + 4e → 4OH− (1)

Anode reaction for Cr:

Cr + H2O → Cr(OH)ads + H+ + 2e− (2)

Cr(OH)ads + OH− → Cr(OH)2+ + 2e− (3)

Cr(OH)2+ + 2OH− → Cr(OH)3 (4)

2Cr(OH)3 → Cr2O3 + 3H2O (5)
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Anode reaction for Fe:

Fe + H2O → Fe(OH)ads + H+ + e− (6)

Fe(OH)ads + OH− → Fe(OH)2 + e− (7)

Fe(OH)2 + OH− → Fe(OH)3 + e− (8)

2Fe(OH)3 + 2OH− → Fe2O3 + FeO + 4H2O + 2e− (9)

After the corrosion reaction, many active sites formed on the surface of the passive
film, which resulted in the instability of oxide film [34]. However, Mo6+ formed the
hydroxide of Mo at these active sites, which helped to create a stable passive film. Some
literature shows that the presence of Mo6+ promotes the formation of Cr2O3 [35,36]. By
comparison, different currents have no effect on the element composition of passive film.
When the current was 100 A, chromium enrichment occurred in the oxide film protective
layer, especially the proportion of Cr2O3 increased significantly. Meanwhile, the proportion
of Mo6+ in the passive film was up to the maximum. Cr2O3 plays an essential role in
the corrosion resistance of passive film [37]. Therefore, the optimal process parameters
of 2205 DSS cladding layer obtained by plasma arc cladding technology are wire feeding
speed of 29 mm/s, welding speed of 6 mm/s, ion gas flow of 1 L/min, gas flow of 20 L/min,
Nozzle height of 10 mm and the current of 100 A.

4. Conclusions

The 2205 DSS cladding layer was prepared on the surface of a low carbon steel by
plasma arc cladding technology. The effects of different current on the macro morphology,
austenite/ferrite mass ratio and corrosion resistance of the cladding layer were studied.
The main conclusions were drawn as followings:

(1) The current increased from 80 A to 120 A, the dilution ratio of cladding layer increased,
and its macro morphology varied. When the current was 100 A, the forming of
cladding layer was continuous, complete and fine with the dilution ratio of 11.43%.

(2) Regardless of the current, the microstructure of cladding layer was composed of
austenite and ferrite. The mass ratio of austenite to ferrite in the microstructure
increased with the increase of current. It was up to the optimum of 1.207 with the
current of 100 A.

(3) When the current was 100 A, the self-corrosion potential of cladding layer was the
maximum while the corrosion current density was the minimum, and the corrosion
resistance of cladding layer was the optimum. The main reason was the existence
of Mo6+ in the passive film, which stabilized the passive film and promoted the
formation of Cr2O3.
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Abstract: The paper discusses the application of pulsed microwave radiation for the modification
of crystalline components of a high-energy material (HEsM). The model aluminized mixture with
increased heat of combustion was studied. The mixture contained 15 wt.% aluminum micron powder,
which was modified by microwave irradiation. It was found that the HEM thermogram has an
exo-effect with the maximum at 364.3 ◦C. The use of a modified powder in the HEM composition
increased the energy release during combustion by 11% from 5.6 kJ/g to 6.2 kJ/g. The reason for
this effect is the increase in the reactivity of aluminum powder after microwave irradiation. In this
research, we confirmed that the powders do not lose the stored energy, even as part of the HEM
produced on their basis. A laser projection imaging system with brightness amplification was used
to estimate the speed of combustion front propagation over the material surface. Measurement of
the burning rate revealed a slight difference in the burning rates of HEMs based on irradiated and
non-irradiated aluminum micropowders. This property can be demanded in practice, allowing a
greater release of energy while maintaining the volume of energetic material.

Keywords: aluminum micron powder; microwave radiation; energetic material; aluminized high-
energy material; high-speed imaging; laser monitor

1. Introduction

Nowadays, many studies are devoted to investigating aluminum powders and high-
energy materials on their basis [1–10]. One of the main research tasks is to increase the
specific heat effect of the oxidation of aluminum powders. The solution to this problem
is possible with the use of high-energy effects: gamma radiation, neutron flux, electric
explosion as a method for producing aluminum nanopowders, etc. [10–12]. An increase
in the specific thermal effect of oxidation of metal powders (in particular, aluminum)
is explained by the generation and accumulation of defects in the crystal structure of
the particles, as well as a change in the configuration of atoms at the grain boundaries
and the surface of the particles and is called ‘stored energy’ [11,12]. In particular, in
aluminum nanopowders, through such influences, it is possible to increase the specific
thermal effect of oxidation by 2.5 kJ/g [13]. In our previous study, we established that
aluminum powder significantly increases the thermal oxidation effect (~2.4 kJ/g) after
irradiation with the electron beam [14] and exposure to microwave (MW) radiation [15].
The use of MW radiation for these purposes is more expedient and environmentally friendly
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due to the relative safety of working with MW radiation, compared to the use of gamma
radiation, high-energy electron beams, or neutrons. Other researchers have demonstrated
that continuous MW radiation makes it possible to control the combustion process of
high-energy materials [16]. At the same time, high-power short-pulse MW radiation makes
it possible to generate defects in the crystal structure and on the surface of metal particles
but not to ignite them [15]. Such an accumulation of particle structure defects can be useful
for their application in high-energy compositions [12,13]. Therefore, it is necessary to
determine whether it is possible to improve the energy properties of high-energy materials
containing irradiated micron aluminum powders.

The aim of this work is to prove that MW irradiation is effective in increasing the
exothermal combustion effect of aluminized energetic material based on aluminum micron
powder. At the same time, it is important to understand whether the burning rate of
aluminized high-energy material changes when components irradiated with MW radiation
are used in its composition. Therefore, the aim of the work is also to estimate the burning
rate by visualizing the propagation of the combustion wave front on the surface of the
energetic material.

2. Experimental Technique and Material Characteristics

In the experiments, we used the aluminum micron powder produced by spraying
liquid aluminum in an inertial medium. The microscopic image of the aluminum micron
powder obtained by the JEOL JEM-2100F transmission electron microscope is presented in
Figure 1. The particle size distribution was near lognormal with a maximum of 3.5 μm. The
particle size distribution was measured using a Shimadzu nanoparticle size distribution
analyzer (SALD-7101). The powder contained less than 90 wt.% of active aluminum.
The exothermal oxidation effect of the micron powder in air was 5.43 kJ/g; the starting
temperature of oxidation was 354.8 ◦C.

 

Figure 1. Microscopic image of the aluminum micron powder.

The elementary composition of the micron powder was determined by neutron acti-
vation analysis (NAA) [17]. The activation was carried out with a thermal neutrons flux
of 5 × 1013 neutrons/cm2·s in a ‘dry’ vertical channel of an IRT-T research nuclear reactor
(Tomsk Polytechnic University, Tomsk, Russia). The analysis determined that the powder
contained 14 different elements (Table 1). According to Table 1, the total impurity content
in the micron powder was lower than 1.6 wt.%. Therefore, the oxidation of impurities did
not make a significant contribution to the specific thermal effect of oxidation.
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Table 1. Results of neutron activation analysis of aluminum micron powders.

Element Content, (μg/g)
Standard Enthalpy of Metal

Oxidation, −H0, [kJ/mol]

1 Fe 1127.1934 822.2
2 Ga 265.6707 1089.0
3 Na 114.4161 513.2
4 Zn 32.4767 350.6
5 Cr 11.6218 1140.6
6 Ce 1.9393 125.8
7 Co 1.1021 239.3
8 Mo 0.7081 745.2
9 Sb 0.6379 1007.5
10 Hf 0.2700 1175.5
11 U 0.2449 1224.0
12 W 0.1821 842.9
13 Sc 0.0947 1908.6
14 Sm 0.0493 1822.6

The aluminum micron powder was irradiated by pulsed MW radiation with a fre-
quency of 2.85 GHz and an average power density of 8 kW/cm2. The pulse duration was
25 ns and the pulse rate was 400 Hz. The choice of these parameters was due to the require-
ment that exposure to MW radiation should not lead to sintering or ignition of the powder.
Thus, to initiate powder activation processes, a pulsed exposure mode was required, the
parameters of which were selected experimentally. The S-band with a frequency exceeding
the frequency of household microwave ovens (2.45 GHz), at which the maximum effect on
water molecules occurs, was chosen as the frequency range of exposure. The pulse duration
and repetition rate were selected experimentally. They were chosen as minimally possible,
at which a corona discharge occurs between the particles (Video S1 in Supplementary
Materials), but the particles do not sinter and significantly heat up. Irradiation was carried
out in air. The powder temperature during irradiation was monitored by an IR camera and
did not exceed 40 ◦C. Thus, it was insignificant and did not lead to the melting and sintering
of the powders. We used the facility for metal powder irradiation in air by MW radiation
presented in our previous work [15]. The differential thermal analysis (DTA) [18] of the
samples was carried out using an SDT Q600 thermogravimetric analyzer (TA Instruments,
New Castle, DE, USA). The experimental study of the burning velocity and combustion
heat was conducted to analyze the MW irradiation influence on the burning characteristics
of aluminized blended HEM. A similar model composition was used earlier in [8]. The
model HEM was obtained by mixing aluminum micron powder with ammonium per-
chlorate and polymer binder. The mixtures were compacted and dried up. Samples of
aluminized blended HEM contained 15.8% inert burning binder (trademark SKDM-80),
69.2% ammonium perchlorate, and 15% non-irradiated aluminum powder (mixture A) and
irradiated (mixture B). This percentage composition is optimal for model studies [1]. The
cylindrical samples were produced by continuous compaction with a compaction pressure
~2 × 105 Pa. The hardening was carried out for 24 h at a temperature of 20 ◦C. The samples
were 30–35 mm high and 10 mm in diameter. Their density was 1.70–0.01 g·cm−3 and their
mass was 1.7–2.0 g.

The complexity of visualizing the surface of burning high-energy materials is caused
by the intense glow and scattering of combustion products, which requires the use of the
‘through the flame’ imaging techniques [19,20]. The energetic composition studied in this
work belongs to such materials. In the process of combustion, the products scattered, the
samples completely lost their shape. The linear burning rate in the air under atmospheric
pressure was measured by high-speed laser monitoring. The laser monitor is a laser
projection microscope modified with a high-speed camera [21]. The technique of burning
rate measurement for aluminum nanopowder mixtures and HEM using high-speed laser
monitoring was discussed previously in [20]. Figure 2 presents the laser monitor scheme.
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The image in the laser monitor was formed by a system consisting of a concave mirror and
a focusing lens, providing a distance to the object of the study equal to 50 cm. The optical
scheme allowed us to obtain an observation area with a diameter of ~6 mm and a spatial
resolution of 25 μm. The laser monitor was built based on the laboratory-made copper
bromide brightness amplifier with a gas-discharge tube aperture of 1.5 cm and a length
of the active area of 50 cm. The tube generated 20 μJ pulses of amplified spontaneous
emission at 510.6 nm wavelengths and ~0 μJ at 578.2 nm operating at 20 kHz pulse repetition
rate [22]. The laser emission of the imaging system had no visible effect on the object of
study. The images were recorded using a high-speed digital camera Phantom Miro C110
allowing 900 frms/sec imaging rate with 1280 × 1024 pixels resolution. The surface area of
4.5 × 3.6 mm2 was visualized.

 

Figure 2. Scheme of the laser monitor. 1—Sample; 2—stage; 3—concave mirror; 4—lens;
5—brightness amplifier; 6 and 8—filters; 7—lens; 9—high-speed camera.

A calorimetric unit in Figure 3 was used to measure the heat of combustion. The
sample was placed in a crucible, and then it was burned in the calorimeter-burning cham-
ber, surrounded by water, under an initial oxygen pressure of 2 MPa. Then, the water
temperature in the calorimeter chamber was determined. The heat of combustion of the
material in the calorimeter-burning chamber was calculated based on the measurement of
the water temperature in the calorimeter. The heat of combustion is given by:

Q = (CΔT ± ΔQ)/m (1)

where C—the heat capacity of water; ΔT—the change in the water temperature in the
calorimetric chamber; ΔQ—the correction factor to take into account the heat exchange
with the environment, which characterizes heat losses and does not exceed 1%; and m—the
mass of the sample.

The effect of irradiation conditions on the content of metallic Al in the samples was
studied by measuring the volume of hydrogen released during the interaction of a powder
sample with an alkali solution [23]. The measuring unit consisted of a flask (250 mL), a
burette (50 mL) and an equalizing funnel filled with an alkali solution and a saturated
NaCl solution, respectively. When Al interacts with an alkali solution, gaseous hydrogen is
released, which makes it possible to fix the volume of gas with a burette and calculate the
content of metallic Al in the sample from the following chemical reaction:

2Al + 2NaOH + 6H2O = 2Na[Al(OH)4] + 3H2 (2)

It has been previously suggested that the change in the thermochemical parameters
of aluminum powders after irradiation is associated with the partial destruction of the
particle oxide shell. This assumption is confirmed by studies of the MW radiation effect on
the structure and phase transitions in aluminum oxide and hydroxide [24–26]. In this work,
we carried out model studies on the effect of MW radiation on an amorphous sample of
Al oxyhydroxide, which, in its phase composition, imitates the composition of the surface
of aluminum powder particles. Al oxyhydroxide was obtained by precipitation from an
aqueous mixture of aluminum chloride (AlCl3·6H2O) with an ammonia solution (25%).
After that, the precipitate was dried at room temperature for 24 h and then calcined at
250 ◦C in air for 4 h.
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Figure 3. Scheme of the calorimetric unit. 1—Chamber; 2—agitator; 3—ignition device; 4—crucible
with sample; 5—calorimeter body; 6—electric motor.

3. Results and Discussion

We applied a differential thermal analysis to the irradiated samples of the aluminum
micron powder that were heated in air up to 1250 ◦C [14,15,17]. The advantage of the DTA
method is the ability to study the state of the oxide layer on the surface of metal particles
and determine the dependence of the properties of the particles on the state of the layer [27].
The specific thermal effect of their oxidation was 5.43 kJ/g before MW irradiation. Table 2
presents the DTA results for the irradiated aluminum micron powder with different MW
exposure duration. According to the experimental results, the thermal oxidation effect of
the aluminum micron powder depends on the time of irradiation. After irradiation for
15 s (optimal), the specific thermal effect of their oxidation increased by 56% and reached
8.48 kJ/g (sample #4). Therefore, sample #4 was chosen for further analyses and model
HEM production.

Table 2. Thermochemical characteristics of the aluminum micron powders after pulsed MW irradiation.

Microwave
Exposure
Durations

Exothermal
Oxidation
Effect, kJ/g

Oxidation Start
Temperature, ◦C

Weight Gain
Due to

Oxidation, %

1 0 5.430 354.85 57.5
2 5 5.391 455.99 58.8
3 10 8.077 405.63 57.8
4 15 8.480 385.31 68.2
5 20 7.156 445.81 61.1
6 25 8.152 443.39 59.4
7 30 7.961 429.72 59.5

The aluminum powder did not change the morphology of the particles after irradiation.
The particle size distribution before and after MW irradiation remained virtually unchanged
(Figure 4). Aluminum micropowder has a bimodal distribution in the submicron and
micron regions. In this case, under MW irradiation, the distribution maximum in the
submicron region is shifted towards smaller sizes. This is probably a consequence of the
deagglomeration of particles under the action of microwaves.
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Figure 4. Particle size distributions of non-irradiated (a) and MW irradiated (b) micron powders.

Table 3 presents the results of measurements of the content of metallic aluminum by
the volumetric method at different exposure times to MW radiation. The data obtained
demonstrate that after exposure to MW radiation, the irradiated samples contained a
metallic Al phase, which was absent in the non-irradiated sample. This effect is explained
by the reduction of Al oxide in the oxide–hydroxide shell of particles with the formation of
metallic Al.

Table 3. Content of metallic aluminum after MW irradiation.

Microwave Exposure
Duration, s

wt. (Al), %

1 0 90.0
2 5 91.0
3 10 91.5
4 15 93.0
5 20 91.5

Figure 5 presents the results of transmission electron microscopy (TEM) of Al oxy-
hydroxide samples before and after exposure to MW radiation, as well as the electron
diffraction patterns of the samples obtained during microscopic examination. As a result
of exposure to MW radiation in the amorphous matrix of Al oxyhydroxide, spheroidal
structures up to 100 nm in size are formed, which have a higher density compared to the
density of the original material. The position of the reflections on the electron diffraction
pattern corresponds to the interplanar distances characteristic of the crystal lattice of metal-
lic aluminum. Thus, there is a reviving of metallic aluminum from aluminum oxyhydroxide
because of exposure to MW radiation.
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Figure 5. TEM micrographs and electron diffraction patterns of Al oxyhydroxide (a) before and
(b) after MW irradiation.

The results of the study of the content of metallic Al and the results of TEM confirm
the conclusion that the MW irradiation of aluminum powder increases the reactivity due
to an increase in the oxide shell permeability and oxidation rate. Therefore, the partial
radiation energy is stored by defects in the particle structure [11,13].

Thermograms of the model HEM were obtained with non-irradiated aluminum micron
powder (Figure 6) and the same powder (Figure 7) after MW irradiation in air. According
to the DTA results, a sample with irradiated aluminum powder (Figure 7) oxidized much
faster than a sample with non-irradiated aluminum (Figure 6) at ~300 to 650 ◦C. This is
evidenced by a smoother and more extended exo-effect on the thermogram in Figure 6
(indicated by 1) compared to the ‘needle-like’ exo-effect shape in Figure 7 (indicated by 1).
The most likely cause of this ‘needle-like’ shape is the increase in the reactivity of the powder
after MW irradiation. A faster oxidation of aluminum particles occurs due to an increase in
the permeability of the oxide shell for the oxidizer [15]. In addition, the thermogram of the
oxidation of the mixture with irradiated aluminum powder demonstrates the exo-effect
in the temperature range from ~680 to ~1150 ◦C (indicated by 2). The increase in the
heat of oxidation is probably due to a decrease in the agglomeration of the powder, the
partial reduction of aluminum in the shell, and an increase in the content of unoxidized
aluminum in the powder. This experimentally detected increase in the heat of oxidation
after irradiation with short-pulse MW radiation is comparable in magnitude to the effect
(~2.5 kJ/g) for aluminum nanopowder after irradiation with gamma radiation and electron
beams in [13].

The burning rate was studied in this work with the samples of the HEM having the
shape of a cylinder with a diameter of 8 mm and a height of 12 mm. The sample was
placed horizontally and secured using a mesh form in the central part where there was an
observation gap for laser monitoring, similar to work [20]. Figure 8 presents the frames of
high-speed imaging obtained for non-irradiated aluminum micron powder combustion.
Combustion was initiated with the gas burner; therefore, it was not possible to register
the exact moment of ignition. The operator triggered the camera recording when a visible
flame appeared.

The use of a laser monitor makes it possible to observe the surface of the sample
during combustion. Despite the high brightness and scattering of combustion products,
the laser monitor successfully records the changes in the sample surface. In particular,
we can clearly monitor the propagation of the burning front and estimate its rate using
this imaging technique. The visible combustion front clearly separates the homogeneous
surface of the source material from the inhomogeneous surface of the burning material. The
arrows and dotted lines mark the position of the burning front during combustion. For the
edges’ identification, we varied the brightness and contrast of the images converted to the
gray scale and compared neighboring pixels. This approach was sufficient for determining
the front position with an accuracy of 5–10 pixels.

57



Crystals 2022, 12, 446

Figure 6. Thermogram of the model HEM obtained with non-irradiated aluminum micron powder
(heating rate is 10 ◦C/min in air). 1—exo-effect.

Figure 7. Thermogram of the model HEM obtained with irradiated aluminum micron powder
(heating rate is 10 ◦C/min in air). 1, 2—exo-effects.
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Figure 8. Frames of high-speed imaging of non-irradiated aluminum micron powder combustion:
(a) original frames at different moments of time during combustion; (b) gray scale representation of
the same images with brightness/contrast fitting; f—current position of the burning front.

Table 4 presents the results of the burning rate measurement using high-speed imag-
ing with the laser monitor. Six samples with the same size were under the study. The
measurement of the burning rate using a laser speed imaging system demonstrated a
slight difference in the burning rate of HEMs based on irradiated and non-irradiated
aluminum micropowder.

Table 4. The burning rate of the samples.

The Initial Temperature of
the Sample, ◦C

Type of the Composition Average Burning Rate, mm/s

20
A (non-irradiated) 1.57 ± 0.04

B (irradiated) 1.52 ± 0.03

Table 5 presents the results of the combustion heat measurement. The analysis of
measurement results demonstrates that the irradiated samples (group B) have 11% higher
combustion heat than the non-irradiated samples (group A). The energy release of the HEM
with irradiated powder reached 6.2 kJ/g. However, the burning rate did not depend on the
type of aluminum powder (non-irradiated or irradiated).

Table 5. The combustion heat of the HEM samples.

Group Q, kJ/g

Group A (non-irradiated) 5.6 ± 0.1
Group B (irradiated) 6.2 ± 0.1

According to the data in Tables 4 and 5, the use of irradiated aluminum micropowder
in the composition of HEM allows the increase in the energy of combustion of the material,
while maintaining an unchanged combustion rate. This is necessary for those applications
when it is required to increase the heat release in mixtures while maintaining the same
speed of the technological process or the volume of reagents (for example, for welding
thermites, fuel compositions, etc.).

4. Conclusions

This work proved the results of our earlier study [15] that discovered that irradiated
powders were capable of storing the radiation energy due to an increase in the surface
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charge of metal particles, thus increasing their reactivity. This assumption is theoreti-
cally confirmed by [28], which demonstrates that the microwave field in nanoparticles
is absorbed not only by the core of the nanoparticles but also by the oxide shell of the
nanoparticles. We achieved this effect in metal micron particles using short-pulse mi-
crowave radiation, in contrast to the works of other researchers who observed a similar
effect using hard radiation: high-energy electrons, gamma rays, or neutrons. Exothermal
oxidation effect increased from 5.43 to 8.48 kJ/g (by 1.56 times) when irradiated with a
frequency of 2.85 GHz, an average power density of 8 kW/cm2, a pulse duration of 25 ns,
and a pulse rate of 400 Hz during 15 s.

In this work, based on the study of aluminum micropowder, we confirm that the
stored energy during the irradiation of the initial micropowder is not lost when the microp-
owder becomes part of the high-energy mixture. The heat of combustion of the modified
aluminized model composition in the bomb calorimeter increased by 11% (or 0.6 kJ/g)
from 5.6 kJ/g for non-irradiated to 6.2 kJ/g for MW irradiated micropowder. Meanwhile,
the burning velocity does not depend on the type of powder used in the HEM composi-
tion (microwave-irradiated or non-irradiated). Therefore, the application of the irradiated
Al micron powder could improve the exothermal characteristics of the HEM without
compromising the linear burning rate.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/cryst12040446/s1, Video S1: Video of the process of exposure to
microwave radiation. The micropowder is placed in a glass vessel, which is placed in the window of
the microwave waveguide. During exposure, a blue glow is observed.
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Abstract: CoCrNi medium-entropy alloy has superior cryogenic properties with simultaneous growth
of strength and plasticity at low temperatures. In order to observe the microstructure and deformation
behavior of the alloy at the atomic scale, its mechanical properties and deformation mechanism at dif-
ferent temperatures and strain rates were investigated using molecular dynamics. It is indicated that
the alloy’s strength was enhanced at low temperatures and high strain rates due to the production of
high dislocation density. The introduction of grain boundaries significantly decreased the dislocation
density during the alloy’s deformation and correspondingly reduced the crystal strength. However,
the introduction of twin boundaries in polycrystalline grains obviously enhanced the strength of the
polycrystal, especially at the twin boundary spacing of 3.08 nm. The strength’s enhancement was
attributed to the increasing dislocation density produced by the interaction between twin boundaries
and dislocations during deformation.

Keywords: medium-entropy alloy; twin boundary; mechanical properties; molecular dynamics

1. Introduction

Medium-entropy alloys (MEAs) are a new class of metallic structural materials with
great potential for application, which are composed of multiple principal elements in equal
or near equal molar ratio distributed on the topologically ordered crystallographic lattices
with a high chemical disorder [1,2]. Currently, MEAs are attracting extensive research
interest, particularly the face-centered cubic (FCC) phase CrCoNi MEA, which has been
found to display excellent mechanical properties, including high fracture toughness and
high strength [3,4]. Compared to room temperature, the strength, ductility, and toughness
of the CoCrNi alloy increased simultaneously at cryogenic temperatures, reaching strength
of more than 1.3 GPa and failure strains up to 90% [4].

Previous studies have shown that the FCC-phase CoCrNi MEAs exhibit excellent me-
chanical properties due to the relatively low stacking fault energy (SFE) value (18 mJ/m2) [5,6].
The lower SFE makes it easier to produce more nanotwins during deformation, resulting in
better mechanical properties, especially at cryogenic temperatures [6]. At present, studies of
SFE, dislocation, and nanotwins in MEAs are mainly conducted on the basis of experiments.
Woo et al. [7] investigated dislocation density, twin fault probability, and SFE of CoCrNi-
based MEAs deformed at different temperatures by using in-situ neutron diffraction and
peaks profile analysis methods. Cao et al. [8] investigated plastic deformation mechanisms
in FCC materials with low SFE by using transmission electron microscopy. However, ex-
perimental investigations can hardly track the microstructure changes during deformation
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in real time. Molecular dynamics (MDs) simulations are an effective tool to investigate
the relationship between microstructure and properties at the atomic scale [9]. Atomic
simulations have been demonstrated to provide real-time and atomic-scale monitoring
of the deformation processes, such as nucleation and movement of dislocation [10–12].
Therefore, in the present study, we employed MDs to study the microstructure and me-
chanical properties of CoCrNi single crystals (SCs) at different temperatures and strain
rates. Then, we inserted grain boundaries (GBs) and twin boundaries (TBs) to further study
the deformation mechanism of polycrystals. The effects of GBs and TBs on the mechanical
properties of MEAs were revealed by comparative analysis, which will help to design
strong and highly ductile nanotwinned MEAs.

2. Simulation Methods

The atomic-scale SC model is shown in Figure 1a. The SC was oriented with its
<100>, <010>, and <001> aligned respectively with the x-, y-, and z-axes. The average
lattice parameter of the CoCrNi alloy is 3.559 Å, and the cohesive energy obtained at this
point is -4.32 eV/atom. In order to study the effect of crystal orientation on mechanical
properties, another model with different crystal orientations was established. This sample
was oriented with its <001>, <110>, and <110> aligned with the x-, y-, and z-axes. For
the polycrystalline model, eight randomly oriented grains were created using the Voronoi
construction method [13]. The obtained polycrystalline structure is shown in Figure 1b. For
polycrystals with nanotwins, single crystals with certain twin boundary spacing (λ = 1.85,
2.47, 3.08, 3.70, and 4.32 nm) were constructed first, and then polycrystals with nanotwins
were constructed through the Voronoi construction method, as shown in Figure 1c. The sizes
of MEA samples were 106.77 × 106.77 × 106.77 Å in X, Y, and Z directions (~108,000 atoms).
Three types of atoms were equimolarly randomly distributed. Periodic boundary conditions
were employed in all three directions. The timestep was always 1fs in the simulation. The
conjugate gradient algorithm was used to minimize the energy of all samples. The energy
tolerance and force tolerance were 10−12 and 10−12, respectively. Various temperatures (77,
300, 500, and 800 K) were calculated. For every temperature, the samples were relaxed
by the Nose–Hoover isobaric-isothermal (NPT) ensemble for 100 ps. After the balancing
process, the samples were deformed at a strain rate of 1 × 108 to 1 × 1010 s−1 along the
Z direction.

 

Figure 1. CoCrNi MEA model of FCC phase simulated by MD. (a) SC, (b) polycrystal, (c) polycrystal
with TB spacing λ = 1.83 nm. FCC atoms are colored green, GBs are colored white, TBs are colored red.

All models were constructed by Atomsk software. Molecular dynamics calculations
were performed using the Large-Scale Atomic/Molecular Massively Parallel Simulator
(LAMMPS) [14]. The atomic interaction in CoCrNi MEA adopted the embedded atom
method (EAM) potential developed by Li et al., which has been used in some MD studies
involving nucleation and motion of dislocation [15]. The Ovito software was used for
visualization and statistical analysis of structures [16]. Common neighbor analysis (CNA)
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and dislocation extraction algorithm (DXA) were used to identify lattice structures and
dislocations [17–19].

3. Results and Discussion

3.1. Single Crystalline MEA
3.1.1. Effect of Temperature

The stress-strain curves of CoCrNi MEA under tension and compression at different
temperatures are shown in Figure 2. With increasing the temperature from 77 to 800 K,
the tensile strength along the <110> direction decreases from 13.75 to 6.60 GPa (Table 1).
Different from the linear elastic deformation region that occurs in the <001> direction, the
stress of the samples grows nonlinearly throughout the elastic deformation region when
tensioned in the <110> direction, as shown in Figure 2a. In addition, the tensile strength
of the samples along the <110> direction decreases significantly. This is presumably due
to the anisotropy of materials, where the <110> direction has a higher density of atomic
arrangement and is more prone to slip deformation. In this study, compression of CoCrNi at
different temperatures was also calculated. Similar to the tensile strength, the compressive
strength decreases with increasing temperatures, as shown in Table 1 and Figure 2b.

Figure 2. (a) Tensile stress-strain curves in <001> and <110> directions at different temperatures,
(b) compressive stress-strain curves in <001> direction at different temperatures.

Table 1. Tensile and compressive strength of CoCrNi at different temperatures.

Temperatures
Tensile Strength (GPa) Compressive Strength (GPa)

<001> <110> <001>

77 K 13.75 8.07 4.93
300 K 11.36 7.01 4.40
500 K 9.30 5.95 3.81
800 K 6.60 4.52 2.91

In order to study the effect of temperature on the mechanical properties and de-
formation behavior, the stress and structural evolution during compression at different
temperatures were investigated. As shown in Figure 3, FCC atoms dominate during the
elastic deformation. The body-centered cubic (BCC) atoms emerge with the strain increased,
leading to a decrease in the slope of the nonlinear elastic region. After reaching the maxi-
mum value, the stress starts to drop, at which time the hexagonal close-packed (HCP) atoms
rapidly generate and expand from the BCC atomic aggregation. The massive formation
and accumulation of dislocations, mainly Shockley dislocations (the green line in Figure 4
represents the Shockley dislocation) slow down the stress drop. Compared with the short
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dislocations generated at high temperatures, the long and twisted dislocations generated
at low temperatures have a greater inhibitory effect on the stress drop, which results in a
faster stress drop at high temperatures than at low temperatures, as shown in Figure 4.

Figure 3. Stress and structural evolution of CoCrNi SCs at 77 K (a), 300 K (b), 500 K (c), and 800 K (d).
Green, blue, and red represent the atoms of FCC, BCC, and HCP structures, respectively. The arrows
indicate the microstructure of the alloy when the strain is 0%, 3%, 6%, 9%, 12% and 15%.

 

Figure 4. Dislocation distribution at 77 K (a), 300 K (b), 500 K (c), and 800 K (d) under the same
strain rate.

3.1.2. Effect of Strain Rate

The mechanical properties of CoCrNi MEA at different strain rates of 1 × 108, 1 × 109,
and 1 × 1010 s−1 are shown in Figure 5 and Table 2. As the strain rate increases, the
elastic modulus is constant, while the maximum stress increases significantly. As shown in
Figure 5a, the maximum tensile stress along the <110> direction is lower than that in the
<001> direction because the higher density of atomic arrangement in the <110> direction
makes slip deformation easier. To further analyze the mechanical and structural responses
at different strain rates during the compression process, the stress and structural evolution
at strain rates of 1 × 108, 1 × 109, and 1 × 1010 s−1 were tracked. Until the strain reaches
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~5%, the atoms maintain the FCC structure and the stress increases linearly with the increase
of strain. After the strain reaches ~5%, some of the atoms deviate from their equilibrium
positions and rearrange themselves into BCC structure with lower coordination number,
leading to a decrease in the slope of the nonlinear elastic region. At the beginning of plastic
deformation at strain rates of 1 × 108 s−1, the HCP structure rapidly generates and expands,
resulting in a sharp decrease in stress, as shown in Figure 6a. However, after the plastic
deformation begins at strain rates of 1 × 1010 s−1, many small stacking faults (SFs) are
formed, which intersect each other and eventually form a dense three-dimensional network
of SFs, as shown in Figure 6b. The network hinders the further growth of small dislocation
loop and thus, the stress drop is delayed.

Figure 5. (a) Tensile stress-strain curves in direction <001> and <110> at different rates, (b) compres-
sive stress-strain curves in direction <001> at different rates.

Table 2. Tensile and compressive strength of CoCrNi at different strain rates.

Strain Rates
Tensile Strength (GPa) Compressive Strength (GPa)

<001> <110> <001>

1 × 108 s−1 10.96 6.76 4.27
1 × 109 s−1 11.32 7.01 4.34
1 × 1010 s−1 12.59 7.30 4.38

Figure 6. Stress and structural evolution of CoCrNi SCs at strain rates of 1 × 108 s−1 (a) and
1 × 1010 s−1 (b). Green, blue, and red represent the atoms of FCC, BCC, and HCP structures, respectively.
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3.2. Polycrystalline MEA

Ideal SCs of a certain size are extremely rare in nature. The alloys in practical applica-
tions are usually polycrystals. Therefore, we further discussed the mechanical behavior
and deformation mechanism of CoCrNi polycrystals.

Figure 7 shows the structural evolution of CoCrNi polycrystals at different strains
when stretched at 77 K. During the deformation, SFs and nanotwins generate and expand.
With the increase of strain, GBs slip and the proportion of atoms in the disordered state at the
GBs increases. In order to consider the effect of temperature on the mechanical properties
and deformation behavior of polycrystals, the stress-strain curves at different temperatures
are shown in Figure 8. Similar to the effect of temperature on mechanical properties at SCs,
the tensile strength and modulus of elasticity increase with decreasing temperature. By
comparing the structure and dislocation distribution after tension at different temperatures,
it can be found that the deformation at low temperature is dominated by dislocation
movement, and the deformation at high temperature is dominated by GBs slip, as shown
in Figure 9.

 

Figure 7. Structural evolution of CoCrNi polycrystals at different strains.

Figure 8. Stress-strain curves of CoCrNi polycrystals at different temperatures.
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Figure 9. Structure and dislocations of CoCrNi polycrystals at 10% strain at 77 K (a,b), 300 K (c,d),
500 K (e,f), and 800 K (g,h).

3.3. Nanotwinned MEA

As can be seen from the work on SCs and polycrystals, a large number of dislocations
and nanotwins are generated during the deformation process. The effect of dislocations
on the mechanical properties and deformation behavior is obvious. However, the role
of nanotwins is not reflected. Therefore, in this part, nanotwins with different spacing
(λ) were introduced in the initial polycrystalline model to investigate the effect of TBs on
mechanical performance of CoCrNi MEA.

3.3.1. Effect of Strain Rate

In this study, the effect of TB spacing on the mechanical properties was investigated
using polycrystals with nanotwins as the research object. Figure 10a shows the stress-strain
curves of samples with different TB spacing at 300 K. The stress of all stress-strain curves
decreased after reaching maximum stress, which was commonly found in MD simulations
and attributed to the nucleation of dislocations [20,21]. As shown in Figure 10b, with the
increase of λ, the maximum stress increases firstly and then decreases after λ = 3.08 nm.

Figure 10. (a) Stress-strain curves of samples with different λ (from 1.85 to 4.32 nm) at 300 K,
(b) maximum stress at different λ at 300 K.
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In order to further reveal the effect of λ on mechanical properties of CoCrNi MEAs,
the structures and dislocations of samples with different λ at 10% strain are shown in
Figure 11d–i. For comparison, the initial structures with different λ are also displayed, as
shown in Figure 11a–c. When λ = 1.85 nm, partial Shockley dislocations are perpendicular
to and interacting with TBs. When λ = 3.08 nm, the dislocations are no longer perpendicular
to the TBs. At this time, a large number of dislocations are entangled with each other,
resulting in an increase in the density of dislocations, which improves the mechanical
properties of the alloy. When λ = 4.32 nm, the interaction among TBs weakens and the
dislocations reduce. Thus, the ability to delay stress drop is reduced.

 

Figure 11. Initial structures at 300 K with TB spacing of (a) 1.85 nm, (b) 3.08 nm, and (c) 4.32 nm,
structure of the samples at the strain of 10% with TB spacing of (d) 1.85 nm, (e) 3.08 nm, and
(f) 4.32 nm, and dislocations of the samples at the strain of 10% with TB spacing of (g) 1.85 nm,
(h) 3.08 nm, and (i) 4.32 nm.
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3.3.2. Effect of Temperature

In order to investigate the effect of temperature on the mechanical properties of
polycrystals with nanotwins, tensile tests at 77, 300, 500, and 800 K were conducted. The
stress-strain curves of samples at different temperatures are shown in Figure 12a–d. As
the temperature increases, the tensile strength decreases. Similar to the previous trend
exhibited at 300 K, the trend of the maximum stress of the samples at other temperatures
increases and then decreases with decreasing λ, reaching a maximum at λ = 3.08 nm
(Figure 12e). To further understand the effect of temperature on the mechanical properties
of polycrystals with nanotwins, the deformation mechanism and dislocation movement of
the alloy at different temperatures were studied. The structure and dislocations at different
temperatures are shown in Figure 13. At high temperatures, the GBs slip is obvious.
The proportion of disordered atoms at the GB increases, and the dislocation density is
small. At low temperatures, dislocations move more slowly, which may lead to dislocation
entanglement, resulting in higher dislocation density. The high dislocation density delays
the stress drop and enhances the mechanical properties of the alloy. With the decrease
of temperature, the deformation mechanism dominated by the GBs slip changes to that
dominated by dislocation slip.

In order to reveal the effects of GBs and TBs on the mechanical properties of CoCrNi
MEAs, we compared the tensile results of SCs, polycrystals, and polycrystals with nan-
otwins under the same conditions. As shown in Figure 12f, SCs have the highest strength,
followed by polycrystals with nanotwins and polycrystals without nanotwins. Polycrys-
tals have different crystal orientations, complicated GBs, and many lattice defects; there-
fore, the polycrystals have the smaller strength compared with SCs. Then, comparing
Figures 9 and 13, we found that the introduction of nanotwins increased the dislocation
density of the polycrystals due to the interaction between the nanoscale TBs and disloca-
tions, which further improves the strength of polycrystals. Liang et al. [22] investigated
the deformation mechanism of the CoCrNi alloy with a high density of annealing twins
by in situ transmission electron microscopy and also found that TBs not only strengthen
the material by hindering the motion of dislocations but also act as a dislocation source to
produce slip bands. In addition, Deng et al. [23] also tailored mechanical properties of a
CoCrNi medium-entropy alloy by controlling nanotwin-HCP lamellae and annealing twins.
Therefore, TBs significantly affect the mechanical properties, and introducing appropriate
TB spacing will help to realize the strengthening of the alloy.
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Figure 12. Stress-strain curves of samples with different TB spacing at 77 K (a), 300 K (b), 500 K
(c) and 800 K (d), (e) maximum stress for samples with different spacing at different temperatures,
(f) maximum stresses of SCs, polycrystals, polycrystals with nanotwins at different temperatures.
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Figure 13. Structure and dislocations of CoCrNi samples with λ = 3.08 nm at 10% strain at 77 K (a,b),
300 K (c,d), 500 K (e,f), and 800 K (g,h).

4. Conclusions

In this study, the effects of temperature, strain rate, and TB spacing on the mechanical
properties and deformation mechanisms of CoCrNi MEAs were investigated by MD simu-
lations. The following conclusions were obtained through a series of comparative analyses:

(1) The strength of CoCrNi increases with the decrease of temperature and the increase
of strain rate because the dislocations in the crystal are more intensive at low temperature
and high strain rate;

(2) The introduction of defects such as GBs and nanotwins can greatly reduce the
strength of SCs;

(3) The presence of TBs can effectively enhance the strength of the polycrystals. The
strength increases with the increase of TB spacing when λ is lower than 3.08 nm, and
decreases with the increase of spacing when it is higher than 3.08 nm.
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Abstract: The hot tensile deformation and fracture mechanisms of a Ti-5Al-5Mo-5V-1Cr-1Fe alloy with
bimodal and lamellar microstructures were investigated by in situ tensile tests under scanning electron
microscopy (SEM) and electron backscatter diffraction (EBSD). The results show that the main slip
deformation modes are prismatic slip ({1100}<1120>) and pyramidal slip ({1101}<1120>) under tension
at 350 ◦C. In the bimodal microstructure, several parallel slip bands (SBs) first form within the primary
α (αP) phase. As the strain increases, the number of SBs in the αP phase increases significantly and
multislip systems are activated to help further coordinate the increasing deformation. Consequently,
the microcracks nucleate and generally propagate along the SBs in the αP phase. The direction of
propagation of the cracks deflects significantly when it crosses the αP/β interface, resulting in a
tortuous crack path. In the lamellar microstructure, many dislocations pile up at the coarse-lath α (αL)
phase near the grain boundaries (GBs) due to the strong fencing effect thereof. As a result, SBs develop
first; then, microcracks nucleate at the αL phase boundary. During propagation, the cracks tend to
propagate along the GB and thus lead to the intergranular fracture of the lamellar microstructure.

Keywords: Ti alloy; microstructure evolution; hot tensile deformation; fracture mechanism

1. Introduction

Near-β-titanium alloys have been widely used in aerospace applications as important
structural materials, such as in aeroengine compressor disks and turbo blades, due to
the excellent corrosion resistance, high-temperature mechanical properties, and creep
performance [1–3]. The damage and fracture behaviors of titanium alloy subject to high-
temperature environments are very important for the safety of aerospace systems [4,5]. The
improvement in high-temperature performance and service security of titanium alloy is
always a focus among researchers exploring both the deformation and fracture behaviors
of titanium alloys at high temperature [6–8].

Recently, the microstructural evolution and deformation mechanism of titanium al-
loys during thermal deformation processes have been studied: these were found to be
closely associated with the size, volume, morphology, and distribution of the α phase [9,10].
Luo et al. [11] discovered that the flow stress of Ti-6Al-4V alloy increases with the volume
fraction of equiaxed α phase but decreases with α-grain size. Wang et al. [12] found that
the effects of microstructure on the deformation mechanism of TG6 alloy were mainly
determined by the morphology and size of the αL and α colonies (small α phases lying
parallel to the same orientation within the initial β grain). Lin et al. [13] revealed the effects
of initial microstructures on hot tensile deformation behaviors and fracture characteristics
of Ti-6Al-4V alloy. They found that the equiaxed α phases can prevent the formation and
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coalescence of microvoids, which is beneficial to improving the ductility. Jiang et al. [14]
suggested that significant dynamic softening could occur during uniaxial hot tensile strain-
ing of the lamellar microstructure. This was mainly induced by the globularization of αL
phases accompanied by the formation of high-angle grain boundaries (HAGBs). Although
many mechanisms have been proposed, there is still no consensus on what the fundamental
effect of microstructure characteristics on the hot deformation behavior of titanium alloy is.
This could be due to the ex situ observation methods performed by previous researchers
which made it difficult to obtain the original information concerning the deformation
behavior of alloy directly.

In situ scanning electron microscopy (SEM) is an emerging technique used to character-
ize the deformation mechanism of materials and has been successfully applied to study the
deformation behavior of titanium alloys at room temperature. Huang et al. [15] observed
the in situ tensile behavior of Ti-6Al alloy with extra-low interstitial at room temperature
and found that there were various coordinated deformation mechanisms such as crys-
talline orientation rotation, slip transmission, and deformation twinning. Wang et al. [16]
investigated the fracture behavior of a new metastable β titanium alloy (Ti-5Cr-4Al-4Zr-
3Mo-2W-0.8Fe) at room temperature. They stated that the deformation behavior of Ti-54432
alloy was strongly dependent on dislocation slip, and the deflection of the crack as it
propagated; however, there is still a lack of the detailed information concerning the mi-
crostructure effect on the crack propagation behavior and slip activation of titanium alloys
at high temperature which might be obtained by using an in situ SEM method.

Ti-55511 alloy has been widely used in aircraft casings, engine fan disks, etc., which
requires long-term service at 350 ◦C [17,18]. In this study, the effects of bimodal and
lamellar microstructures on the mechanical deformation behavior of Ti-55511 alloy at
350 ◦C were investigated by in situ SEM. Using electron backscatter diffraction (EBSD),
the activation of slip system in deformation region was studied in detail. The results
would benefit the microstructure design and deformation mechanism of titanium alloys for
high-temperature application.

2. Materials and Methods

2.1. Materials

The as-received material in this study was a forged TC18 alloy provided by BAOTI
Group Ltd. (Baoji, China) as cuboid (98.0 mm in length, 20.0 mm in width, and 7.0 mm in
height). The experimental alloy had the chemical composition (wt.%) given in Table 1. The
α+β/β transition temperature (Tα+β→β) of this alloy is about 865 ◦C.

Table 1. The chemical composition of Ti-55511 alloy (all in wt %).

Element Ti Al Mo V Fe Cr

Wt. % 83.37 5.07 4.81 4.74 1.06 0.95

The heat treatment methods of Ti-55511 alloy are shown in Figure 1. To obtain a
bimodal microstructure, the sample was heated at 830 ◦C (below Tα+β→β) for 2 h. Then,
it was furnace-cooled (FC) to 750 ◦C and held for 2 h followed by air cooling (AC). As a
result, the equiaxed primary αP phases were distributed in the β matrix (Figure 2a). To
acquire a lamellar microstructure which was characterized by coarse original β grains and
coarse αL phase at GBs (Figure 2b), the sample was held at 895 ◦C (above Tα+β→β) for
2 h and then FC to 750 ◦C. It was also kept at 750 ◦C for 2 h followed by AC. The volume
fractions of α phase in bimodal and lamellar microstructures were measured to be 39.6%
and 11.3%, respectively.
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Figure 1. Heat treatment routes for bimodal and lamellar samples.

 
Figure 2. Microstructures after heat treatment (a) bimodal microstructure; (b) lamellar microstructure.

Both bimodal and lamellar microstructures were finally aged at 600 ◦C for 8 h to obtain
a dispersed distribution of fine secondary α (αS) phase embedded in the β matrix. The
yield stress (σ0.2) and tensile strength (σb) values of bimodal samples are 1098 MPa and
1133 MPa, respectively, significantly lower than that of lamellar samples (σ0.2 = 1293 MPa,
σb = 1309 MPa). On the contrary, the elongation (δ) of the bimodal sample at room temper-
ature is 17.0%, which is significantly higher than that of the lamellar sample (δ = 6.0%).

2.2. In Situ Tensile Testing

High-temperature in situ tensile tests were performed on the additional Mini-MTS
(Liweiauto Ltd., Hangzhou, China) loading system equipped in a TESCAN MIRA3 SEM
(TESCAN Brno,s.r.o, Brno, Czech Republic). The in situ mechanical test bench and heating
device are illustrated in Figure 3a. The Mini-MTS Test Control software was used to control
the loading speed of 1.5 μm/s and the test temperature of 350 ◦C. To ensure a uniform
temperature distribution, the samples were held for 10 min at the test temperature before
stretching. The loading system allows for several interruptions during the tensile test for
SEM imaging. By controlling the displacement during in situ stretching, the evolution of
the microstructure was observed. The dimensional size of the sample with a thickness of
1 mm is displayed in Figure 3b. The sample surface was polished to a smooth mirror surface
with a mixture of SiO2 suspension and 30% H2O2. The in situ tensile tests were repeated
three times for each group of experimental conditions, and typical results are provided.
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Figure 3. (a) Mechanical test bench and heating device; (b) Geometry and dimensions of in situ
tensile test sample at 350 ◦C (units: mm).

2.3. EBSD Analysis

Electron backscattered diffraction (EBSD) measurements were performed on the sam-
ples obtained by in situ tensile testing using an AZtec system (Oxford Instruments Group,
Oxford, UK) coupled with a Hitachi-Regulus 8230 cold-field emission SEM (Hitachi High-
Technologies Corporation, Tokyo, Japan). The operating voltage used was 20 kV when
optimizing the quality of the diffraction patterns. The EBSD samples were electropolished
using a solution of 8% perchloric acid (HClO4) and 92% CH4O at −25 ◦C. A step size of
0.2 μm was used to collect data covering an area of 60 μm × 80 μm. The smaller step size
of 0.06 μm was used for microstructural analysis of the 20 μm × 16 μm region. The EBSD
data were collected by Channel 5 (HKL-Tango) and ATEX [19].

3. Results

3.1. The Stress–Displacement Curves during In Situ Testing

Figure 4 shows the stress–displacement curves of the bimodal and lamellar microstruc-
tures during in situ tensile testing at 350 ◦C. The drops in the curve indicate that the loading
is suspended for SEM imaging during the tensile process. To observe the microstructure
evolution during hot stretch, different stages of plastic deformation of the samples were
marked, respectively (A, B, and F for the bimodal microstructure, and A’ and F’ for the
lamellar microstructure). This indicates that, compared to the lamellar microstructure, the
bimodal microstructure results in a lower yield strength (σ0.2) and tensile strength (σb) but
a larger tensile displacement (Lmax).

Figure 4. The stress–displacement curve of sample stretching in situ with bimodal and lamellar
microstructure at 350 ◦C.
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As shown in Table 2, σ0.2 and σb of specimens with a lamellar microstructure are 37.3%
and 28.5% higher than those with bimodal microstructure, respectively. On the contrary,
Lmax of specimens with a bimodal microstructure is 28.4% larger than that of specimens
with a lamellar microstructure.

Table 2. The in situ tensile mechanical properties of bimodal and lamellar microstructure at 350 ◦C.

Samples σ0.2 (MPa) σb (MPa) Lmax (μm)

Bimodal 930 1005 1012
Lamellar 1277 1291 788

3.2. Microstructural Evolution in the Bimodal Microstructure

Figure 5a illustrates the in situ SEM images of bimodal microstructure at position A.
As shown in Figure 5c, some parallel SBs begin to appear within the αP phase. These SBs
generally form at an angle of 41◦ to 49◦ with the direction of the applied tension [20]. Some
of them pass through the αP interface and gradually penetrate the β matrix (Figure 5d). It
is worth noting that microcracks first form within the region of the αP phase rather than
in the β matrix during the early stage of plastic deformation. As shown in Figure 5b–d,
a few microcracks, evolved from the deep SBs in the αP phase, extend macroscopically
perpendicular to the tensile direction, which indicates that high stress concentration arises
rapidly at the αP phase during hot deformation.

Figure 5. (a) In situ SEM images of bimodal microstructure at A (the displacement of 467 μm); (b) mi-
crocracks nucleated at α phase; (c) microcracks and SBs formed within the αP phase; (d) magnified
image showing SBs passing through the interface between the αP and β phases.

Figure 6 presents the SEM images of bimodal microstructure at position B. As shown
in Figure 6a, significant necking is found on the sample. With the increase in strain, the
microcracks in Figure 6b widened significantly compared with position A (Figure 5b).
Moreover, SBs in the αP phases became more noticeable when they continued by crossing
the αp interface and extended into the β matrix. From Figure 6c, the deformation became
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more severe and SBs occurred in most regions composed of αP phases. In addition, a
macrocrack formed at the edge of the sample which exhibited a trend to connect the SBs
in the αp phases ahead of the crack tip and gradually grew into the center of the sample.
As illustrated in Figure 6d, at the center of the sample, SBs in the αP phases deepened
significantly and gradually changed into wave-like shapes due to the increasing distortion
in that local region. Moreover, many microcracks were also found to nucleate in these deep
SB regions.

 
Figure 6. (a) In situ SEM images of bimodal microstructure at B (the displacement of 726 μm);
(b) microcracks become deepened and widened; (c) magnified image showing macrocracks nucleated
at the edge of the sample; (d) distortion in SB regions and microcracks at αP/β interface.

Figure 7 shows in situ SEM images of bimodal microstructure at position F (after
fracture). The sample was shear-fractured at about 45◦ to the tensile direction. Its fracture
surface is relatively rough and significant necking is observed (Figure 7a). As shown
in Figure 7b, many microcracks formed at the region close to the fracture surface which
nucleated and generally propagated along the SBs in the αP phase. Moreover, the crack
propagation direction always deflected as it crossed the α/β interface, leading to a micro-
scopically tortuous path. This could undoubtedly increase the total length of the crack path
and therefore consume more energy before it fractured [21].

Figure 7c illustrates that the SBs in each αP phase had a strong tendency to interconnect.
During this process, the direction of SBs changed significantly at the αP interface. Moreover,
a dendritic crack formed on the edge of the sample (Figure 7d) whose path deflected or
branched frequently during its progress to the center of the sample at about 45◦ to the
tensile direction. Furthermore, many microcracks can be observed near the fractured
area (Figure 7f) which implies that the sample underwent severe plastic deformation
before fracture.
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Figure 7. (a) In situ SEM images of bimodal microstructure sample at F (the displacement of 1012 μm);
(b) a crack propagated along the SBs in the αP phase; (c) SBs in each αP phase tended to interconnect;
(d) magnified image showing microcracks formed on the edge of the sample; (e) SEM images showing
the rough fracture surface of the sample; (f) magnified image showing many microcracks existed
near the fracture area.

3.3. Microstructural Evolution in the Lamellar Microstructure

Figure 8 presents SEM images of the lamellar microstructure during in situ stretching
at position A’. As shown in Figure 8b,d, many parallel SBs appeared first in the αL phases
near GB, while they can hardly be observed in the β matrix. As illustrated in Figure 8c,
a microcrack developed in a long, coarse αL phase at a trigeminal GB. This was akin to
the findings of Wang et al. [16] from the in situ tensile testing of Ti-54432 alloy at room
temperature, which indicated that microcracks readily nucleated at trigeminal GBs due to
the significant stress concentration therein.
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Figure 8. (a) In situ SEM images of lamellar microstructure at A’ (the displacement of 661 μm);
(b,d) magnified image showing SBs develop in the αL phase near GB; (c) magnified image showing
microcracking in a long, coarse αL phase at a trigeminal GB.

Figure 9 illustrates SEM images of a lamellar sample during stretching in situ
at position F’. Differing from bimodal samples, no obvious necking can be observed
until the fracture of the lamellar sample (Figure 9a). This indicates that the plastic
deformation therein is not evident. This can be further proved from Figure 9b,c that
only slight distortion and certain microcracks are illustrated in the β matrix in the region
adjacent to the fracture surface which is significantly smaller than that in specimens with
a bimodal microstructure.

Figure 9d shows that, at the region near the fracture surface, a microcrack just initi-
ated at and propagated along the large αL phase at GB. The main crack of the lamellar
microstructure grew almost only along the GB which led to the intergranular fracture of the
sample (Figure 9e,f). The magnified image in Figure 9f clearly indicates that a microcrack
nucleated and grew only along the αL phase at GB. Moreover, there were many fine dimples
and tearing ridges at the fracture surface which might be caused by the plastic deformation
of the αL phase at GB during the final fracture process. This explains the minor elongation
of the lamellar microstructure at the elevated temperature.
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Figure 9. (a) In situ SEM images of lamellar microstructure at F’ (the displacement of 788 μm);
(b,c) microcracks and distortion occurred near the fracture area; (d) magnified image showing crack
initiation occurred at GB; (e,f) SEM images showing the fracture surface of the sample.

4. Discussion

4.1. Activation of Slip Systems

To identify the activated slip systems of the alloy during hot deformation, EBSD of the
bimodal microstructure after in situ stretching was analyzed and the results are illustrated
in Figure 10.
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Figure 10. EBSD images of bimodal microstructure after stretching in situ; (a) SEM image showing
many parallel SBs in the αP phase; (b) SF map of basal slip for α; (c) SF map of prismatic slip for α;
(d) SF map of pyramidal slip for α; (e) the inverse pole figure map; (f) SF map of β for {110}<111>
slip; (g) SF map of β for {112 }<111> slip; (h) SF map of β for {123 }<111> slip.

In Figure 10a, many SBs are generated within regions composed of αP phases. This
indicates that dislocation slip is the dominant deformation mechanism of the α phase at
the applied temperature [22]. Our previous study indicated that pyramidal slip is difficult
to take place within the αP phase which is more likely to slip along its basal or prismatic
plane at room temperature [23]. In the present study, Figure 10b–d show that prismatic slip
({1100}<1120>) and pyramidal slip ({1101}<1120>) were prevalent in the αP phase compared
with basal slip ({0001}<1120>). According to the study by Lecomte et al. [24], the most
common slip system is the pyramidal system for α phases in the range of 150–300 ◦C, and
prismatic slip is the common mode of deformation at temperatures above 300 ◦C. The fact
that basal slip is not the main slip system is the result of the combined influence of the hcp
crystal structure properties of the α phase and the applied temperature. Turner et al. [25]
stated that due to the changes in lattice parameters at an elevated temperature, the c/a
ratio of the α phase with hcp crystals might be less than 1.6333. This leads to the (0001)
basal plane no longer being the only close-packed plane, whereas the prismatic slip and
pyramidal slip become the main mode of deformation [25].

As presented in Figure 10f–h, there are no significant differences in the Schmidt factor
(SF) values among the main slip systems in the β phase [26,27], i.e., {110}<111>, {112}<111>,
and {123}<111>. Thus, a variety of slip systems can be activated simultaneously and the
long-range slip along a single slip system might not be able to take place in the β matrix.
Consequently, it is difficult to observe significant SBs along some specific crystal planes
in the β matrix. Due to its excellent coordinated deformation capacity, the microcrack can
seldomly initiate in the β matrix [28].

To explore the slip characteristics in the bimodal microstructure during hot deforma-
tion, a EBSD analysis of a large number of αP grains were carried out for the sample in situ
stretched at 350 ◦C, which allowed a statistical analysis of the nature (basal, prismatic, and
pyramidal) and distribution of the slip systems in αP.

According to the statistical results in Figure 11a, the SF values of prismatic slip in
αP mostly concentrated at the range of 0.35–0.50. Therefore, this relatively large SF value
distribution in the αP phase might account for the main slip system of prismatic slip during
in situ stretching at 350 ◦C. Figure 11b–g present several typical SB morphologies in αP
phases. As shown in Figure 11b, multislip systems were activated in grain 1. Combined
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with Figure 11h,i, it can be determined that the specific slip systems activated were the
(001)[120] of basal slip and (010)[210] of prismatic slip. The activation of the multislip
system helped to coordinate further the overall deformation of the polycrystal. Grains
2 and 3 formed slip steps on the surface due to the repeated dislocation slipping along
certain planes since the mobility of dislocations was enhanced significantly at a higher
temperature. During high-temperature in situ stretching, microcracks tend to initiate at
SBs in the αP phase, probably due to the increasing demand for stress relief [29].

Figure 11. (a) SF histogram of α phase with basal <α>, prismatic <α>, and pyramidal <α> slip
systems for bimodal microstructure after stretching in situ; (b,c) Multislip activation of Grain 1 in
the αP phase; (d,e) Basal slip activation of grain 2 in the αP phase; (f,g) Pyramidal slip activation of
Grain 3 in the αP phase; (h) The (001)[120] basal slip system activation for Grain 1; (i) The (010)[210]
prismatic slip system activation for Grain 1; (j) The (001)[120] basal slip system activation for Grain 2;
(k) The (011)[210] slip system activation for Grain 3.

By calculating SF values, it is possible to reveal qualitatively the initiation trend in
various dislocation slip mechanisms in specimens with a lamellar microstructure. Figure 12
shows the SF distribution in the observation region. Figure 12b implies that the SF value of
basal slip in the αL phase is less than 0.10, namely, the basal slip system is hard-orientated
and difficult to activate. In Figure 12c,d, the SFs of prismatic and pyramidal slip systems
are soft-orientated and easy to activate with relatively large values (SF ≥ 0.37). Therefore,
in specimens with a lamellar microstructure, the αL phase was more inclined to activate
prismatic slip and pyramidal slip.
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Figure 12. EBSD images of lamellar microstructure after stretching in situ; (a) the inverse pole figure
map; (b) SF map of basal slip for α; (c) SF map of prismatic slip for α; (d) SF map of pyramidal slip
for α.

Figure 13 shows statistics of slip deformation modes and SF distributions of the αL
phase in specimens with a lamellar microstructure. As shown in Figure 13a, the SF values
of prismatic slip were mainly concentrated between 0.45 and 0.50, which dominated the
slip activities during the in situ tensile process at 350 ◦C. In Figure 13b–g, two typical
slip systems were activated in the αL phase: (100)[120] of prismatic slip (grain 4) and
(011)[210] of pyramidal slip (grain 5). During plastic deformation at elevated temperature,
to coordinate deformation, slip cannot only be activated in the optimal orientation of the
grain, but also in the relatively more difficult orientation [30].

Due to the limited slip systems of the α phase, once the plastic deformation in the
αL phase accumulated to a certain extent and no new plastic deformation mechanism
(e.g., mechanical twinning and phase transformation) was generated to coordinate the
deformation, microcrack nucleation would occur at SBs in the αL phase due to the pile-up
of a large number of dislocations therein [31].

86



Crystals 2022, 12, 934

Figure 13. (a) SF histogram of α phase with basal <α>, prismatic <α>, and pyramidal <α> slip
systems for specimens with a lamellar microstructure after stretching in situ; (b,c) Prismatic slip
activation of grain 4 in the αL phase; (d,e) Pyramidal slip activation of grain 5 in the αL phase; (f) The
(100)[120] of prismatic slip system activation for grain 4; (g) The (011)[210] of pyramidal slip system
activation for grain 5.

4.2. Characteristics of Deformation and Fracture

The in situ observation of microstructure evolution of bimodal and lamellar microstruc-
tures during in situ stretching at 350 ◦C infers that the deformation and fracture behavior
of Ti-55511 alloy are closely related to slip characteristics in the α phase.

Figure 14 shows the schematic diagram of the deformation mechanisms and mi-
crostructure evolution of bimodal and lamellar microstructures at 350 ◦C. At the initial
stage of bimodal microstructural deformation (Figure 14b), several parallel SBs along cer-
tain slip planes formed within the αP phase. Since the αP phase has a limited deformation
coordination ability [29], the formation of SBs inside the αP phase can be deemed a good
way of releasing the local stress concentration therein. As the deformation further pro-
gresses, some slip systems (focused on prismatic slip and pyramidal slip) were activated to
further coordinate the rising deformation during which multislip occurred. Dislocation
climbing might occur at an elevated temperature [32,33], which weakened the hindering
effect of the αP/β interface on dislocations to a significant extent. Thus, with the further
increase in strain, the SBs gradually cut across the αP/β interface and extended into the β

matrix or adjacent αP phase. During this process, the SB deflected significantly to accom-

87



Crystals 2022, 12, 934

modate the slip systems between the neighboring grains. Meanwhile, the SBs in adjacent
αP phases exhibited a strong tendency to bridge with each other because of the significant
stress concentration present in the region between SBs.

Figure 14. Schematic diagram showing the microstructure evolution of Ti-55511 alloy during stretch-
ing in situ; (a–c) bimodal microstructure evolution; (d–f) lamellar microstructure evolution.

With the cyclic-loading processes, microcracks first initiated within the region of the
αP phase due to the repeated dislocation slipping along certain slip planes (Figure 14c).
Subsequently, several microcracks could evolve from the deep SBs in the αP phase. Like the
deflection of SB, once the microcracks passed through the phase interface, the propagation
direction would also change, resulting in a tortuous crack propagation path. Then, many
microcracks in the αP phase interconnected along the 45◦ direction under the strong
shearing force in that direction. This finally results in the fracture of the sample. Therefore,
as shown in Figure 7, the crack propagation path in the bimodal microstructure is evidently
tortuous with frequently deflected or branched cracks. This fracture mechanism endowed
the sample with excellent plasticity.

In regions with a lamellar microstructure (Figure 14d), the αL phases are mainly
distributed at GBs and separate the β matrix into many relatively isolated regions, which
produce a strong fencing effect on the dislocation in β. The dislocations in β do not
readily cross regions consisting of the αL phase and enter neighboring β grains. This
makes it difficult for the long-range slip of dislocations and large plastic deformation to
develop within the β matrix (Figure 14e). Due to this fencing effect of the αL phase, the
SBs, dominated by prismatic slip and pyramidal slip, first appear in the αL phase near
the GB due to the significant stress concentration therein, especially for the trigeminal GB
where deformation coordination is hard to achieve. When the deformation is insufficient to
accommodate the plastic strain, microcracks easily nucleate at the αL interface boundary at
GB. Once the cracks nucleate, they will propagate along the GBs which are thought to be
low-energy channels that facilitate crack propagation (Figure 14f). This accounts for the
lower ductility of specimens with a lamellar microstructure compared with those having a
bimodal microstructure.

5. Conclusions

In this study, the effects of bimodal and lamellar microstructures on the mechanical
deformation behavior of Ti-55511 titanium alloy at 350 ◦C were investigated. The main
findings can be summarized as follows:

(1) Multislip systems are activated in the αP phase to adapt to the plastic strain during
the in situ tensile process of bimodal microstructural evolution. The slip modes are
dominated by prismatic slip and pyramidal slip.
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(2) During in situ stretching at 350 ◦C, there is a strong bridging tendency of SBs in adjacent
αP phases towards coordinated deformation and alleviation of the stress concentration.

(3) The SBs in the αP phase are the preferred crack nucleation sites due to their limited
deformation ability. They are also likely to connect with the main crack during
crack propagation.

(4) Once the crack crosses the αP/β phase boundary, the crack always deflects signifi-
cantly, which gives rise to a tortuous crack path and endows specimens with a bimodal
microstructure with excellent plasticity.

(5) During the stretching of specimens with a lamellar microstructure, high-density
dislocations are concentrated in the large αL phase region at GB. Microcracks readily
initiate and propagate along the αL phase boundary at GB, leading to the ductile
intergranular fracture of the lamellar microstructure.
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Abstract: The effect of corrosion time on the mechanical behavior of 5083/6005A welded joints in a
3.5% NaCl + 0.01 mol/L NaHSO3 solution was evaluated via scanning electron microscopy (SEM),
polarization curve analysis, and X-ray photoelectron spectroscopy (XPS). The prediction model of
fatigue life after corrosion was established based on the experimental results and the theory of
fracture mechanics, and the formula for the effect of corrosion time on lifespan was determined. The
results show that with increasing corrosion time, the corrosion of the sample becomes increasingly
severe, and the elongation and fatigue life of the 5083/6005A welded joints decrease significantly.
The corrosion resistance of the 5083/6005A welded joints decreases with increasing corrosion time
because the corrosive medium promotes the destruction of the oxide film and thereby reduces the
corrosion resistance. The corrosion products of the 5083/6005A welded joints are Al(OH)3 and AlCl3.

Keywords: 5083/6005A welding joint; mechanical properties; corrosion mechanism; corrosion model;
fatigue life prediction model

1. Introduction

Due to their low density, good formability, and excellent corrosion resistance, 5083
and 6005A aluminum alloys have been widely used for preparing critical components in
high-speed trains, such as body structures, electrical cabinets, and lifting lugs [1], which
are usually joined by melt inert-gas welding (MIG) [2,3]. In practice, these components of
high-speed trains are exposed to diverse service environments, such as humidity and salt
spray. The 5083/6005A aluminum alloy welded joints are prone to corrosion, causing a
sharp decline in fatigue life and premature fracture of aluminum alloy welded joints [4].
Thus, it is highly desirable and necessary to assess the effect of corrosion on the mechanical
behavior of the 5083/6005A welded joints.

It is generally recognized that aluminum alloys are vulnerable to chloride (Cl−) corro-
sion, especially in the marine atmosphere polluted by industry. The deposition of industrial
pollutants such as SO2 in the environment further accelerates the anodic dissolution process
of metals. Therefore, many scholars have explored the effect of aluminum alloy corrosion
on mechanical behavior in NaCl solutions [5–7], NaHSO3, and NaCl mixed solutions [8].
These studies found that Cl− and SO4

2− have significant effects on the mechanical proper-
ties of the aluminum alloy after corrosion [9–11]. Mishra’s study found that the corrosion of
aluminum alloy in 3.5% NaCl solution reduces the alloy’s mechanical tensile properties and
fatigue life, and the impact on fatigue properties is particularly significant [10]. Aluminum
alloy exposed to a solution containing Cl− rapidly generates corrosion pits on its surface,
and cracks are induced to propagate under the action of stress [11]. Ma et al. [12] found that,
after a 7075 aluminum alloy welded joint was corroded by 3.5% NaCl solution, there were
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multiple crack sources in the fracture after fatigue fracture, which mainly appeared in the
corrosion pits, causing a significant reduction in the fatigue life of the aluminum alloy. In
addition, when NaHSO3 is added to NaCl solution, HSO3

− in the solution is ionized to H+

and SO3
2−, and SO3

2− is readily oxidized to SO4
2−, which promotes further ionization of

HSO3
−, leading to a decrease in solution pH [8]. In an acidic environment, the lower the pH

value, the faster the corrosion rate of aluminum alloys, and the more significant the effect
on the mechanical properties of aluminum alloys [13]. Ge et al. [14] estimated the effects
of adding different concentrations of NaHSO3 to 3.5% NaCl solution on the mechanical
properties of 2024 and 7075 aluminum alloys. They found that the tensile strength and
elongation decreased with increasing HSO3

− concentration, and the corrosion rates of the
two aluminum alloys increased. However, the fatigue behavior of dissimilar aluminum
alloy welded joints after corrosion in mixed solutions has rarely been reported, especially
the fatigue behavior of 5xxx and 6xxx aluminum alloy welded joints after corrosion in NaCl
and NaHSO3 mixed solution. Thus, the fatigue mechanism of 5xxx and 6xxx aluminum
alloy welded joints after corrosion remains unclear.

In the present work, the effect of corrosion time on the mechanical behavior of
5083/6005A welded joints in 3.5% NaCl + 0.01 mol/L NaHSO3 solution was studied.
The corrosion mechanism was revealed, and the corrosion model was established by mea-
suring the corrosion products of the 5083/6005A welded joints. The fatigue life prediction
model of the 5083/6005A welded joints after corrosion was established based on the fatigue
test results after corrosion. This study aims to provide a reference for the safe application
of 5083/6005A welded joints in high-speed trains.

2. Materials and Methods

2.1. Materials

The 5083/6005A welded joint specimens were provided by Zhuzhou Times Metal
Manufacturing Co., Ltd. (Zhuzhou, China) The welding joint material was 6.0 mm 5083-
H111 and 6005A-T6 aluminum alloy plate, and the welding wire was ER5356. Under a
flow of 12 L/min of argon, a Fronius TPS4000 MIG welding machine was used to weld the
plate perpendicular to the rolling direction. The chemical compositions of these materials
determined by SPECTRO BLUE SOP type inductively coupled plasma optical emission
spectroscopy (ICP-OES) (SPECTRO Analytical Instruments, Kleve, Germany)are listed in
Table 1.

Table 1. Chemical compositions of the 5083 and 6005A aluminum alloys and the ER5356 filler metal
(wt. %).

Material Si Fe Cu Mn Mg Zn Cr Ti Al

5083 0.09 0.20 0.01 0.75 4.98 0.02 0.09 0.05 Balance
6005A 0.50 0.19 0.01 0.26 0.71 0.02 0.16 0.06 Balance

ER5356 0.12 0.12 0.08 0.15 4.90 0.12 0.11 0.12 Balance

2.2. Corrosion Tests

Figure 1a shows the welding joint dimensions of the 5083/6005A specimen, and Fig-
ure 1b illustrates a schematic diagram of the corrosion testing, in which the size of the service
device was 200 × 100 × 250 mm. The corrosion solution was 3.5% NaCl + 0.01 mol/L NaHSO3,
and the corrosion times were 3, 7, 15, and 30 days.
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Figure 1. (a) Typical 5083/6005A welded joint; (b) Schematic representation a of the corrosion test.

2.3. Tensile and Fatigue Tests

The tensile tests and fatigue tests were conducted on an MTS-322 servo-hydraulic test
machine (maximum load-carrying capacity of ±500 kN) (MTS System Corporation, Eden
Prairie, MN, USA) at room temperature. Sinusoidal loading was used with a frequency
(f ) of 75 Hz, a stress ratio (R) of 0.1, and maximum stress (σmax) of 100 MPa in the fatigue
tests. These tests were conducted according to GB/T 228.1-2010, GB/T 3075-2008, and HB
5287-96. Three replicate specimens were tested.

2.4. Electrochemical Measurement

The electrochemical performance of the 5083/6005A welded joints was investigated
using a CHI760e electrochemical workstation (CH Instruments Ins., Shanghai, China)with
a classic three-electrode system. The electrochemical measurements were conducted in
accordance with standard GB/T 24196-2009. The working, counter, and reference electrodes
were the 5083/6005A welded joints, a platinum slice, and a saturated calomel electrode
(SCE), respectively. The electrolyte was the 3.5 wt.% NaCl aqueous solution, and the
tested area for each working electrode was 10 mm × 10 mm. The polarization curves were
recorded by scanning the potential from −1.2 V (versus SCE) to −0.3 V at 0.5 mV s−1. Three
replicate specimens were tested for each electrochemical test, and a typical polarization
curve is reported.

2.5. Characterization Techniques

The surface morphology and corrosion products of the 5083/6005A welded joints were
observed by SEM (Hitachi, Tokyo, Japan) and XPS (ThermoFisher-VG Scientific, Waltham,
MA, USA), in which the Hitachi SU3500 was used for scanning electron microscopy at
an operating voltage of 25 kV, and an ESCALAB 250Xi spectrometer was used for XPS
observations with Al Kα radiation as an excitation source.

3. Results and Discussion

3.1. Effect of Corrosion Time on Mechanical Properties

The mechanical properties and stress–strain curves of the 5083/6005A welded joints
after being corroded by the 3.5% NaCl + 0.01 mol/L NaHSO3 solution for different times
are demonstrated in Figure 2. Figure 2a shows that the yield strength (σs), tensile strength
(σb), and elongation of the uncorroded 5083/6005A welded joints were 125 MPa, 204 MPa,
and 11.29%, respectively. After 3, 7, 15, and 30 days of corrosion, the σs values of the
5083/6005A welded joints were 126 MPa, 125 MPa, 125 MPa, and 121 MPa, respectively;
the σb values were 205 MPa, 203 MPa, 200 MPa, and 196 MPa, respectively; and the
elongation values were 9.31%, 8.96%, 8.27%, and 7.96%, respectively. The results indicate
that corrosion greatly affected the elongation of the 5083/6005A welded joints but had little
influence on σb and σs. As the corrosion time increased, the elongation of the 5083/6005A
welded joints decreased, while σb and σs decreased slightly. Compared with that of the
uncorroded 5083/6005A welded joints, the elongation of the 5083/6005A welded joints after
corrosion for 3, 7, 15, and 30 days decreased by 17.5%, 20.6%, 26.7%, and 29.5%, respectively.
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The results show that the elongation of the 5083/6005A welded joints decreased greatly
once they were corroded, but the elongation reduction rate decreased with increasing
corrosion time.

Figure 2. Mechanical properties and stress–strain curves of the 5083/6005a welded joints after
corrosion in the 3.5% NaCl + 0.01 mol /L NaHSO3 solution for different times: (a) stress–strain curve;
(b) mechanical properties.

The fatigue properties of the 5083/6005A welded joints corroded for different times
are shown in Table 2 and Figure 3: after 3, 7, 15, and 30 days of corrosion, the fatigue life
decreased by 84.5%, 90.7%, 93.1%, and 95.7%, respectively. Corrosion had a significant
effect on the fatigue life of the 5083/6005A welded joints, and the fatigue life decreased
with increasing corrosion time.

Table 2. Fatigue life of 5083/6005A welded joints.

Specimen Uncorroded 3 Days 7 Days 15 Days 30 Days

Nf/ cycles 107 1,159,257 884,098 805,323 449,833
6,804,918 907,457 672,835 353,091 267,661

 

f 

Figure 3. The effect of corrosion time on the fatigue life, obtained by fitting the results in Table 2.

In the fatigue process, stress concentration occurs at the corrosion pits due to alternat-
ing stress, resulting in crack nucleation at the corrosion pits [15]. As is shown in Figure 4a,
there were many corrosion pits on the surface of the 5083/6005A welded joint after 30 days
of corrosion, among which some of them formed clusters with Al(Fe,Mn)Si inclusions
contained (Figure 4b,c). Thus, the fatigue life of the 5083/6005A welded joints decreased
sharply after corrosion.

94



Crystals 2022, 12, 1150

 

Figure 4. (a) SEM of a 5083/6005A welded joint corroded for 30 days; (b) EDS1 results;
(c) EDS2 results.

Figure 5 shows SEM images of fatigue fractures and fracture locations of the 5083/6005A
welded joints after corrosion for different times: the fatigue fracture position of the
5083/6005A welded joints after corrosion was mostly on the 6005A side, because the
corrosion resistance of aluminum alloy 5xxx is better than that of 6xxx aluminum alloy [8].
Therefore, after the same corrosion time, there were more corrosion pits on one side of
6005A. Previous research indicated that when pits become larger and deeper or form clus-
ters, a higher stress concentration is caused in the fatigue process, resulting in accelerated
fatigue initiation and crack propagation and reduced fatigue life [15]. Moreover, the crack
propagation region was found to decrease with increasing corrosion time, which may be
driven by the decrease in the ductility of the samples (Figure 2). Besides this, the number
of corrosion pits at the crack source also gradually increased.

Figure 5. SEM images of fatigue fractures of the 5083/6005A welded joints after corrosion in the 3.5%
NaCl + 0.01 mol/L NaHSO3 solution: (a) uncorroded; (b) 3 days; (c) 7 days; (d) 15 days; (e) 30 days.
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Figures 6 and 7 show two typical SEM fractographies of the 5083/6005A welded
joints. The crack source is marked with a yellow dotted line, the crack growth area is
marked with a white dotted line, and the directions of crack growth are indicated by white
arrows. Figure 6a illustrates that the 5083/6005A welded joint fracture cracks occurred at
the corrosion pit after three days of corrosion, and then extended radially. In Figure 6a,
fatigue striations can be observed in the crack propagation region over a distance of about
0.77 μm. The upper side of the fracture was the final fracture region in which many dimples
were distributed, as illustrated in Figure 6d.

Figure 6. SEM images of fatigue fracture of the 5083/6005A welded joints corroded for three days:
(a) overall fracture diagram; (b) schematic diagram of fracture location; (c) dimples; (d) crack source.

Figure 7a shows that the fracture surface of the 5083/6005A welded joints corroded
for 30 days was irregular and there were three crack sources, with cracks extending radially
at each crack source; because the three crack sources were in different planes, when they
extended to the same position, they merged into a main crack and continued to extend,
leading to the formation of a stepped plane. In Figure 7a, fatigue striations can be seen in
the three crack source propagation regions, at spacing of 0.78 μm, 0.91 μm, and 0.83 μm,
respectively. The upper end of the fracture was the final fracture region, which was
composed of many small dimples, as illustrated in Figure 7b. Figure 7d–f shows rock-
candy-type fracture features easily observed at the fracture surface close to crack initiation
sites. This indicates that intergranular fracture dominated the early stage of the crack
propagation process.

3.2. Effect of Corrosion Time on Corrosion Resistance

Figure 8 shows the polarization curves of the 5083/6005A welded joints in the 3.5%
NaCl solution after different corrosion times. The results of the corrosion current density
(Jcorr) calculated by Tafel extrapolation are presented in Table 3. The corrosion potential can
reflect the corrosion tendency from a thermodynamic perspective, and the corrosion current
density can be used to assess the corrosion rate from the reaction kinetics. Figure 8a and
Table 3 indicate that with increasing corrosion time, the corrosion potential (Ecorr) of the
5083 aluminum alloy matrix of the 5083/6005A welded joints decreased continuously, while
Jcorr increased gradually at the beginning of corrosion and reached its peak value between
15 and 30 days of corrosion, then it decreased continuously. The fast dissolution of the
matrix at the early stage of corrosion is probably due to the galvanic cell reaction between
the 5083 aluminum alloy matrix and the second phase. Meanwhile, after a certain corrosion
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time (15 to 30 days), most of the second phase on the surface of the 5083/6005A welded
joints had dissolved, resulting in a trend of Jcorr reduction as evinced by the polarization
curve. Compared with that of the uncorroded 5083 aluminum alloy matrix, the Ecorr of
the 5083 aluminum alloy matrix was decreased by 15.3% after 30 days of corrosion. These
results show that with increasing corrosion time, the tendency to corrosion of the 5083
aluminum alloy matrix increased, but the rate of corrosion decreased.

Figure 7. SEM images of fatigue fracture of the 5083/6005A welded joints corroded for 30 days:
(a) overall fracture diagram; (b) dimples; (c) fracture location diagram; (d) crack source 1; (e) crack
source 2; (f) crack source 3.

Figure 8. Polarization curves of the 5083/6005a welded joints after corrosion by the 3.5% + 0.01
mol/L NaHSO3 solution: (a) 5083 aluminum alloy matrix; (b) 6005A aluminum alloy matrix.
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Table 3. Test results of polarization curves in different environments for the 5083/6005A
welded joints.

Experimental Conditions
5083 6005A

Ecorr (vs. SCE)/ (V) Jcorr/ (μA·cm−2) Ecorr (vs. SCE)/ (V) Jcorr/ (μA·cm−2)

Uncorroded −0.594 2.0 −0.617 1.95
After being corroded for 3 days −0.626 4.11 −0.647 2.89
After being corroded for 7 days −0.650 4 −0.663 2.50
After being corroded for 15 days −0.668 5.01 −0.693 2.18
After being corroded for 30 days −0.685 0.812 −0.731 1.38

As can be seen from Figure 8b and Table 3, the Ecorr value of the 5083/6005A welded
joint 6005A aluminum alloy matrix decreased with increasing corrosion time, while the
Jcorr value did not change significantly. The Ecorr and Jcorr values of 6005A aluminum alloy
were lower than those of the 5083 aluminum alloy matrix.

3.3. Analysis of Corrosion Products

The XPS analysis results of the 5083 matrix and 6005A matrix of the 5083/6005A
welded joints after 7 days of corrosion are demonstrated in Figure 9. The XPS survey
spectrum shown in Figure 9a proves the existence of Mg, Na, O, N, C, Cl, and Al on the
5083/6005A welded joints, among which the C and N elements are mainly due to dissolved
carbon dioxide and nitrogen dioxide from the air in the solution, while the Mg, Fe, Al, and
Cl elements are due to the corrosion products formed by the second phase and the matrix
of the aluminum alloy after corrosion. The presence of elemental S was not detected in
the XPS spectrum due to the low content of NaHSO3 in the solution, which resulted in
almost no corrosion products containing S on the surface of the 5083/6005A welded joints
after corrosion.

 

Figure 9. XPS spectra of the 5083/6005A welded joints corroded in the 3.5% NaCl + 0.01 mol/L
NaHSO3 solution for 7 days: (a) 5083 and 6005A survey spectra; (b) 5083 Al2p spectrum; (c) 6005A
Al2p spectrum.

The spectrum of Al2p in Figure 10b,c is composed of three peaks with respective
binding energies of 75.7 eV, 74.5 eV, and 73.9 eV [16,17] (the corresponding substances
are AlCl3, Al2O3, and Al(OH)3). Since Al2O3, the main component of the oxide film, is
not a corrosion product formed in the corrosion process, the corrosion products of the
5083/6005A welded joints are Al(OH)3 and AlCl3 [18].
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Figure 10. Corrosion model of the 5083/6005A welded joints in a corrosion solution: (a) initial stage;
(b) pitting stage; (c) corrosion pit expansion stage; (d) second phase shedding stage.

3.4. Corrosion Mechanism and Model

Sakairi et al. [19] found that in the stage of oxide film formation, the oxide film consists
of a gel-like structured hydrated oxide, which contains a large amount of bound water.
After dehydration, an oxide film with better structure and stronger protection is formed.
The oxide film of an aluminum alloy contains various chemical bonds, including HO-Al-
OH, O-Al-O, and so on. However, the morphology and thickness of the oxide film in these
places are greatly changed due to the presence of intermetallic compounds, forming a
defective oxide film [20].

Hoar suggested that chloride ion adsorption on the alloy surface can migrate to the
oxide film in a certain way, and then arrive through the oxide film and metal interface. This
leads to blunt damage and promotes the dissolution of the active interface of the metal
matrix, thus causing local corrosion, and aggressive ion adsorption results in a decrease in
the oxide film’s surface tension [21,22].

The corrosion mechanism of 6xxx and 5xxx aluminum alloys is related to the iron-rich
phase and Mg–Si intermetallic compounds [23]. According to the energy spectrum analysis
in Figure 4, the second phase is mainly composed of Al, Mn, Fe, and Si elements. Therefore,
the second phase may be Al(Fe,Mn)Si. During the corrosion process, the iron-rich phase
acts as the cathode phase, and the aluminum matrix acts as the soluble anode [23].

Therefore, in 3.5% NaCl + 0.01 mol/L NaHSO3 solution, corrosive ions readily migrate
to the oxide film, leading to the gradual dissolution of the 5083/6005A aluminum alloy
welds. The aluminum matrix reacts as the anode (1) and the second-phase particles react as
the cathode (2), gradually reacting (3) and finally forming Al(OH)3.

Al − 3e− → Al3+ (1)

O2 + 2H2O + 4e− → 4OH− (2)

Al3+ + 3OH− → Al(OH)3 (3)

The solution contains HSO3
−, which is electrolyzed into SO3

2− and H+ in water (4).
As SO3

2− is easily oxidized to SO4
2− in air, a reaction occurs (5).

HSO3
− → H+ + SO2−

3 (4)

2SO2−
3 + O2 → 2SO4

2− (5)

In the solution containing Cl− and SO4
2−, these ions compete with OH− to adsorb

on the surface of the oxide film. OH− in the oxide film is gradually replaced, and with
increasing corrosion time, the oxide film gradually becomes sparse and breaks [24].

99



Crystals 2022, 12, 1150

The XPS analysis results imply that the corrosion products of the 5083/6005A welded
joints in the 3.5% NaCl + 0.01 mol/L NaHSO3 solution are Al(OH)3 and AlCl3. Therefore,
the reaction (6) occurs when the concentration of Al(OH)3 is high in the corrosion pit.

Al(OH)3 + 3Cl− → AlCl3 + 3OH− (6)

Based on the above analysis, the corrosion model of the 5083/6005A welded joints
in the 3.5% NaCl + 0.01 mol/L NaHSO3 solution was established as shown in Figure 10.
At the initial stage of corrosion, Cl− and SO4

2− are adsorbed on the oxide film, and the
defective oxide film formed near the Al(Fe,Mn)Si phase is rapidly destroyed under the
action of Cl− and SO4

2−, resulting in the corrosion of the aluminum alloy matrix of the
5083/6005A welded joints near the Al(Fe,Mn)Si phase. OH− in the oxide film not near the
Al(Fe,Mn)Si phase is gradually replaced by Cl− and SO4

2−, as shown in Figure 10a,b. With
the progress of corrosion, the aluminum alloy matrix near the 5083/6005A welding joint
with its Al(Fe,Mn)Si phase is corroded more severely, accompanied by the generation of
many corrosion products. However, the surface of the corrosion pit is only covered with a
small amount of corrosion products, because NaCl is the main component in the 3.5% NaCl
+ 0.01 mol/L NaHSO3 solution, and the main corrosion product is AlCl3. AlCl3 is easily
soluble in water, and Al2(SO4)3 will cover the surface of the aluminum alloy. No elemental
S could be detected in the XPS spectra, suggesting that the content of Al2(SO4)3 is very
small. Therefore, few corrosion products are present in the pit, as shown in Figure 10c.
At the later stage of corrosion, the aluminum alloy matrix around the Al(Fe,Mn)Si phase
is completely corroded, and then the Al(Fe,Mn)Si phase spalls, causing the formation of
corrosion pits, as shown in Figure 10d.

3.5. Prediction Model of Fatigue Life after Corrosion

A surface corrosion pit on a 5083/6005A welded joint is equivalent to an initial crack
on a semi-elliptical surface, so the fatigue life was predicted based on the methods of
fracture mechanics. A Cartesian coordinate system was established at the center of the
corrosion pit as the origin O, with the width (w) direction as the x-axis and the thickness
direction (t) as the y-axis. A schematic representation of the equivalent semi-elliptic crack is
shown in Figure 11. The intersection points of the corrosion pit and the positive axes of the
two axes are A (0, ai) and B (bi, 0), respectively, as shown in Figure 12a–f. In the model with
multiple corrosion pits, it is necessary to superimpose the long and short axes of multiple
equivalent semi-ellipses into the long and short axes of an equivalent semi-ellipse crack,
the long and short axes of which are ap and bp, respectively.

Figure 11. Schematic representation of the equivalent semi-elliptic crack.
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Figure 12. Equivalent model of a corrosion pit: (a) 3 days; (b) 7 days; (c) 15 days; (d), (e) and (f)
30 days.

Many scholars have previously established fatigue life prediction models by combining
the crack growth rate formula with the initial crack length and the critical crack length
when fracture occurs [25,26]. The rate of crack growth da/dN is commonly used to indicate
the crack growth performance of metal materials. Herein, the fatigue life prediction of the
5083/6005A was made based on Paris law [27] as given by:

da
dN

= C(ΔK)n (7)

where a denotes the crack depth, N is the fatigue life, C and n are the material parameters,
and ΔK is the applied stress intensity factor range.

The crack can only extend when it is opened, so the crack opening function fop is
introduced as follows [28]:

⎧⎪⎪⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎪⎪⎩

fop =
σop

σmax
=

Kop
Kmax

=

{
A0 + A1R + A2R2 + A3R3 R ≥ 0
A0 + A1R R < 0

A0 = (0.825 − 0.34α + 0.05α2)[cos(πσmax
2σ0

)]
1
α

A1 = (0.415 − 0.071α) σmax
σ0

A2 = 1 − A0 − A1 − A3
A3 = 2A0 + A1 − 1

(8)

where KOP is the K value when mating surfaces of the crack make contact; α is the plane
stress constraint factor, such that α = 1 denotes plane stress conditions; and σ0 is the flow
stress, such that σ0 = 1.15(σs + σb)/2.

When K < KOP, crack growth is suppressed, since the crack is closed. In this case,
the fatigue crack propagation behavior is found to depend on the effective stress intensity
factor range (ΔKeff) rather than the nominally applied value [29,30].

ΔKe f f = Kmax − KOP (9)

The stress intensity factor Kmax of a Type-I equivalent crack can be expressed as follows:

Kmax =
σmax

√
πa

E(k)
•FI(

ap

bp
,

ap

t
,

bp

w
, θ) (10)
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where σmax is the maximum stress, and E(k) is the complete elliptic integral of the second
kind. FI represents the correction function for the crack, and the expression of FI [31] is:

FI = [M1 + M2(
ap

t
)

2
+ M3(

ap

t
)

4
]g1 fθ fw (11)

When ap/bp ≤ 1, the specific expressions of each coefficient in the formula are given as
follows: ⎧⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎨

⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎩

M1 = 1.13 − 0.09( ap
bp
)

M2 = −0.54 + 0.89
0.2+(

ap
bp

)

M3 = 0.5 − 1.0
0.65+(

ap
bp

)
+ 14(1 − ap

bp
)

24

g1 = 1 + [0.1 + 0.35( ap
t )

2
](1 − sin θ)2

fθ = [(
ap
bp
)

2
cos2 θ + sin2 θ]

1
4

f w = [sec(πbp
2w

√
ap
t )]

1
2

, ap
bp

≤ 1
(12)

When ap/bp > 1, the specific expressions of each coefficient in the formula are as follows:

⎧⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎩

M1 =

√
bp
ap
(1 + 0.04 bp

ap
)

M2 = 0.2( bp
ap
)

4

M3 = −0.11( bp
ap
)

4

g1 = 1 + [0.1 + 0.35( bp
ap
)(

ap
t )

2
](1 − sin θ)2

fθ = [(
bp
ap
)

2
sin2 θ + cos2 θ]

1
4

f w = [sec(πbp
2w

√
ap
t )]

1
2

,
ap

bp
> 1 (13)

where θ denotes the angular location.
The complete elliptic integral of the second kind is expressed as follows:⎧⎪⎪⎨

⎪⎪⎩
E(k) = [1 + 1.464( ap

bp
)

1.65
]

1
2 ap

bp
≤ 1

E(k) = [1 + 1.464( bp
ap
)

1.65
]

1
2 ap

bp
> 1

(14)

Under the action of external force, the stress intensity factor K at the tip of a Type-I
crack increases with crack propagation, and when K reaches the critical value KIC, the
sample fractures. When fracturing occurs, the critical crack length is as follows:

ac =
1
π
(

KI C•E(k)
FI•σmax

)
2

(15)

After the transformation of Formula (7), it is integrated from the initial crack depth ap
to the critical crack depth at fracture ac, which is shown below.

N =
∫ ac

ap

da
C(ΔKe f f )

n (16)

The material crack growth performance parameters are n = 7.664 and C = 4 × 10−13

mm/cycle [32]. The fatigue load parameters are R = 0.1 and σmax = 100 MPa. The fracture
toughness KIC of the 6005A side of the 5083/6005A welded joints is 51 Mpa·m1/2 [33]. The
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geometric shape parameters of the sample, σ0 values, geometric parameters of corrosion
pits, experimental results of fatigue life, and predicted results are listed in Table 4 (it should
be pointed out that the values of t and w for the samples after corrosion for 15 days were
exchanged since the crack propagated along the transverse, rather than thickness, direction
of the plate).

Table 4. Parameters of the fatigue life prediction model for the 5083/6005A welded joints.

Sample ap/μm bp/μm t/mm w/mm θ σ0/MPa
Experimental Fatigue
Life (Average)/Cycle

Predicted Fatigue
Life/Cycles

3 days 198 91 6 5 0.125π 190.3 1,033,357 1,075,621
7 days 673 541 6 5 0.125π 188.6 778,467 852,645
15 days 721 547 10 3 0.1875π 187.0 579,207 604,837
30 days 1076 934 6 5 0.125π 182.8 338,747 309,234

Based on Formula (17), the effect of corrosion time on the fatigue life of the 5083/6005A
welded joints can be obtained by fitting the experimental results (Figure 13).

N f = 1.7 × 106•t−0.418 (17)

 

N
f

Figure 13. The effect of corrosion time on the fatigue life of the 5083/6005A welded joints.

4. Conclusions

1. With increasing corrosion time, the elongation and fatigue life of the 5083/6005A
welded joints continued to decrease, and the corrosion phenomenon became more severe.

2. After 3, 7, 15, and 30 days of corrosion in the solution, the elongation of the
5083/6005A welded joint specimens was decreased by 17.5%, 20.6%, 26.7%, and 29.5%, re-
spectively, and the fatigue life was decreased by 84.5%, 90.7%, 93.1%, and 95.7%, respectively.

3. After 30 days of corrosion, the tendency to corrosion of the 5083/6005A welded
joint specimens increased, while the rate of corrosion decreased.

4. The corrosion products of the 5083/6005A welded joints in the 3.5% NaCl + 0.01
mol/LNaHSO3 solution were Al(OH)3 and AlCl3.

5. The formula describing the effect of corrosion time on the fatigue life of the
5083/6005A welded joints is Nf = 1.7 × 106•t−0.418.
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Abstract: Ultrafine-grained Cu/Al/Ag composites were processed by an accumulative roll bonding
(ARB) technique from pure copper and aluminum sheets and a silver powder. The Al content was
fixed to 11 wt.% while the silver concentration was 1, 2, or 3 in wt.%. The ARB-processed samples
were heat treated at different temperatures between 750 and 1050 ◦C for 60 min and then quenched
to room temperature (RT) for producing Cu–Al–Ag alloys. The effect of the addition of different Ag
contents and various heat treatment temperatures on the structural evolution was investigated. The
ARB-processed samples were composed of Cu and Al layers with high dislocation density and fine
grain size (a few microns). During heat treatment of the ARB-processed samples, new intermetallic
phases formed. For the lowest Ag content (1 wt.%), the main phase was a brittle simple cubic
Al4Cu9, while for higher Ag concentrations (2 and 3 wt.%), the quenched samples contain mainly an
orthorhombic β1-AlCu3 martensite phase. The martensite phase consisted of very fine lamellas with
a thickness of one micron or less. The heat treatment increased the microhardness and the strength of
the samples at RT due to the formation of a fine-grained hard martensite phase. For 2 and 3% Ag, the
highest martensite phase content was achieved at 850 and 950 ◦C, respectively. The annealed and
quenched samples exhibited good shape memory behavior at RT.

Keywords: Cu–Al–Ag alloy; martensite; accumulative roll bonding (ARB); shape memory alloy
(SMA); microstructure; mechanical properties

1. Introduction

In recent years, composites with ultrafine-grained (UFG) microstructures have at-
tracted significant attention due to their improved mechanical properties [1–3]. UFG
microstructure can be fabricated by severe plastic deformation (SPD) methods such as
equal channel angular pressing (ECAP) [4,5], high-pressure torsion (HPT) [6,7], repeti-
tive corrugation and straightening (RCS) [8], and accumulative roll bonding (ARB) [9–11].
Among all of these methods, ARB is the easiest way to apply in an industrial environment
since it can be performed by conventional rolling apparatuses. During ARB processing,
rolling, cutting, and stacking steps are applied consecutively on a sheet in order to achieve
grain refinement without reduction in the thickness of the workpiece [12]. If a sandwich-like
material consisting of different metallic layers is processed by ARB, a layered compos-
ite structure forms [1]. Post-processing heat treatment of layered composite structures
obtained by ARB can yield multiphase alloys [13].

UFG Cu–based alloys with different compositions have already been produced by
ARB in the literature [14–18]. The as-processed alloys have advantageous properties such
as excellent wear resistance, high mechanical strength, and good corrosion resistance,

Crystals 2022, 12, 1167. https://doi.org/10.3390/cryst12081167 https://www.mdpi.com/journal/crystals107



Crystals 2022, 12, 1167

which make them potential candidates as raw materials in electronic and automotive
industries [19,20]. In addition, some Cu–based compositions exhibit a shape memory
effect (SME). SME occurs due to martensitic thermoelastic transformation [21,22]. Binary
Cu–Al and Cu–Zn alloys are the two main systems of Cu–based shape memory alloys
(SMAs). In both systems, the main phase must be the β-phase for exhibiting SME. However,
it has been reported that binary Cu–Al alloys exhibit a weak SME; therefore, attempts
were made for improving SME by adding a third alloying element [23]. For example, Zn
and Mn have been added to Cu–Al alloys, and then processed by ARB [24,25]. It was
reported that the type and concentration of alloying elements influence the microstructure
evolution during ARB and the properties of Cu–based SMAs. It has also been shown
that the addition of Ag to Cu–based SMAs fabricated by casting not only yields a higher
degree of martensitic transformation but also improves the ductility and increases the
martensitic transformation temperature [23,26]. Namely, Cu–Al alloys containing Ag ex-
hibit martensitic transformation temperatures well above 200 ◦C, while the most commonly
used Cu–Ni–Ti and Cu–AI–Ni SMAs can be used only below 200 ◦C. For obtaining the
best SME in Cu–Al–Ag alloys, the silver content and the heat treatment conditions must
be optimized. For this purpose, experiments must be conducted for studying the phase
evolution in Cu–Al–Ag SMAs during thermal cycling between martensite finish (Mf) and
austenite finish (Af) temperatures.

The classical methods for the fabrication of SMAs are casting and powder metallurgy.
In casting methods, oxidation or evaporation of some elements can occur, resulting in
a change in the alloy composition. To avoid this effect, the application of vacuum or
shielding gases is necessary. Moreover, casting results in a coarse-grained material, and
additives are needed to refine the grain size. Powder metallurgy leads to porosity inside
the samples at the end of processing [24]. Thus, in order to obtain fine-grained SMAs with
high strength, SPD-processing routes are suggested to be used instead of the conventional
casting technique. ARB is a non-expensive SPD method that can result in a fine-grained
material with no or little porosity. However, this is a two-step method since first a layered
composite of the constituents (e.g., Cu and Al) forms and then the ARB-processed sandwich
material must be heat treated in order to obtain SMA.

In the present work, UFG multilayered Cu–Al–Ag materials with three different Ag
contents were fabricated by ARB. The as-processed multilayered samples were subjected to
heat treatment processes in order to produce Cu–Al–Ag SMAs for investigating the effect
of different heat treatments and Ag contents on the martensite phase evolution in these
alloys. Immediately after ARB, the UFG microstructure in the major Cu phase was studied
by X-ray line profile analysis (XLPA) in order to reveal the microstructure evolution due
to SPD processing. The microstructure and the phase composition were investigated by
scanning electron microscopy (SEM), electron backscatter diffraction (EBSD), and X-ray
diffraction (XRD) for the ARB-processed and the subsequently heat-treated specimens. The
effect of the Ag content and the annealing temperature on the phase composition and the
mechanical behavior is discussed in detail.

2. Materials and Methods

2.1. Starting Materials and ARB Processing of Multi-Layered Composites

Cu/Al/Ag composites with three different compositions were produced by ARB. In
this process, pure copper (>99.9 wt.%) and aluminum (>99 wt.%) in sheet form and pure
silver powder (>99 wt.%) with a particle size of <5 μm were used as starting materials.
The initial thicknesses of the Cu and Al sheets were 0.5 and 0.3 mm, respectively. These
sheets and the Ag powder were ARB-processed for 1, 5, and 9 cycles [27] in order to obtain
layered composites. The silver powder was placed between the Cu and Al layers before
ARB. The samples have a constant amount of Al with three different Ag concentrations as
Cu/11 wt.% Al/x wt.% Ag (x = 1, 2, or 3). It should be noted that the chemical composition
of the as-processed composites depends on the thicknesses and the numbers of the Cu and
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Al sheets as well as the fraction of the Ag powder. These data before the first ARB cycle are
listed in Table 1.

Table 1. Dimensions, chemical composition, and number of layers before the first cycle of ARB-
processing.

Starting Materials
Composition

(wt.%)
Weight

(g)
Number of Layers

Dimensions of the Sheets (mm3)/
Particle Size of the Powder (μm)

Cu sheets Pure Cu (>99.9) 80.46 4 150 × 30 × 0.5
Al sheets Pure Al (>99) 10.935 3 150 × 30 × 0.3

Ag powder Pure Ag (>99) 5, 10, and 15 - <5

A surface preparation process was performed on Cu and Al sheets for a better bonding
between the layers. The following steps were carried out:

• Degreasing the sheets with acetone in order to remove surface contaminations.
• Scratching the sheets with a stainless-steel brush in order to promote cold welding

between the layers during the ARB process.
• Sectioning the sample into two halves.
• Stacking them again, repeating the ARB process up to nine passes.

The diameters of the brush and its wires were 100 mm and 0.3 mm, respectively.
During the preparation of the samples for ARB, oxidation of the sheets may occur. To
avoid this effect, attention must be paid to the time gap between the surface preparation
and the next ARB cycle. In this research, the time gap was less than 10 min. The Cu
layers were considered as the matrix and the Al layers and the silver powder were placed
between them. The rolling speed, the load, and the diameter of the rolls were 10 rpm,
30 tons, and 30 cm, respectively. In this study, the following coding is used for labeling
the as-prepared samples. The code consists of one letter and two numbers. The letter (C)
stands for the word “composite” denoting the ARB-processed samples, the first number
shows the amount of Ag in wt.% and the last number indicates the number of ARB cycles.
For example, C11 is the composite with 1 wt.% Ag processed by one cycle of ARB and C35
is the composite sample with 3 wt.% Ag after the 5th ARB cycle. It should be noted that
the presence of silver powder hinders the development of bonding between the Cu and Al
layers. To overcome this problem, the magnitude of cross-section reduction was increased
in the first ARB cycle. Namely, three rolling steps were applied; during the first rolling
step the thickness reduction was 65%, while in the next two steps, the thickness reduction
during each rolling was 50%. These three rolling steps were considered as the first cycle
of ARB. During the subsequent ARB processing, one cycle corresponds to 50% thickness
reduction as usual.

2.2. Alloy Fabrication from the ARB-Processed Layered Composites via Heat Treatment

For obtaining alloys from the ARB-processed layered composites, the samples pro-
cessed by 9 passes were heat treated at temperatures between 750 and 1050 ◦C for 60 min,
and then quenched into an ice/water mixture to produce a martensite phase. According to
the Cu–Al phase diagram [28], Cu with 11 wt.% Al can reach the β-phase region in this
temperature range; therefore, we selected this range for our study. It should be noted that
the adding of Ag may change slightly the temperatures of interest. The martensite phase
plays an important role in SMEs. In this regard, martensite start temperature (Ms) is a very
important parameter. It is essential to find alloys with high transformation temperatures
for high-temperature applications. Most Cu–based shape memory alloys, with Cu–Al–Ni
being the most common one, can be used at temperatures up to 200 ◦C. It has been shown
that for Cu–Al–Ag alloys containing different amounts of Ag (fabricated by casting), Ms is
well above 200 ◦C [26]. Among all concentrations of Ag, 2 and 3 wt.% yielded the highest
Ms. Thus, three different Ag concentrations below 3 wt.% were chosen in the present study.
A coding system was also used for the annealed samples. In this system, the letter A stands
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for the word “alloy” (or “annealed samples”). The number next to it reveals the wt.% of Ag
constituent, the second number shows the annealing temperature in ◦C, and the last one
indicates the holding time in minutes (60 min for all studied specimens). For example, a
sample with the code of “A2–950–60” indicates the alloy with 2 wt.% Ag, which was heat
treated at 950 ◦C for 60 min.

2.3. Characterization of the Phase Composition and the Microstructure

The phase composition of the ARB-processed composites and the heat-treated samples
was determined by XRD using a powder diffractometer (type: Smartlab, manufacturer:
Rigaku) with Bragg–Brentano geometry and a D/Tex detector (applying CuKα radiation
with a wavelength of λ = 0.15418 nm). The diffractograms were evaluated with the PDXL2
program using the ICDD-2018 database.

The microstructure of the Cu phase in the ARB-processed samples was studied by
XLPA. The X-ray diffraction patterns were measured by a high-resolution rotating an-
ode diffractometer (type: RA-MultiMax9, manufacturer: Rigaku) using CuKα1 radiation
(wavelength, λ = 0.15406 nm). The X-ray diffraction peak profiles were evaluated by the
convolutional multiple whole profile (CMWP) fitting procedure [29]. In this method, the
diffraction pattern is fitted by the sum of a background spline and the convolution of the
theoretical line profiles related to crystallite size and dislocations. The first eight reflections
of Cu were used in the evaluation. These peaks can be found in the diffraction angle
(2θ) range between 40 and 155◦. The area-weighted mean crystallite size (<x>area) and
the dislocation density (ρ) were determined by the CMWP fitting evaluation procedure
of the diffraction patterns. The value of <x>area is calculated as <x>area = m.exp (2.5σ2),
where m is the median and σ2 is the lognormal variance of the crystallite size distribution.
As an example, Figure 1 shows the CMWP fitting for the sample containing 1% Ag and
ARB-processed for 9 cycles. More details about the XLPA evaluation can be found in [30].

Figure 1. CMWP fitting for the sample containing 1% Ag and processed by 9 passes of ARB. The
open circles and the solid line represent the measured and the calculated patterns in the case of the
best fitting. The indices of the fitted Cu peaks are indicated in the figure. The non-indexed peaks are
related to the Al phase.
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The ARB-processed and the annealed microstructures were studied on the cross
sections of the samples by SEM using an FEI Quanta 3D microscope (manufacturer: Thermo
Fisher Scientific, Waltham, MA, USA). Each surface was mechanically polished with 1200,
2500, and 4000 grit SiC abrasive papers, and then the polishing was continued with a
colloidal silica suspension (OP-S) first with a particle size of 1 micron and then 40 nm.
Finally, the surface was electropolished at 5 V and 0.5 A using an electrolyte D2 from
Stuers. EBSD images were taken with a step size between 35 and 250 nm, depending on the
magnification, and evaluated using OIM software (manufacturer: TexSem Laboratories).
The grain size was taken as the size of the volumes bounded by high-angle grain boundaries
(HAGBs) with misorientation angles higher than 15◦. Only those areas were taken as grains
that contained at least 4 pixels. The area-weighted mean grain size was used for the
characterization of the microstructure. Energy dispersive X-ray spectroscopy (EDS) was
applied for the analysis of the chemical composition using the same electron microscope
(FEI Quanta 3D).

2.4. Mechanical Characterization

The Vickers microhardness of the samples was measured by a Wolpert Wilson hardness
tester (manufacturer: Buehler, Düsseldorf, Germany) in accordance with ASTM E384
standard. The measurements were carried out with a load of 100 g and a loading time
of 10 s. In order to increase the reliability of hardness measurement, several indents
were placed in different parts of the samples and their average was used as the final
hardness number.

The strength, ductility, and shape memory behavior of the samples were studied by
tension using an STM-50 universal testing machine (manufacturer: Santam, Tehran, Iran).
For this experiment, 1/5 miniaturized JIS-5 tensile test specimens were prepared by a
wire cut machine. The longitudinal axis of the tensile samples was parallel to the rolling
direction of ARB processing. The length, width, gauge length, and gauge width of the
tensile test specimens were 50, 15, 10, and 5 mm, respectively. During the tensile tests, a
constant cross-head velocity of 0.5 mm/min was applied, which corresponded to an initial
strain rate of about 10−3 s−1.

3. Results and Discussion

3.1. Microstructure of the ARB-Processed and the Subsequently Annealed Samples
3.1.1. Microstructure of the Sandwich-like Specimens Obtained by ARB

Figure 2 shows the XRD patterns obtained for the samples with three different Ag
contents processed by nine ARB cycles. In all samples, besides the main Cu phase, the
peaks of face-centered cubic (FCC) Al and Ag are visible in the diffractograms. The
reflections of Ag are very weak due to its small volume fraction. It can be concluded that
no reaction occurred between the constituents during ARB owing to the low temperature
of the ARB process. Although the temperature of the ARB samples usually increases from
room temperature (RT) to about 100 ◦C due to the friction between the strips and the
rolls in non-lubricant conditions [31], this temperature is not enough for a considerable
diffusion of the alloying elements into the Cu matrix during ARB processing. Therefore,
the phase composition of the ARB-processed multilayered Cu–Al–Ag materials is far from
equilibrium, since the phase diagram predicts the existence of intermetallic compounds
for the studied compositions even at low temperatures. For instance, if the Ag content is
neglected then for Cu–11 wt.% Al composition between RT and 100 ◦C, an ordered FCC
Cu3Al phase must form according to the equilibrium phase diagram.
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Figure 2. XRD patterns for the samples containing (a) 1%, (b) 2%, and (c) 3% Ag processed by 9 cycles
of ARB.

In order to characterize the microstructure of the ARB-processed samples, the XRD
peaks of the main Cu phase were evaluated for the crystallite size and the dislocation
density using the XLPA method. Table 2 shows the effect of the ARB cycles and the Ag
contents on the crystallite size (<x>area) and the dislocation density (ρ). The crystallite size
varied between ~65 and ~103 nm while the dislocation density was about 7 × 1014 m−2

for the different samples. It is obvious that the crystallite size is small and the dislocation
density is high even after the first cycle of ARB, which is not in accordance with the
expected gradual development of the microstructure versus the number of ARB cycles. The
observed fast microstructural refinement can be attributed to the addition of Ag powder to
the Cu–Al system and the corresponding modification of the ARB process. Namely, the
presence of silver powder between Cu and Al layers hinders the development of bonding
between them [32]. To achieve a proper bonding strength between the layers, either the
number of rolling cycles or the magnitude of cross-section reduction should be increased.
In this study, three rolling steps were used during the first cycle of ARB as described in
Section 2.1. Since several rolling steps were required to achieve a proper bonding strength
between the layers due to the presence of the silver powder, the density of dislocations
became high and the crystallite size had a low value even in the early stage of ARB (i.e.,
immediately after the first cycle). Therefore, the crystallite size and the dislocation density
only slightly changed with increasing the number of ARB cycles. The XLPA results also
suggest that the Ag content has only a marginal effect on the microstructural parameters.
Most probably, the silver particles at the interfaces of the Cu and Al layers cannot influence
the microstructure inside the Cu layers considerably. Since the number of ARB cycles has
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no significant effect on the microstructural parameters determined by XLPA, an SEM study
on the grain structure was performed only for the highest applied ARB cycle (e.g., for nine
cycles). These results are shown in the next paragraphs.

Table 2. The crystallite size (<x>area) and the dislocation density (ρ) for the ARB-processed samples
as obtained by XLPA.

Sample <x>area (nm) ρ (1014 m−2)

C11 103 ± 12 9.2 ± 1.0
C15 91 ± 10 6.4 ± 0.8
C19 70 ± 9 7.4 ± 0.9
C21 87 ± 10 6.8 ± 0.8
C25 93 ± 10 7.3 ± 0.9
C29 80 ± 9 6.4 ± 0.8
C31 65 ± 8 6.2 ± 0.7
C35 83 ± 9 6.8 ± 0.8
C39 67 ± 8 7.4 ± 0.9

The backscattered SEM images in Figure 3 illustrate the microstructures obtained on
the cross section of the samples containing different Ag contents and processed for nine
cycles of ARB. The bright and dark areas correspond to Cu and Al phases, respectively. It
can be seen that the samples contain thick Cu and thin Al layers or their fragments, which
are elongated in the rolling direction (direction RD). After the first ARB cycle, the samples
consist of four Cu and three Al layers. The number of layers increases with increasing
the number of ARB cycles and at the end of the ninth cycle, the composites contain
1792 layers. However, it should be noted that the determination of the number of layers in
the micrographs is difficult due to their fragmentation and deformation caused by ARB
straining. With increasing the number of cycles, the thickness of the layers decreases (not
studied here). The thickness reduction may be different for the various layers, depending
on their mechanical properties [24]. Some ARB processing parameters, such as the load,
also affect the thickness reduction [33]. Figure 3 revealed that there is a broad thickness
distribution for the layers of the copper matrix.

Figure 4a shows a large Cu layer fragment from the center of the backscattered SEM
image in Figure 3a obtained on the ARB-processed sample C19. The contrast differences
inside the Cu layer suggest a fine-grained microstructure. Indeed, the inverse pole figure
(IPF) map in Figure 4b taken on the same area reveals an average grain size of a few
microns on the top and bottom part of the layer (zone “b” in Figure 4a) while the UFG
microstructure with an average grain size of several hundreds of nanometers exists in
the middle of the Cu layer (indicated by the letter “a” in Figure 4a). The much smaller
grain size in the middle region may be caused by a recrystallization due to the severe
deformation during ARB. Indeed, former studies suggested that in metals with low and
medium stacking fault energies (SFEs), recrystallization is the dominant mechanism of
grain refinement during ARB, leading to nanostructured or UFG microstructures [31,34].
However, grain subdivision is the dominant mechanism in metals with high SFEs [31,32].
Since the values of SFEs for copper and aluminum are 78 and 166 mJ/m2, respectively [35],
it is suggested that recrystallization and grain subdivision are the dominant mechanisms for
copper and aluminum, respectively. In the grain subdivision mechanism, dislocations are
formed at the beginning of SPD processing, which are clustered into dislocation cell walls
at a later stage of deformation [36]. In the present material, Cu and Al co-exist; therefore,
both mechanisms contributed to the structural refinement. It should be noted that in
ARB processing, in addition to the high applied strain, other factors also contribute to the
structural refinement [2,37,38]. For instance, friction between the rolls and the samples, as
well as scratch brushing of the surface, can increase the dislocation density and refine the
grains. In addition, the interfaces between the layers are strong obstacles against dislocation
motion, thereby inducing a more intense dislocation multiplication and thus contributing
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to grain refinement. The difference between the thermal expansion coefficients of Cu, Al,
and Ag can also yield dislocation generation if the increase in temperature during ARB is
considered [37].

 

Figure 3. Backscattered SEM image of the microstructure obtained on the cross-section of the
composites containing (a) 1 wt.%, (b) 2 wt.%, and (c) 3 wt.% Ag processed for 9 passes of ARB
(denoted as C19, C29, and C39, respectively). The bright and dark areas correspond to Cu and Al
phases, respectively.

Inhomogeneities in the grain structure were found not only for specimen C19 but also
for the samples containing 2% and 3% Ag and processed by 9 cycles of ARB, as shown in
Figure 4c,d. The average grain size was in the range of 2–5 μm for the three samples with
different Ag contents and ARB-processed for nine cycles. It was also found that most grains
in the Cu matrix are elongated in the rolling direction. It is worth noting that the crystallite
size obtained by XLPA is much smaller than the grain size determined by microscopic
methods such as EBSD, which is a usual effect in SPD-processed metallic materials [19].
This difference can be explained by the sensitivity of the XLPA method on misorientations
inside the grains since volumes even with very low orientation differences (a few tenths
of degrees) scatter X-rays incoherently. Therefore, the XLPA method measures the size of
subgrains or dislocation cells in severely deformed metals rather than the grain size. The
microstructure in the minor Al phase in the ARB-processed samples was not studied either
XLPA or EBSD due to its very low fraction.

3.1.2. XRD Study of the Evolution of the Phase Composition during Annealing of the
ARB-Processed Samples

The ARB-processed samples were heat treated at different temperatures for 60 min
in order to induce the formation of the β-phase with good SME. In the selection of the
annealing conditions, it was considered that Cu–based SMAs exhibit their shape memory
features in the zone of the β-phase. The shape memory characteristics of these alloys
depend mainly on the properties of the β-phase. During cooling of the β-phase from
565 ◦C, usually, an eutectoid decomposition of β → α + γ2 occurs. However, high cooling
rates are able to prevent this phase from eutectoid decomposition and enable the martensitic

114



Crystals 2022, 12, 1167

transformation [39]. Thus, the authors decided to study the effect of annealing at different
temperatures of 750, 850, 950, and 1050 ◦C for 60 min on the phase composition of the
present ARB-processed Cu–Al–Ag materials. Since the number of ARB cycles has no
considerable effect on the phase composition of the studied samples immediately after
ARB (see Section 3.1.1), the annealing experiments were performed only for the specimens
processed by nine cycles of ARB.

 

Figure 4. (a) Image quality (IQ) and (b) IPF color maps for the ARB-processed sample C19, as obtained
by EBSD. In figure (a), the letters “a” and “b” indicate zones with average grain sizes of several
hundreds of nanometers and a few microns, respectively. IPF color maps for the ARB-processed
specimens (c) C29, and (d) C39.

The phase composition for all the three silver contents changed during the annealing
of the ARB samples as revealed by XRD. For the sample containing 1% Ag and processed by
nine passes of ARB, the material transformed into a single phase simple cubic Al4Cu9 (PDF
card number: 01-075-6862), irrespective of the annealing temperature, as shown in Figure 5.
It should be noted, however, that the composition of the Al4Cu9 phase corresponds to an
Al content of 31 at. % while the nominal Al content in the studied materials is only 23 at. %
(11 wt.%). Therefore, a part of Al sites in the present Al4Cu9 simple cubic structure must
be occupied by Cu atoms; i.e., the real composition of this phase most probably deviates
from Al4Cu9. It is also worth noting that former studies have shown that the formation
probability of the Al4Cu9 intermetallic compound depends on the Cu content as well as
the time and temperature of annealing [40]. According to the equilibrium Cu–Al phase
diagram, this phase forms between 360 and 570 ◦C for the Al content of 11 wt.%. At the
temperatures of the present heat treatments (between 750 and 1050 ◦C), the stable phase is
the β-phase. Therefore, the Al4Cu9 intermetallic compound most probably formed from
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the β-phase when the temperature fell below 570 ◦C during cooling even if the samples
were quenched. Since Cu–based alloys with Al4Cu9 as a major phase do not show SME
and exhibit a low ductility (i.e., they are very brittle), this material is not suitable for shape
memory applications.

Figure 5. XRD patterns for the samples containing 1 wt.% Ag annealed at different temperatures for
60 min.

The phase compositions of the samples containing 2% Ag, processed by nine ARB
passes, and subsequently annealed, are shown in Table 3. The corresponding XRD patterns
are presented in Figure 6. It is revealed that the specimen heat treated at 950 ◦C for 60 min
contains the highest fraction of the β1-AlCu3 phase (~82%). It has been reported [39]
that in Cu–based SMAs with an Al content of 11 wt.% or more, the body-centered cubic
(BCC) structure transformed to a DO3-type superlattice by transferring the β to an ordered
β1-phase prior to martensitic transformation. In this case, the martensite “inherits” the
ordered structure. When the Al content is between 11 and 13 wt.%, β′1 martensite having
a monoclinic 18R1 structure prevails. When Al content exceeds 13 wt.%, orthorhombic
2H-type γ′1 martensite forms. Our results suggest that the increase in Ag content from
1 to 2% stabilizes the β1-AlCu3 phase during cooling. This effect can be attributed to
the reduced diffusion rate caused by the addition of a third alloying element such as
Ag [39,41,42]. The slower diffusion can hinder the decomposition of the β1-phase during
cooling. In addition, large Ag solute atoms or silver particles can hinder the motion of phase
boundaries, thereby impeding the development of equilibrium phase composition during
quenching. According to the Cu–Al phase diagram during the cooling of the β-phase below
564 ◦C, an eutectoid decomposition of β→ α + γ2 or β→ α + γ1 occurs [39]. Silva et al. [42]
suggested that Ag addition hinders these reactions and promotes β → β1 ordering during
cooling; therefore, the amount of the β1 phase increases in accordance with the results of
the present study. It is noted that oxide phases also developed in the samples heat treated
at very high temperatures (950 and 1050 ◦C), which can be explained by the high rate of
oxidation at elevated temperatures.
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Table 3. XRD intensity fractions in % of the different phases for the samples with 2% Ag processed
by 9 ARB passes and subsequently annealed at different temperatures. PDF card numbers: β1-AlCu3

(00-028-0005), Al4Cu9 (01-075-6862), γ-AlCu3 (01-074-6895), CuO (01-073-6023), Cu2O (01-080-7711),
and CuAlO2 (01-075-2356).

Sample Name γ-AlCu3 β1-AlCu3 Al4Cu9 CuO Cu2O CuAlO2

A2-750-60 27 32 41 - - -
A2-850-60 10 51 39 - - -
A2-950-60 - 82 - 12 3 3
A2-1050-60 - 82 - 5 - 13

Figure 6. XRD patterns for the samples containing 2 wt.% Ag annealed at different temperatures for
60 min.

For the specimens containing 3% Ag processed by nine passes of ARB and subse-
quently annealed at different temperatures, the phase composition obtained after annealing
is listed in Table 4. The XRD patterns of these samples are shown in Figure 7. Table 4 reveals
that β1-AlCu3 is the major phase for all studied annealing temperatures. It seems that with
increasing Ag content, the main phase changed from Al4Cu9 to β1-AlCu3. The highest
fraction of the β1 phase was obtained at 850 ◦C (~95%). For the samples A3–950–60 and
A3–1050–60, an FCC Cu (Al) phase was also detected. For this phase, the lattice constant
was about 0.3677 ± 0.0002 nm, which is much larger than that of pure Cu (0.3615 nm).
The high lattice constant was most probably caused by the solute Al and Ag atoms, which
have a higher size than that of Cu. Thus, it can be concluded that the optimal annealing
temperatures for obtaining the highest fraction of the β1-AlCu3 phase are 950 and 850 ◦C for
2 and 3% Ag, respectively. Therefore, in the next section, the microstructure is investigated
only for the samples annealed at 850 and 950 ◦C for both silver concentrations. It is worth
mentioning that other researchers have also reported these temperatures as the optimum
for processing Cu–Al–Ag SMAs by other methods than ARB [42].
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Table 4. XRD intensity fractions in % of the different phases for the samples with 3% Ag processed
by 9 ARB passes and subsequently annealed at different temperatures for various times. PDF card
numbers: β1-AlCu3 (00-028-0005), CuO (01-080-1916), CuAlO2 (01-075-2356), Cu (01-071-4610), and
Ag (01-073-6977).

Sample Name β1-AlCu3 CuO Cu (Al) Ag CuAlO2 Cu2O

A3–750–60 89 8 2 - - 1
A3–850–60 95 4 - 1 - -
A3–950–60 79 5 11 2 3 -

A3–1050–60 66 - 12 - 22 -

Figure 7. XRD patterns for the samples containing 3 wt.% Ag annealed at different temperatures for
60 min.

3.1.3. Microstructure Analysis of the Annealed Samples

Figure 8a,b show EBSD IPF maps for samples with 1 wt.% Ag annealed at 850 ◦C and
950 ◦C for 60 min and quenched in ice/water mixture, respectively. For both temperatures,
the grain shape is rather equiaxial compared to the elongated morphology in the ARB-
processed state (see Figure 3). These materials are single-phase simple cubic structures
(Al4Cu9 type), which formed during cooling from the β-phase regime. By comparing
Figure 8a,b, it can be concluded that the grain size was enhanced by increasing the annealing
temperature. The average grain size was about 14 μm for sample A1–850–60, while it was
about 30 μm for sample A1–950–60.
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Figure 8. EBSD IPF maps for the samples with 1% Ag processed by 9 passes of ARB and then
annealed at (a) 850 and (b) 950 ◦C for 60 min.

Figure 9a,b show EBSD IQ maps for the samples containing 2% Ag processed by
nine ARB passes and then annealed at 850 and 950 ◦C for 60 min, respectively (samples
A2–850–60 and A2–950–60). EBSD IPF color maps were not prepared for these specimens
since they are multiphase materials and the β1-phase structure was not available in the
database used by the indexing OIM software. Nevertheless, the IQ images are suitable
for the determination of the size and morphology of grains. Namely, it can be seen that
after quenching the samples below, the martensite finish temperature (Mf) spear/needle-
like martensite is formed. It has been reported [43] that martensite is usually formed in
two morphologies in Cu–based alloys: plates and thin needles. The martensite plates
form as self-accommodation variant groups. The self-accommodation phenomenon is
characterized by a zero apparent change in the shape of SMAs when they transform
from the high-temperature austenite to the low-temperature martensite phase. During
martensitic transformation, the crystalline lattice of the high-temperature phase (austenite)
undergoes a shearing parallel to a particular crystallographic plane and with a shearing
vector in a particular crystallographic direction [44]. The crystal variants of martensite have
different potential orientations in which the shearing can be produced. For both samples,
although the mean grain/packet size is tens of microns, the grains/packets contain lamellas
with a thickness of about 3 and 1 μm for samples A2–850–60 and A2–950–60, respectively.

 

Figure 9. EBSD IQ maps for the material containing 2% Ag and processed by 9 passes of ARB and
then annealed at (a) 850 and (b) 950 ◦C for 60 min, (samples A2–850–60 and A2–950–60, respectively).
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Figure 10 shows EDS elemental maps for alloy A2–950–60 exhibiting the highest β1-
phase fraction among the annealed specimens with 2% Ag content. Considerable chemical
inhomogeneities cannot be observed.

 

Figure 10. (a) Cu, (b) Al, (c) Ag, and (d) O elemental maps for sample A2–950–60 as obtained by
SEM-EDS.

Figure 11a, b show EBSD IQ maps for the material containing 3% Ag, processed by
nine passes of ARB and then annealed at 850 and 950 ◦C for 60 min, respectively (samples
A3–850–60 and A3–950–60). It can be seen from Figure 11a that in specimen A3–850–60
the grain size is about 15 μm. These grains contain lamellas with a thickness of about
0.5 μm. From Figure 11b, it is obvious that the microstructure consists of martensite and the
grain size increased to about 30 μm for sample A3–950–60 due to the increase in annealing
temperature. The grains contain lamellas with a thickness between 0.1 and 0.7 μm. The
lamellar microstructure inside the yellow square in Figure 11b is shown with a higher
magnification in Figure 11c where a martensitic structure with different lamella sizes
is visible.
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Figure 11. EBSD IQ maps for the material containing 3% Ag and processed by 9 passes of ARB and
then annealed at (a) 850 and (b) 950 ◦C for 60 min (samples A3–850–60 and A3–950–60, respectively).
The lamellar microstructure inside the yellow square in (b) is shown with a higher magnification
in (c).

Figure 12 shows SEM-EDS elemental maps for sample A3–850–60, which has the
highest β1-phase fraction among the annealed specimens with 3% Ag content. Considerable
chemical inhomogeneities were not detected.

As it can be seen from Figures 9 and 11, the as-quenched structures for the alloys
with 2 and 3 wt.% Ag are composed of a spear or needle-like grains of the β1-phase.
This type of microstructure is commonly observed in as-quenched Cu-based SMAs [43].
There is a slight change in martensite needle size with increasing the Ag content from 2 to
3 wt.%, suggesting that nucleation and growth of the martensite phase are influenced by
the alloying elements’ concentration [45]. For instance, Ag particles can reduce the mobility
of interfaces during the growth of the newly nucleated β1-phase grains, resulting in a finer
microstructure. In addition, the alloying elements may have an effect on the nucleation
of the martensite phase since they influence the martensite transformation temperature.
For example, it has been found that with increasing the concentration of Ti and Zr, the
martensite transformation temperature decreased and increased, respectively [46]. The
addition of Ag to Cu–Al alloys also influences the transformation temperature. Namely,
Cu–Al–Ag SMAs exhibit higher transformation temperatures than other Cu–based alloys.
It was also reported that with increasing silver content, the Ms temperature changed from
370 to 257 ◦C [23].
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Figure 12. (a) Cu, (b) Al, (c) Ag, and (d) O elemental maps for sample A3–850–60 as obtained by
SEM-EDS.

For 2 and 3% Ag concentrations, the samples heat treated at 950 and 850 ◦C, respec-
tively, exhibit a compromise between high β1-phase content and low grain size. For higher
temperatures (e.g., at 1050 ◦C), grain growth is expected to be more pronounced without
increasing the amount of the β1-phase; i.e., annealing at this temperature is not beneficial
for our goal (to obtain SMA with high strength). Therefore, in the study of the mechani-
cal behavior, we focused on these optimal microstructures (i.e., samples A2–950–60 and
A3–850–60).

3.2. Effect of Phase Composition and Microstructure on Mechanical Properties
3.2.1. Microhardness of the ARB-Processed and the Subsequently Annealed Samples

It is obvious that mechanical properties are structure sensitive [47]; thus, the number
of ARB cycles and the heat treatment conditions should play an important role in the
mechanical behavior of the studied samples. Table 5 shows the effect of ARB cycles
on the Vickers microhardness of Cu–Al–Ag multilayered materials with different Ag
contents. During the first cycle, the Cu and Al layers were completely separated in the
samples; therefore, their microhardness values are reported individually in Table 5. Since
the microhardness of Cu and Al layers did not depend on the Ag content, only a single
hardness value is reported for each layer, which is valid for samples C11, C21, and C31. For
five and nine cycles of ARB, the microhardness values in Table 5 characterize the whole
sample. The data in Table 5 show that the microhardness increases with increasing the
number of ARB cycles. Since the dislocation density saturated in the main Cu phase even
after the first cycle as revealed by XLPA (see Table 2), the hardness increase is most probably
caused by the refinement of the microstructure [48]. On the other hand, it is evident that the
thickness of the elongated Cu and Al layers decreases gradually with increasing the number
of ARB cycles (even if it was not monitored experimentally in the present study), and these
interfaces are strong obstacles against dislocation motion; therefore, they considerably
contribute to hardening. The Ag content has only a marginal effect on the hardness of
the ARB-processed materials. Most probably, the Ag particles are located at the Cu/Al
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interfaces; therefore, besides the strengthening effect of interfaces, they have no significant
contribution to the hardness.

Table 5. Effect of ARB cycles on the microhardness of Cu/Al/Ag samples with different Ag contents.
The relative error of the hardness values is about 5%.

Sample Cu Layers Al Layer C15 C19 C25 C29 C35 C39

Microhardness
(HV) 55 26 101 124 109 131 108 133

Table 6 lists the microhardness values for the alloys with different Ag contents that
were processed by nine cycles of ARB and then heat treated at 850 ◦C and 950 ◦C for 60 min.
It is revealed that the microhardness was enhanced during the annealing of the ARB-
processed samples due to the formation of hard phases such as Al4Cu9 and martensite. In
addition, the martensite microstructure contains very fine lamellas (see Figure 11c), which
also contributes to hardening. Although, it has been reported that the addition of Ag to the
Cu–Al binary alloys increases their microhardness by influencing the nucleation rate and
the activation energy of the eutectoid decomposition reaction [49], in the present study this
effect is marginal compared to other hardening contributions (e.g., grain size).

Table 6. Effect of heat treatment on the microhardness of Cu–Al–Ag alloys. The relative error of the
hardness values is about 5%.

Sample A1–950–60 A2–850–60 A2–950–60 A3–850–60 A3–950–60

Microhardness
(HV) 210 245 270 281 266

3.2.2. Tensile Testing

The tensile behavior of the materials containing 1 wt.% Ag was not studied since
after annealing the samples became very brittle due to the formation of the Al4Cu9 phase;
therefore, a reasonable stress–strain curve cannot be detected. Figure 13 shows the engi-
neering stress–strain curves for the samples containing 2 and 3 wt.% Ag. The ultimate
tensile strength of the ARB-processed multilayered samples was close to each other: ~340
and ~360 MPa for specimens C29 and C39, respectively. The elevated tensile strength is a
consequence of different hardening effects, such as dislocations formed during ARB, grain
refinement, and strong interfaces between the layers [33,50]. Another phenomenon that
influences the tensile strength of the multilayered ARB-processed samples is the strain
incompatibility. As a result of the co-existence of Cu and Al layers with different mechani-
cal properties (elastic modulus, yield strength, etc.), a strain incompatibility phenomenon
occurs between the constituents during ARB. Due to this effect, strain gradients and geo-
metrically necessary dislocations near the interfaces can develop, resulting in an additional
back-stress hardening [33,51].

123



Crystals 2022, 12, 1167

 
Figure 13. Tensile stress–strain curves for the samples processed for 9 ARB cycles and containing 2
and 3 wt.% Ag (specimens C29 and C39) and their counterparts heat-treated at 950 ◦C and 850 ◦C for
60 min, respectively (samples A2–950–60 and A3–850–60).

As it can be seen from Figure 13, the heat treatment at 950 ◦C for 60 min yielded an
increase in the tensile strength for the samples containing 2 wt.% Ag and ARB-processed for
nine cycles. For sample A2–950–60, the strength reached a value as high as ~460 MPa with a
good ductility (about 9%). For sample with 3 wt.% Ag, a similar increase in tensile strength
occurred at 850 ◦C. The strength of sample A3–850–60 is even higher (~520 MPa) than that
for specimen A2–950–60. The improvement of the tensile strength due to annealing can be
explained by the formation of a hard martensite phase with fine microstructure as discussed
in Section 3.1. Former studies have also reported improvement in tensile behavior of Cu
alloys with decreasing grain size [52,53]. Indeed, Cu–based SMAs with coarse grains are
not appropriate for commercial applications [54–56]. The grain refinement in Cu–Al SMAs
can be achieved by increasing the Al content or adding other alloying elements [57,58]. The
solute atoms and the secondary phase particles can hinder the interface motion, thereby
stabilizing the martensite phase exhibiting good SME [59]. It is also worth noting that the
fine-grained microstructure developed during ARB had both direct and indirect effects on
the microstructure and the mechanical properties of the studied Cu–Al–Ag alloys. First, this
microstructure yielded a higher strength in comparison with the counterparts processed by
casting [60] due to the Hall–Petch strengthening effect caused by the low grain size [61].
In addition, dislocations and grain boundaries in the ARB-processed samples are fast
diffusion paths, which facilitate the formation of the martensite phase during annealing.
Thus, the annealing time can be shortened, thereby minimizing the grain growth during
the heat treatment (the effect of annealing time on the microstructure was not studied
here). Moreover, dislocations and grain boundaries are preferred sites for nucleation of new
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phases during phase transformation; therefore, their high amount in the ARB-processed
samples can yield a finer martensite microstructure.

3.2.3. Shape Memory Behavior of the Alloys Containing a High Fraction of the β-Phase

The shape memory behavior of the specimens containing the highest fraction of the β1-
phase (i.e., for specimens A2–950–60 and A3–850–60) was characterized by the magnitude of
the strain recovered during unloading of the samples tensile tested for small plastic strains
(about 1%). Figure 14a, b shows the loading–unloading tensile stress–strain curves for the
annealed alloys A2–950–60 and A3–850–60. According to Figure 14a, the retained plastic
strain and the recovered strain for sample A2–950–60 were 0.7% and 3.0%, respectively.
For sample A3–850–60, the values of retained and recovered strains were 1.2% and 3.4%,
respectively. The high recovered strains for both samples can be attributed to the large
β1-phase fraction (82–95% as shown in Tables 3 and 4). The slightly better shape memory
behavior for sample A3–850–60 can be explained by the higher amount of the β1-phase.
These two alloys showed a better SME than other Cu–based SMAs. For instance, it has
been reported that Cu–Al–Ni SMAs have lower flow stress (~200 MPa) and recovered
strain (~1.5%) values after being treated for SME [39]. The strength of Cu–Al–Ni SMAs
was improved to about 400 MPa with the addition of 0.4 wt.% Ti; however, the recovered
strain remained only ~1.5% [39]. The strength and the recovered strain obtained for a
Cu–Al–Mn SMA with the composition of Cu72Al17Mn11 [19] were lower than the values
determined for the present ARB-processed and annealed Cu–Al–Ag sample with 3 wt.%
Ag (sample A3–850–60). It was tried to improve both the strength and the recovered strain
of a Cu–Al–Mn SMA by adding more Mn alloying elements, but they could not improve
both properties simultaneously. For example, the alloy (Cu72Al17Mn11)99.8–B0.2 showed a
strength of about 400 MPa; however, the recovered strain was only about 1%. On the other
hand, the addition of a small amount of Co to Cu–Al–Mn SMA (yielding the composition of
(Cu72.5Al17Mn10.5)99.5–Co0.5) increased the recovered strain to about 7%, but the strength
decreased to ~150 MPa simultaneously.

Figure 14. Engineering stress–strain curves obtained during loading and unloading in a tensile test
performed for samples (a) A2–950–60 and (b) A3–850–60.

4. Conclusions

Experiments were conducted for the study of the microstructure and mechanical
behavior of Cu–11 wt.% Al–x wt.% Ag (x = 1, 2, or 3) SMAs processed by ARB and
subsequent annealing at different temperatures. The following conclusions were drawn
from the results:
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1. The ARB-processed samples contain Cu and Al layers or layer fragments since in-
termetallic phases were not formed due to the slow diffusion of Cu and Al at room
temperature. The dislocation density in the main Cu phase was about 7 × 1014 m−2,
irrespective of the number of ARB cycles and the Ag content. The early saturation of
the dislocation density can be attributed to the addition of Ag powder to the Cu–Al
system and the corresponding modification of the ARB process. Namely, the presence
of silver powder between Cu and Al layers hindered the development of bonding
between them. Therefore, three rolling steps were used during the first cycle of ARB
and the density of dislocations became high even after the first cycle. The grain size
after nine cycles was a few microns.

2. During heat treatment of the ARB-processed samples, new intermetallic phases such as
β1-AlCu3, Al4Cu9, and γ-AlCu3 were formed. For the lowest Ag content (1 wt.%), the
main phase was the brittle Al4Cu9, irrespective of the temperature of heat treatment.
For higher Ag concentrations (2 and 3 wt.%), the annealed samples contain mainly
the β1-AlCu3 phase. After 60 min of annealing, the best phase compositions were
achieved at 950 and 850 ◦C for the samples containing 2 and 3 wt.% Ag, respectively.
The martensite phase consisted of very fine lamellas with a thickness of one micron or
less. Since dislocations and grain boundaries facilitate the nucleation of new phases,
ARB processing must have a significant role in obtaining fine-grained martensite
microstructure during annealing.

3. The heat treatment at 850 and 950 ◦C for 60 min increased the microhardness and the
strength of the presently studied Cu–Al–Ag alloys due to the formation of fine-grained
hard intermetallic phases. For the samples containing 2–3 wt.% Ag, annealing at 950
and 850 ◦C for 60 min after nine cycles of ARB increased the hardness from about 130
to 280 HV and the tensile strength from 340–360 to 460–520 MPa.

4. The alloys containing 2 and 3 wt.% Ag, processed by nine ARB cycles and then
annealed at 950 and 850 ◦C for 60 min, respectively, exhibited a good SME. The
recovered strain was about 3% while the tensile strength was as high as ~500 MPa.
These values are outstanding among the Cu–based SMAs.
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Abstract: Hybrid composites recently developed as highly effective, high-strength structural mate-
rials that are increasingly used. Aluminum matrix hybrid composites strengthened with ceramic
particulates are commonly used in marine, aerospace, and defense applications because of their
exceptional properties. Zirconia-reinforced composites are favored because these composites dis-
play high refractory properties, excellent abrasion resistance, and chemical resistance compared to
composites of other reinforcements.For applications where lightweight and superior performance
is paramount, such as parts for spacecraft, fighter aircraft, and racecars, graphite compositesare the
material of choice. In this research work, an effort was made to combine the properties of zirconia and
graphite by producing a unique metal matrix composite of LM5 aluminum alloy reinforced with 6%
zirconium dioxide (zirconia), using the stir casting process by changing the percentage of the weight
of graphite to 2%, 3%, and 4%. The test specimens were prepared and evaluated in compliance with
ASTM standards to study micro- and macrohardness, and impact, tensile, and compressive strength.
Microstructural studies of composites performed through optical microscopy and SEM expose the
unvarying dispersal of particulates of ZrO2/graphite in the aluminum matrix. The hardness, impact,
and compressive strength are enhanced due to the addition of reinforcement.

Keywords: hybrid composites; characterization; zirconia; graphite; SEM; microstructure

1. Introduction

Aluminiummatrix composites (AMCs) are recognized as materials with enhanced
reliability for specific engineering fields. In some instances, they substitute homogenous
alloy systems and, in particular cases, similar materials in terms of efficiency and econ-
omy [1,2]. Among several light metals such as Mg, Al, and Ti used as matrices, Al and
its alloys are used more extensively as the matrices for MMCs [3,4]. This is related to
properties such as being lightweight, and having a high corrosion resistance and ease of
fabrication, which satisfy a broad range of current and potential requirements [5,6]. LM5
is a widelyused choice of special-purpose alloy as a matrix material compared to several
other types of aluminium alloys, due to its favorable mechanical properties combined with
efficient formability and corrosion resistance used for marine applications. Aluminium
alloys have a meager resistance to wear compared with other metallic materials. To increase
toughness and strength, the aluminium alloy must be reinforced. A variety of materials
such as silicon carbide (SiC), titanium carbide (TiC), boron carbide (B4C), aluminium ox-
ide (Al2O3), silicon nitride (Si3N4), zirconium dioxide (ZrO2), zirconium silicate (ZrSiO4),
boron nitride (BN), and sometimes even softer materials such as graphite and mica,are
also used as reinforcements. The materials that stand outare ceramics rather than ferrous
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alloys. A good composite can be fabricated with ceramic reinforcement, and it exhibits
superior qualities that are comparable to, or even greater than, other ferrous alloys. The
liquid metallurgy techniques are easier to tackle during manufacturing and have a low-cost
manufacturing method, particularly with intermittent reinforcements, compared to various
processing techniques. It is observed that these MMCs result in isotropic properties [7]. A
decent number of studies were conducted individually on Al/ZrO2 and Al/graphite. The
effect of graphite on the mechanical properties of aluminium composites was explored by
Pai et al. [8].

The use of multiple reinforcements improved tribological properties for aluminum
matrix hybrid composites more than the use of a single reinforcement. The constituents can
interact synergistically, giving rise to better properties. Aluminium matrix composites with
zirconia (ZrO2) reinforcementswith high fracture toughness were produced by squeeze
casting to fabricate Al-9Zn-6Mg-3Si composites with additions of 2.5, 5, and 7.5 vol.% ZrO2.
The results reveal that the higher the porosity, the higher the hardness, and the higher the
impact values, both in the as-cast condition and after 1 h of ageing at 200 ◦C [9]. Aluminium
metal matrix replaces traditional materials with high melting points and high densities,
reducing energy consumption and helping the environment. With the help of AA 6061 and
ZrO2, they produced a low-weight, high-strength composite material using a stir casting
technique combined with a squeeze casting configuration [10].The mechanical properties
are enhanced, and there is a slight increase in density due to the high density of ZrO2, up
to the addition of 6% ZrO2 [11].

The compo-casting technique successfully creates aluminium Al7075 alloy composites
with varied weight percentages of ZrO2 reinforcement (3, 6, 9, 12). The micrographs
and EDAX show a homogeneous reinforcement distribution in a soft aluminium-rich
matrix with micro porosities. The test findings show that the composites’ hardness and
ultimate tensile strength are increasing up to a reinforcement percentage of 6%, and there
is a significant improvement in characteristics, but after that, the improvement is small.
The gains in characteristics are mostly attributable to greater reinforcement distribution
and interfacial bonding [12]. The mechanical and tribologicalbehaviour of aluminium
(Al)-based silicon carbide (SiC, micro particles) and zirconium-oxide (ZrO2, nano particles)-
particle-reinforced hybrid composites. Powder metallurgy (PM) technology was used to
add ZrO2 (0, 3%, 6%, and 9%, weight fraction) to Al-5% SiC composites. The hardness and
wear resistance of Al + SiC + ZrO2 hybrid composites are shown to improve as the ZrO2
content is increased [13].

Metal matrix composites based on aluminium alloys are becoming more popular in
industrial applications that demand a high strength-to-weight ratio. AA6061 aluminium
alloy matrices with zirconium-dioxide-particle-reinforced composites were fabricated using
the stir casting technique.Composite materials reinforced with zirconium dioxide are fabri-
cated with various weight percentages of reinforcement, such as 2%, 4%, 6%, 8%, and 10%.
The composite’s metallurgical and mechanical properties are investigated. The particles
are equally spread in the matrix alloy, as shown by a scanning electron micrograph. The
addition of ceramic particles increases the material’s hardness by preventing dislocations
in the alloy matrix. The addition of zirconium dioxide particles boosts its strength by 6%,
according to tensile test results. In 6% of ZrO2 and 2% of C inclusion of a 92% of AA6061
matrix material, the maximum strengths are 175 MPa in tensile strength, 45HRB hardness,
and 4.56 × 10−9 g/mm. The addition of ZrO2 raises the hardness of the base metal from 6%
to 12%, and increases the ultimate tensile strength from 8% to 15%. The characteristics of
the composite material are lowered when the reinforcing particles are added to the highest
extent possible [14].

Al 2024 composites reinforced with 5%, 10%, 15%, and 20% ZrO2 are created via
vacuum infiltration. Due to an increase in the ZrO2 reinforcement ratio, the density steadily
rises. The density increase is due to the density of the reinforcing element being greater than
the density of the matrix material. The rise in density, on the other hand, is not as great as
the increase in the ZrO2 reinforcement ratio. Reinforcement agglomeration in the composite
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structure is generated by increasing the ZrO2 reinforcement ratio. In general, graphite as an
additive to a composite has an eclectic effect on mechanical properties, whereas it leads to a
positive effect on tribological properties [15]. Graphite is accessible in large quantities and
at a lower cost. It is used to minimize the energy content, material content, cost, component
weight, and improve wear resistance in aluminium castings. Strong interfacial connections
exist between the matrix and the graphite particles. Hardness reduces as graphite content
rises, but wear characteristics improve [16].

AA7075/graphite composites were produced by the stir casting method. The weight
% of the graphite reinforcement in the AA7075 matrix phase varies from 5 to 20% in steps of
5%. A decrease in the ultimate tensile strength of the composite compared to the base matrix
with an increase in the addition of graphite in the composite is observed. A significant
decrease in the tensile strength is noticed at 5% of graphite compared to other weight
percentages of graphite. This is due to graphite, which is brittle in nature, augmenting the
tendency of crack initiation and propagation at the metal interface [17].

The tensile test results of Al 6061/B4C/graphite with a constant weight percentage of
B4C and varying weigh percentage of graphite are demonstrated. There is an increase in
the tensile strength of composite with the addition of B4C, whereas a decrease in the tensile
strength with the addition of graphite is noticed. They conclude that the tensile strength
of MMC mainly depends on reinforcement strength and interfacial strength between the
matrix and the reinforcement. ZrO2 was added to the aluminium 2% graphite matrix in
four distinct amounts (3%, 6%, 9%, and 12%). Cold pressing with a pressure of 700 MPa
produces green compact samples from composite powders that were mechanically alloyed
for 60 min. The green compacts were sintered at 600 ◦C for 2 h. Microstructure, density,
and hardness measurements were taken on the aluminium composites formed. Hardness
and density values increase as the amount of ZrO2 increases in the matrix, and decrease as
graphite is added as a consequence of the research [18].

The inclusion of graphite to the Al6061 matrix demonstrates a worsening trend in
mechanical properties. The influence of SiC and graphite on Al6061 alloy is demonstrated
by the fact that the composite’s hardness and strength increase with the addition of SiC,
while the hardness decreases and the strength increases with the inclusion of graphite
to Al6061.

Aluminum alloys have excellent mechanical properties. Zirconium dioxide improves
strength, rigidity, and resistance to temperature, with a slight increase in composite den-
sity. Graphite decreases density and enhances wear properties. Particulates are readily
available, and processing is easy, while fabrication costs are low. Stir casting is the op-
timal and economical processing route for AMCs. In particular, magnesium improves
aluminum/zirconium dioxide andgraphite wettability.

Very few works were identified in analyzing the effect of ZrO2 on mechanical and
metallurgical properties [19–21]. No work was identified in analyzing the effect of ZrO2
and graphite on LM5 base material while subjected to mechanical and metallurgical prop-
erties [12]. Hence, this work mainly concentrated on developing new composite material
by taking LM5 as the base material with 6% ZrO2, and by varying the weight percentage of
graphite to 2, 3, and 4% to identify the effect of ZrO2 and graphite on the mechanical and
metallurgical properties.

2. Materials

2.1. Matrix Metal

Aluminum alloy LM5 was the matrix material. The alloy is used where very high
corrosion resistance from seawater or marine atmospheres is needed, for equipment used
in the manufacture of foodstuffs, cooking utensils, and chemical plants, and the casting of
highly polished surfaces. Accordingly, they are famous for decorative casts and casts
used in dairy and food handling equipment, marine and chemical pipe fittings, and
architectural/ornamental marine hardware applications. LM5′s chemical composition
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was examined using optical emission spectrometry as per ASTM E 1251-07 standard,
presented in Table 1.

Table 1. Chemical composition of LM5 aluminum alloy.

Cu Mg Si Mn Fe Pb Zn Al

0.032 3.299 0.212 0.022 0.268 0.02 0.01 Balance

2.2. Reinforcement

Zirconium dioxide (ZrO2), the crystalline oxide of zirconium, also called zirconia,
is a widely studied ceramic element. Zirconia (ZrO2) was chosen as the reinforcement
particle because of its easy accessibility and suitability for high-temperature applications.
Producing zirconia comprises the collection and elimination of unnecessary ingredients
and impurities. Extraction of zirconia has many routes, including plasma disassociation,
chlorine and alkali oxide decomposition, and lime fusion. Similar to other ceramic materials,
zirconium oxide is a substrate with a high tolerance to the propagation of cracks. Therefore,
zirconium oxide ceramics are often thermally developed; they are also the material of
choice for joining ceramics and steel. Very low thermal conductivity and high strength are
a desirable combinations of properties [22–24].

2.3. Fabrication of LM5/ZrO2/Gr Hybrid Composites

The stir casting assembly had a C-Type closed furnace with a capacity of 5KVA (optimal
temperature ranges from 500 ◦C to 1100 ◦C), with a stirrer assembly (Remi RQM-122/R)
utilized to fabricate the composite. The stirrer had a stirring shaft of 350 mm length and
6 mm diameter made of SS304, and had a chuck for easy interchangeability of the shaft. It
had a pitched fan type impeller of diameter 38 mm with 4 blades. The impeller was made
of high chromium steel with high carbon content coated with zirconia, and was mounted
on a vertical variable-speed motor with a range between 20 and 1500 rpm. The silicon
carbide crucible was kept within the furnace. Figure 1a shows the stir casting set-up used
for this research work, Figure 1b shows the pouring of the molten mixture into the mold,
and Figure 1c shows the fabricated composite specimen.

 

Figure 1. (a) Stir casting set-up; (b) pouring into die; (c) composite specimen.

Initially, the LM5 alloy, as tiny ingots, was charged and heated to about 850 ◦C in
the silicon carbide crucible until the whole alloy was melted in the crucible. Zirconium
dioxide and graphite particles were preheated for 20 min to 200 ◦C in a muffle furnace
of 4 KVA, to eliminate the moisture existing in the reinforcement. A vortex was created
in the molten metal by the stirrer, which was slowly lowered into the melt. Then, the
preheated ZrO2 of average particles size 70 μm and graphite of 30 μm were slowly mixed
into the liquid metal at a steady rate, by maintaining the stirring speed at 600 rpm [25,26].
Magnesium powder 0.5% is added as a wetting agent to enhance the proper mixing of
the matrix and the reinforcement [27]. The stirring continued for 7 min even after particle
feeding was completed. Hexafluoro ethane tablets were introduced into the mixture before
pouring into the mold to minimize the porosity. The temperature for pouring was kept at
750 ◦C. To achieve uniform solidification, before pouring the mixture into the mold, the
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mold was also preheated to 650 ◦C. This process was used to manufacture three sets of
novel hybrid composites made of special-purpose aluminum alloy LM5 reinforced with 6%
ZrO2 particles and graphite 2, 3, and 4%. The melt was poured into the preheated mold to
fabricate the hybrid composites.

3. Testing of AMCs

3.1. Micro Structural Analysis
3.1.1. Optical Microscopy

An inverted optical microscope was used to examine the MMCs. Abrasive papers
were used to make the surfaces of the specimen smooth, and then it was polished through
220 to 1500 mesh with velvet fabric. Before microscopic analysis, the specimens were then
etched using HF solution. Metallographic assessments offer strong quality assurance and a
practical analysis resource. The specimens obtained from each composite were precisely
polished to match the texture of the surface. Figure 2 shows the specimens used for the
microstructure analysis.

 

Figure 2. Composite specimens for microstructural analysis.

The role of a microstructure on a material’s physical and mechanical properties is
influenced by the numerous flaws that exist or are absent in the structure [28]. These flaws
can come in many forms, but the main ones are the pores. These pores play a decisive
role in finalizing the characteristics of materials and their formulation. Moreover, for some
materials, there can be various phases at the same time. These phases may have various
properties, and prevent the material from fracturing if treated correctly.

3.1.2. SEM and EDAX

The crystal structure of materials is a ‘fingerprint’ of processing. A composite’s mi-
crostructure is studied to recognize the changes in the structure of the parent metal after
the addition of a reinforcement [29,30]. SEM has many advantages such as simple prepara-
tion of the specimens, broadest possible magnification scale (commonly between 15 and
50,000 times), and the capacity to observe large regions of the surface of the specimen,
including the origin and spread zones. The surface can indeed be placed straight into
the microscope, which has excellent field depth for concentrating on largetopographi-
cal surfaces.

EDAX is an analytical tool for using a sample’s elemental analysis or chemical com-
position. It focuses on the interactions of a sample by supplying X-ray excitation. The
characterization capabilities are primarily due to the underlying theory where each element
has a unique atomic structure that causes its electromagnetic emission spectrum to have
a unique set of peaks, which is the main principle of spectroscopy. A pulse of X-ray is
centered on the examined material to induce the release of characteristic X-rays from a
specimen. At resting, an atom inside the sample contains electrons at different energy
levels, or electron shells attached to the nucleus in the ground state or unexcited. An
energy-dispersive spectrometer can determine the amount and energy of X-rays released
from a specimen. Since the X-ray energies indicate the energy difference between the
two shells and the emitting element’s atomic structure, EDAX makes it possible to measure
the elemental composition of the specimen.
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3.2. Density

Density is the naturally occurring phenomenon that reveals the characteristics of the
composite. Utilizing displacement procedures, the density of a composite is calculated
quantitatively, using an electronic weighing machine with a density calculating kit as per
the ASTM: D 792-66 test procedure. Theoretical density is the actual density of a material
corresponding to the limit that products with total density can achieve without pores. Many
materials typically consist of a mixture of structural molecular components, each with
their own mass. Archimedes proved very ingeniously that when an object is immersed
in water (or any fluid), the force that it experiences is proportional to the mass of the
water displaced times gravity (i.e., water weight). Density can be calculated using the
standard formula. Porosity is the amount (or volume) of space in a material relative to the
total size of the material. It is a mathematical ratio: void volume divided by total volume
(vacuum/total); this ratio is usually multiplied by 100 to be compared in percentages rather
than decimals [30]. It is calculated using the expression (Equation (1)).

Porosity % = (Theoretical Density − Experimental Density) × 100/Theoretical Density (1)

3.3. Microhardness

Vickers hardness testing tool is often used to evaluate the composite’s microhard-
ness. Microhardness tests may be used to provide the data needed to measure discrete
microstructures into a broader matrix, to evaluate excellent foils, or to assess a specimen’s
hardness gradient along a transverse. Microhardness testing refers specifically to the static
indentations of 1 kgf or fewer loads. The Vickers hardness test uses a 136◦ apical angle dia-
mond. The surface to be tested usually needs to be smoothly polished [31,32]. Amicroscope
of 500× magnification is required to measure the shaped indents directly. Specifications
of the Vickers hardness measurements are ASTM E 92 (for 1 kgf to 120 kgf) and ASTM
E 384 (for force inferior to 1 kgf).

3.4. Macrohardness

Macrohardness is the measurement of the hardness of materials tested with high
applied loads. The macrohardness measurement of materials is a quick and simple method
of obtaining mechanical property data for the bulk material from a small sample. The
Rockwell test measures the penetration depth of the indenter under a significant load (large
load) in contrast to the penetration made by a minor load (preload). Here, various scales are
represented by a solitary letter, which uses various indenters or loads [33–35]. An outcome
is a dimensionless number given as HRA, HRB, HRC, HRE, etc., whereas the preceding
letter is the Rockwell scale.

3.5. Tensile Strength

Tensile test was performed under atmospheric conditions using a computerized uni-
versal testing machine (model FMI F-100), with a cross head speed of 2 mm/min, to assess
the manufactured composite materials. The specimens were prepared to ASTM-E8 stan-
dards. The findings of the tensile test are used in the selection of engineering materials. The
strength of a material is always the prime concern, and can be determined by measuring
the stress needed for severe plastic deformation, or the maximum stress tolerated by the
material [36,37]. The material’s ductility is also of concern, which measures its bend until it
breaks. Tensile strength (also known as ultimate tensile strength) is quantified by dividing
the maximum force held by the specimen by the initial cross-sectional area of the specimen
during the stress test. Both the original gauge length and the percentage increase must be
considered when recording the elongation values.

3.6. Compressive Strength

Compression testing was performed under atmospheric conditions using a computer-
ized universal testing machine (model FMI F-100), with a cross head speed of 2 mm/min,
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to assess the manufactured composite materials. The research specimens (Figure 3) were
prepared to ASTM-E8 standards. The findings of the compressive test are used in the
selection of engineering materials. The material requirements must provide compressive
properties to ensure performance [38,39].

 

Figure 3. Compressive test specimens.

Compressive testing reveals how the material can react as it is squeezed. Compression
testing evaluates the action or reaction of the material against crushing loads, and assesses
a material’s plastic flow behaviour and ductile fracture limits. A compression test is a pro-
cedure for evaluating the behaviour under a compressive load of materials. Compression
experiments are carried out by loading the test sample between two parallel plates and
then bringing the crossheads together, adding force to the sample [40].

3.7. Impact Strength

Impact resistance of any material is the capability of that material to withstand a force
applied or a sudden load [41,42]. Usually, it is distributed as the amount of mechanical
energy consumed under the impact load imposed throughout the deformation process, and
is presented as energy lost per unit of J/m3. The Izod impact test is a standard ASTM tool
for determining resistance to material impacts. A swivel arm (constant energy potential)
is lifted to a particular height, and afterward, it is lowered. The arm falls to a notched
plate and breaks it. The energy consumed by the plate is measured by the height at
which the arm swings after it hits the plate. In the Izod impact test, the sample (ASTM
A-370 standards) is mounted in a cantilever beam configuration, in contrast to a three-point
bending configuration. Figure 4 shows the photograph of specimens used for impact
strength testing.

 

Figure 4. Impact test specimen.
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4. Results and Discussions

4.1. Microstructural Analysis
4.1.1. Optical Micrograph Analysis

Microstructural analysis’s primary purpose is to examine the stratified dispersal of
reinforcement particles into the matrix. The optical imaging micrographs demonstrate
the homogeneous spread of the zirconia and graphite particles into the matrix. When the
weight percentage of the strengthening material (reinforcement) increases, the particles
in the particle distribution begin coagulating and disrupting uniformity [43]. Uniform
reinforcement spread provides the matrix strength; the same would be the fundamental
cause for accelerated mechanical properties. Figure 5 reveals the microstructures of base
metal aluminum B.S.1490 grade LM5 aluminum–magnesium alloy and LM5/ZrO2/Gr
composites at 200× magnification.

(a) LM5 + 6%ZrO2 (b) LM5 + 6%ZrO2 + 2%Gr 

(c) LM5 + 6%ZrO2 + 3%Gr (d) LM5 + 6%ZrO2 + 4%Gr 

Figure 5. Micrographs of hybrid composites.

The microstructure of LM5 shows theinterdendritic pattern of primary aluminum
grains. The grain boundaries are precipitated with MgAl2 eutectic particles, which have not
dissolved during the solidification. The primary aluminum phase grain size is measured
as 40 to 50 microns. The microstructure of the hybrid metal matrix composites with 6%
ZrO2 and 2, 3, and 4% of graphite shows the distribution of particles of ZrO2 and graphite.
The particles are inside the primary aluminum grains. The micrograph shows the resolved
particles of the composite particles [44,45]. However, the composite with 6% ZrO2/Gr
particles distribution is observed, and they present as clusters along the grain boundaries.

4.1.2. SEM Analysis

Figure 6 shows the SEM images of LM5 and LM5/ZrO2/Gr composites. Scanning elec-
tron micrographs display the unvarying dispersal of ZrO2 ceramic particles and graphite
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in the aluminum MMCs at lower magnifications, and the findings of the SEM display
the matrix–particle interfaces at higher magnifications [46,47]. These figures reveal the
relatively homogenous distributions of reinforced ZrO2 particles and graphite with alu-
minum alloy. In comparison, these statistics demonstrate the uniformity of the composite
materials. The properties of MMCs depend on the metal matrix, the weight percentage,
the arrangement of particle reinforcement, and the binding of the interface seen among
particles and the matrix. No pores are found in either case, suggesting improved wettability
between the matrix and the reinforcement particles [48,49].

 

(a) LM5 (d) LM5 + 6% ZrO2 + 2%Gr 

 
 

(b) ZrO2 (e) LM5 + 6% ZrO2 + 3%Gr 

  

(c) LM5 + 6%ZrO2 (f) LM5 + 6% ZrO2 + 4%Gr 

Figure 6. SEM images of hybrid composites.

The interfacial bonding is accomplished in this case due to fast cooling. It is also
noticed that the area fraction rises as the weight percentage of ZrO2 reinforcement rises,
seen in the micrographs as a white field, and graphite particles are seen as a black field.
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The average grain size of the aluminium LM5 matrix reduces as the ZrO2 reinforcement
weight fraction increases. It is also suspected that mechanical properties are rising due to
the rise in the interfacial bonding of the reinforcements with the aluminium matrix alloy.
This is due to the gravity of ZrO2 and graphite, and is consistent with the effective selection
of stirring parameters and substantial wetting of preheated ZrO2 particles before being
applied to the alloy of the matrix.

4.1.3. EDAX Analysis

EDAX develops the best solutions for micro-and nano-characterization, where primary
and structural information is required, making analysis more accessible and accurate.

The existence of reinforcement and unit percentage of the composites is confirmed
by EDAX analysis (Figure 7). EDAX demonstrates the pattern of particles of ZrO2 and
graphite particles scattered in composites of the aluminum matrix.

Element Weight % Atomic % Error % 

Mg 4.46 4.95 3.98 

Al  93.68 93.86 2.33 

Si 0.73 0.70 26.33 

Pb 0.13 0.02 66.09 

Mn 0.17 0.08 67.48 

Fe 0.46 0.22 61.10 

Cu 0.29 0.12 67.58 

Zn 0.09 0.04 72.18 
 

 

(a) LM5 
Element Weight % Atomic % Error % 

C 0.36 0.80 99.99 

O 1.72 2.86 18.79 

Mg 4.41 4.83 4.11 

Al  91.92 90.67 2.40 

Si 0.39 0.37 38.16 

Zr 0.13 0.04 88.13 

Pb 0.16 0.02 74.17 

Mn 0.20 0.10 66.93 

Fe 0.30 0.14 62.12 

Cu 0.20 0.08 71.27 

Zn 0.20 0.08 67.32 
 

 

(b) LM5 + 6%ZrO2 + 2%Gr 

Figure 7. Cont.
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Element Weight % Atomic % Error % 

C 1.75 3.83 75.93 

O 1.37 2.24 25.13 

Mg 4.76 5.14 4.04 

Al  90.12 87.68 2.48 

Si 0.64 0.60 24.16 

Zr 0.19 0.06 80.08 

Pb 0.18 0.02 76.76 

Mn 0.18 0.09 67.98 

Fe 0.32 0.15 61.44 

Cu 0.23 0.10 69.36 

Zn 0.26 0.10 65.44 
 

 

(c) LM5 + 6%ZrO2 + 3%Gr 

 

Element Weight % Atomic % Error % 

C 0.84 1.83 84.68 

O 2.75 4.51 17.01 

Mg 4.62 4.98 4.02 

Al  90.22 87.76 2.43 

Si 0.59 0.55 28.17 

Zr 0.22 0.06 78.72 

Pb 0.10 0.01 77.12 

Mn 0.17 0.08 68.08 

Fe 0.22 0.10 63.90 

Cu 0.19 0.08 68.23 

Zn 0.09 0.04 73.91 

 

(d) LM5 + 6%ZrO2 + 4%Gr 

Figure 7. EDAX images of hybrid composites.

4.2. Density

The experimental and theoretical density of the fabricated LM5/6% ZrO2 composite
is found to be 2.73 and 2.832 g/cm3, respectively, and the density of all the graphite
composites is less when compared with the density of the ZrO2, because of graphite’s low
density (2.26 g/cm3).
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The porosity of the produced composites slowly increases, since eutectic alloys have
a high tendency to form large pores by increasing the weight percentage of the reinforce-
ment [50]. Figures 8 and 9 shows the effect of graphite on the density and the porosity of
AMCs, respectively.

 
Figure 8. Effect of graphite on the density of composites.

 
Figure 9. Effect of graphite on the porosity of composites.

4.3. Microhardness

Microhardness tests were performed at room temperature in the Vickers hardness
measurement device by introducing a load of 0.5 kgf for 10 s of dwelling time. Figure 10
shows the effect of graphite on the microhardness of AMCs. The highest value is 74 VHN
for the 6% ZrO2 composite. It indicates higher hardness. The introduction of graphite into
the metal matrix decreases the hardness value. From Figure 10, it can be observed that the
hardness is decreased linearly with an addition of the graphite reinforcement [51,52]. When
adding the graphite particles to the composites, the surface area of the reinforcements is
increased, and the particle dimensions of the matrix are reduced.
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Figure 10. Effect of graphite on the microhardness of composites.

4.4. Macrohardness

The effect of graphite on the macrohardness is shown in Figure 11. The Rockwell
hardness value of LM5/6% ZrO2 alloy is 67HRE. The hardness value decreases dramatically
to 60HRE, 59HRE, and 57HRE for 2, 3, and 4 graphite weight percentages, respectively.
The appearance of very soft particles of graphite makes plastic distortion more opposed,
contributing to decreased material hardness.

 
Figure 11. Effect of graphite on the macrohardness of composites.

4.5. Tensile Strength

The tensile test shows that the strength of the composites rises as the weight % of the
ZrO2 particles increases. Sample stress–strain curves of tensile test specimens are shown in
Figure 12. Fractured tensile test specimens are shown in Figure 13.

Figure 14 shows the effect of zirconium dioxide and graphite weight percentage
on the hybrid aluminum matrix composite’s tensile strength. Zirconia has a monoclinic
composition, while the composition of aluminum crystallizes in FCC. Their interface
strength is due to the different crystalline structures of zirconia and aluminum that sounds
incoherent [53,54].

This incoherence, therefore, increases the strength of the composite materials. The
high hardness of the Al matrix composites is probably due to the high stiffness rate of the
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composites during their strain. Improvement of the hardening function may be related to
the elastic properties of ZrO2 particles and their prevention of deformation of the matrix.
Thus, in the presence of a suitable interface, the ZrO2 particles prevent the deformation
of the matrix and increase work hardening. In addition, the specific thermal expansion
coefficients of zirconia (10 × 10−6 K−1) and aluminum (16 × 10−6 K−1) produce stress
that can boost the number of dislocations and, as a result, the strength of the composite.
Increasing dislocation density and the piling up behind ZrO2 particles serve as obstacles in
dislocation movement. The greater the sum of ZrO2, the greater the number of dislocations
that are formed [55]. The tensile strength of the reinforced composite of aluminum alloy
LM5 with 6% ZrO2 is 220 MPa, and this value decreases to 216 Mpa for LM5/6% ZrO2/2%
Gr, and decreases again to 215 MPa for the composition of LM5/6% ZrO2/3% Gr. From the
experimental results, it is clear that the tensile strength of the composites slightly decrease
compared to the 6% ZrO2, due to the addition of graphite particles.

Figure 12. Sample stress–strain curves of tensile test specimens.
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Figure 13. Fractured tensile test specimens.

 
Figure 14. Effect of graphite on the tensile strength of composites.

Figure 15 shows the effect of zirconium dioxide and graphite on the elongation per-
centage. Results show that by adding the weight percentages of zirconium dioxide, the
elongation of the material decreases. The LM5 loses its ductility, and transitions from
ductile to brittle by adding the zirconium dioxide. The elongation of LM5 + 6% ZrO2 is
2.3%; this value is reduced to 2.28%, 2.25%, and 2.23% for the graphite composites. Due to
the brittleness of the fabricated composite tensile strength, elongation and strain are less
for graphite composites compared to 6% ZrO2. The maximum ultimate tensile strength is
observed at 6% ZrO2, but graphite may enhance wear properties. Few cluster creation are
noticed in the 4% graphite reinforcement, which is projected to cause decreased mechanical
properties, particularly tensile strength.
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Figure 15. Effect of graphite on the elongation %.

4.6. Compressive Strength

The compressive test exposes that the strength of the LM5/6% ZrO2/Gr composites
rises as the weight % of the particles in Gr increases. Sample stress–strain curves of the
compression test specimens are shown in Figure 16. Distorted compression test specimens
are shown in Figure 17.

Figure 16. Sample stress-strain curves of compression test specimens.
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Figure 17. Distorted compression test specimens.

Figure 18 shows the effect of zirconium dioxide and graphite weight percentage on
the LM5/ZrO2/Gr hybrid composites compressive strength. Zirconia has a monoclinic
composition, while the composition of aluminum crystallizes in FCC. Their interface is due
to the different crystalline structures of zirconia and aluminum that sounds incoherent [56].
This incoherence, therefore, increases the strength of the composite materials.

 
Figure 18. Effect of graphite on the compressive strength of composites.

The high hardness of the Al matrix composites is probably due to the high stiffness
rate of the composites during their strain. Improvement of the hardening function may
be related to the elastic properties of ZrO2 particles, and their prevention of deformation
of the matrix. Thus, in the presence of a suitable interface, the ZrO2 particles prevent
deformation of the matrix and increase work hardening. In addition, the specific thermal
expansion coefficients of zirconia and aluminum produce stress that can boost the number
of dislocations and, as a result, the strength of the composite. Increasing dislocation density
and the piling up behind ZrO2 particles serve as obstacles in the dislocation movement.
The greater the sum of ZrO2, the greater the number of dislocations that are formed.
The compressive strength of the LM5/6% ZrO2 alloy is 296 MPa. Results show that by
adding the ZrO2/Gr particles, the compressive strength of the aluminum alloy composite
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is dramatically increased [57]. The compressive strength of the reinforced composite of
aluminum alloy LM5 with 6% ZrO2/2% Gr is 306 MPa, and this value increases to 399 MPa
for LM5 with 6% ZrO2/3% Gr, and further increases to 473 MPa for the composition of
LM5/6% ZrO2/4% Gr. From the experimental results, it is clear that the compressive
strength of the hybrid composites are improved [58].

Figure 19 shows the effect of zirconia and graphite on the compression percentage. By
adding 6% zirconium dioxide, the compressive percentage is 45.32%, loses its ductility, and
the transition occurs from ductile to brittle. The compression of LM5 + 6% ZrO2 + 2% graphite
is 50.52%, this value is increased to 52.3% for the composition of LM5 + 6% of ZrO2/3% gra-
phite, and then increases again to 54.99% for the composition of LM5 + 6% of ZrO2 + 4% gra-
phite. The maximum compressive strength is observed at 6% ZrO2/4% graphite.

 
Figure 19. Effect of graphite on the compression of composites.

4.7. Impact Strength

The impact strength of the fabricated composites is determined by conducting an Izod
impact test. Fractured impact test specimens are shown in Figure 20.

 

Figure 20. Fractured impact test specimens.
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Figure 21 shows that the impact energy of the fabricated composites escalates with
the increase in graphite percentage. The impact strength of LM5 reinforced with 6% Gr is
12 joules, and it is decreased to 9.15 joules in 6% ZrO2/2% graphite, and then gradually
increases to 9.25 and 9.35 in the 3% and 4% graphite composites, respectively. The impact
energy increase with the strengthening could be due to the tough bond forming among the
matrix and the reinforcing ZrO2 and graphite. It is also noted that the impact strength of
all the fabricated composites is relatively greater compared to the impact strength of the
LM5 aluminum alloy (7.9 joules), due to the combined effect of zirconia and graphite [59].

 
Figure 21. Effect of graphite on the toughness of composites.

5. Conclusions

This research examines the mechanical characterization and microstructural analysis
of hybrid composites. The stir casting technique efficaciously fabricatesaluminum-based
hybrid composites with an even distribution of ZrO2 and graphite particles. Density is
increased slightly, but micro- and macro-hardness are improved magnificently by increasing
the fraction of weight of graphite in 6% ZrO2. The impact, tensile, and compressive strength
of MMCs are improved magnificently by increasing the fraction of weight of graphite in
6% ZrO2. Elongation of the composites decreases due to the transformation of materials
from ductile to brittle. An LM5 aluminum alloy reinforced with 6% ZrO2/4% graphite can
be used further for many structural applications, as it has improved mechanical properties
such as compressive strength, hardness, and impact strength.
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Abstract: This work focused on the effects of laser energy density on the relative density, microstruc-
ture, and microhardness of Inconel 718 alloy manufactured by selective laser melting (SLM). The
microstructural architectures, element segregation behavior in the interdendritic region and the
evolution of laves phases of the as-SLMed IN718 samples were analyzed by optical metallography
(OM), scanning electron microscopy (SEM), energy dispersive spectrometer (EDS), and electron probe
microanalysis (EPMA). The results show that with an increase in the laser volume energy density, the
relative density and the microhardness firstly increased and then decreased slightly. It also facilitates
the precipitation of Laves phase. The variation of mechanical properties of the alloy can be related
to the densification degree, microstructure uniformity, and precipitation phase content of Inconel
718 alloy.

Keywords: selective laser melting; Inconel 718 alloy; laser energy density; microstructure; microhardness

1. Introduction

Inconel 718 (IN718), a typical precipitation-strengthened nickel-based superalloy, pos-
sesses excellent mechanical properties such as good oxidation resistance, good weldability,
corrosion resistance, high creep resistance, and high fatigue strength at high tempera-
tures [1–4]. It has been widely used in high-temperature components such as turbine
disks, aerospace gas turbine blades, and combustion chambers [5–8]. However, forging
and casting, as the conventional manufacturing processes for IN718 alloy, are difficult for
producing complex integral structures, owing to high density, high melting point, and
severe work hardening [9–11]. Moreover, the higher cost of the traditional machining
methods, which are laborious and time-consuming, leads to a sharp increase in production
cost [5,12]. The emergence of additive manufacturing provides a feasible way to overcome
these disadvantages, which can help reduce material waste to a bare minimum and to
reduce production time for complex parts [13].

Selective laser melting (SLM) has advantages such as high forming precision [14]
and integrated forming of high mechanical properties complex components [15], so it
has become one of the most promising additive manufacturing technologies for metallic
materials [4,16–18]. Due to the rapid cooling rate of the molten pool in the SLM process [19],
near net shape products with fine microstructure and excellent metallurgical strength
can be manufactured layer by layer, such as complex parts manufactured with titanium
alloy [20–22], steel [23,24], superalloys [25,26], and other materials [27–29].
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Currently, many researchers have carried out research on the microstructure and
properties of IN718 by means of SLM, hoping to regulate the microstructure and properties
by adjusting the processing parameters, such as laser power, scanning speed, and scanning
strategies, hatch spacing, and so on. For example, Wang et al. [30] found that the grain
refinement caused by an increase in scanning speed further weakens the anisotropy of
mechanical properties, which is conducive to obtaining a more homogenous microstructure
and a higher production rate for SLM manufacturing. Pan et al. [31] investigated the
independent effects of laser power and scanning speed of SLM on the precipitation and
mechanical properties of identically heat-treated IN718 alloys. Liu et al. [32] studied
the effects of two scanning strategies (single-directional scanning and cross-directional
scanning) on the solidification structure and crystallographic texture of SLM-manufactured
IN718 alloy. Ravichander et al. [33] identified the effect of scan strategy on residual stress
and studied the metallurgical interactions between the mechanical and microstructural
properties within the IN718 superalloy. Wang et al. [34] optimized the process parameters
for selective laser melting of Inconel 718 and further established the relationship equation
between the relative density of SLMed samples and the energy density coupled by laser
parameters. Zhu et al. [35] reported that fine and coarse columnar dendritic microstructure
of as-deposited IN718 superalloy were, respectively, obtained at different laser power and
laser beam diameter and found that the Nb- and Mo-rich Laves phase is formed in the
interdendritic regions, which weakens the mechanical property of the as-deposited IN718
superalloy [8,36–38]. Ma [39] pointed out that with increasing energy input, there was a
dendrite-to-cell transition in the dendritic morphology evolution of the as-DLFed IN718
samples; in addition, the size and volume fraction of the Laves phase at the boundary
between dendrites increased. However, although the laser parameters have been found to
affect the precipitation of IN718 alloy, and the laser energy density was confirmed to control
the microstructure and mechanical properties of SLM-manufactured Inconel 718 alloy, the
relation between the laser energy density, microstructure, and properties has yet been
thoroughly investigated.

Therefore, in this paper, Inconel 718 samples were fabricated by selective laser melting,
and the effect of laser energy density on relative density was discussed. The microstructural
architectures, the element segregation behavior in the interdendritic region, the evolution
of the Laves phases with different volume energy density SLMed IN718 samples were
analyzed. The microhardness of the samples was also measured to further clarify the
mechanical response to the microstructure evolution of the samples at different volume
energy densities. The aim of this study is to provide an insight into the effects of laser
energy density on the microstructure and microhardness of the as-SLMed IN718 alloys.

2. Materials and Methods

2.1. Materials and Experimental Equipment

The gas-atomized commercially available Inconel 718 powder (Avimetal Powder
Metallurgy Technology Co., Ltd., Beijing, China) was used for the present study. The
morphology of Inconel 718 powder was characterized by scanning electron microscope
(Nova Nano SEM230, FEI Co., Ltd., Hillsboro, OR, USA). The size distribution of Inconel
718 powders was measured using a laser particle size analyzer (Mastersizer 3000) (Malvery
Instruments Ltd., Malvern, UK). The chemical composition of Inconel 718 powder was de-
termined by inductively coupled plasma atomic emission spectrometer (ICP-AES) (Thermo
Fisher Scientific Co., Ltd., Waltham, MA, USA). The morphologies and size distributions
of the Inconel 718 powders are presented in Figure 1. The powder particles are spherical
shape with the size of 15–53 μm. The D10, D50, and D90 of Inconel 718 powders were
19.86 μm, 29.56 μm, and 39.42 μm, respectively. The chemical composition of Inconel 718
powder is listed in Table 1. The SLM experiment was carried out by an DiMetal-100 3D
printing machine equipped with a 200 W Yb-fiber laser beam (Guangzhou Lejia Additive
Technology Co., Ltd., Guangzhou, China). Prior to the selective laser melting process, the
powder was dried in vacuum-drying oven at the temperature of 60 ◦C for 4 h, to reduce
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the residual oxygen content and the humidity. During the manufacturing process, argon
gas (99.99% purity) was filled in the working chamber with oxygen maintained below
50 ppm, which is conducive to prevent the powder and melt pool from oxidizing during
SLM processing.

Figure 1. Morphology (a) and size distribution (b) of Inconel 718 powder.

Table 1. Chemical composition (wt. %) of the Inconel 718 powder.

Elements Ni Cr Nb Mo Ti Al Co Fe

Inconel 718 51.13 19.34 5.14 3.04 0.93 0.58 0.03 Balanced

2.2. Sample Fabrications and Characterization

The Taguchi method was used to optimize the parameters for the SLM Inconel 718
alloy in this study. The experiments were conducted with three controllable five-level
process parameters: laser power, scanning speed, and scanning interval. The process
parameters and their levels are given in Table 2. The design of experiments based on L25
orthogonal array was obtained, as shown in Table 3, using MINITAB statistical software
(version 16). A series of samples with 20 mm × 20 mm × 20 mm cubes were prepared at
above-mentioned different laser energy density by varying laser power, scanning speed,
and scanning interval. The experimental results and associated processing parameter of
SLM-fabricated Inconel 718 alloy process, according to L25 orthogonal array, are shown in
Table 3.

After SLM fabrication, the as-SLMed Inconel 718 alloy samples were cut parallel and
perpendicular to the building direction of the sample using wire electric discharge machin-
ing. The specimens were polished by 2000 grit SiC paper and etched in a solution of 10 mL
HCl + 3 mL H2O2 for 20 s. The microstructure of the as-SLMed Inconel 718 alloy samples
was characterized by optical microscope (Olympus BX51 M) (Olympus Co., Ltd., Tokyo,
Japan) and scanning electron microscope (Nova Nano SEM230) (FEI Co., Ltd., Hillsboro,
OR, USA) using back-scattered mode (SEM-BSE) (FEI Co., Ltd., Hillsboro, OR, USA). The
element segregation and Laves phase elemental distribution were analyzed by electron
probe microanalysis (EPMA, JXA8530F) (Japan Electronics Co., Ltd., Tokyo, Japan).

Table 2. The process parameters and their levers used in this study.

Parameters Level 1 Level 2 Level 3 Level 4 Level 5

A: Laser power (W) 160 170 180 190 200
B: Scanning speed (mm/s) 800 900 1000 1100 1200
C: Scanning interval (mm) 0.06 0.07 0.08 0.09 0.1
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Table 3. Experimental design of L25 orthogonal array and experimental results for relative density.

Runs
Laser Power

(W)

Scanning
Speed
(mm/s)

Scanning
Interval

(mm)

Volume Energy
Density
(J/mm3)

Relative
Density

(%)

1 150 800 0.06 104.17 99.12
2 150 900 0.07 79.37 99.26
3 150 1000 0.08 62.50 96.13
4 150 1100 0.09 50.51 95.43
5 150 1200 0.10 41.67 92.28
6 160 800 0.07 95.24 99.68
7 160 900 0.08 74.07 98.33
8 160 1000 0.09 59.26 97.55
9 160 1100 0.10 48.48 94.48
10 160 1200 0.06 74.07 98.62
11 170 800 0.08 88.54 99.57
12 170 900 0.09 69.96 98.63
13 170 1000 0.10 56.67 97.43
14 170 1100 0.06 85.86 99.23
15 170 1200 0.07 67.46 97.55
16 180 800 0.09 83.33 99.15
17 180 900 0.10 66.67 98.02
18 180 1000 0.06 100 99.53
19 180 1100 0.07 77.92 98.92
20 180 1200 0.08 62.50 98.21
21 190 800 0.10 79.17 98.5
22 190 900 0.06 117.28 98.92
23 190 1000 0.07 90.48 99.43
24 190 1100 0.08 71.97 97.88
25 190 1200 0.09 58.64 96.84

The relative density of the SLM-fabricated samples was measured using Archimedes
principle, and the results were presented as a percentage of the Inconel 718 alloy density
(8.24 g/cm3). In order to reduce the randomness of the measurements, five tests were
performed for each sample, and the average of our measurement was used as the value of
the relative density. The Vickers microhardness tests were performed on the polished cross
section using a digital microhardness instrument with a load of 100 g and a dwell time of
10 s. At least three tests were done for each sample, and the averaged measurement was
used as the indicator of the Vickers microhardness.

3. Results and Discussion

3.1. Effect of Laser Energy Density on Relative Density

It is desirable to achieve fully densification in the final part in SLM process, since the
retention of a small amount of porosity will severely degrades the mechanical properties [3].
As a result, the output parameter for this Taguchi experiment is chosen to be the relative
density in this study. The experimental results and associated processing parameter of LPD
process according to L25 orthogonal array were listed in Table 3. For SLM, the scanning
speed and laser power are key factors for part forming [21,40]. The response surface graph
and contour plot, as shown in Figure 2, were obtained to confirm the interaction effects of
laser power and scanning speed on relative density. With a decrease in the scanning speed
or an increase in the laser power, the approximate change of relative density first increased
and then slightly decreased. The interplay between laser power and scanning speed could
be deduced as the determinant factors for the densification process of SLM-fabricated
Inconel 718 alloy. This discovery is similar to the features found in other material in the
previous studies [41–43].
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Figure 2. Response surface graph (a) and contour plot (b) of the effects of laser power and scanning
speed on the relative density at scanning interval 0.06 mm.

Volume energy density (Ev) is also a key factor in the densification and significantly
affects the microstructure and mechanical properties of SLM-fabricated Inconel 718 al-
loy [44,45]. The following equation was used to determine the volume energy density (Ev):

Ev =
P

Vht
(1)

where P refers to the laser power (W), V is the scanning speed (mm/s), h represents the
scanning interval (mm), and t is the powder-bed layer thickness, which kept constant as
0.03 mm. Based on Equation (1), the Ev of each sample are listed in Table 3. In addition,
Figure 3 shows the relationship between relative density and volume energy density for
the SLM-fabricated Inconel 718 alloy. As can be seen in Figure 3, low energy density
(<80 J/mm3) leads to a low relative density due to the lack of consolidation, while higher
energy density is beneficial to the density of SLM-fabricated Inconel 718 alloy. However,
when the energy density exceeds approximately 100 J/mm3, the relative density decreases
slightly. This is because the high absorption of heat leads to evaporation of the material.
Consequently, gas pores form in the SLMed sample, which can be observed in Figures 4
and 5. Moreover, there is a certain threshold energy density that gives maximum material
density in Figure 3. It is approximately 80–110 J/mm3 for Inconel 718 alloy fabricated by
the SLM process, and the relative density can reach more than 99%.
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Figure 3. Relationship between relative density and volume energy density for SLM-fabricated
Inconel 718 alloy. The points are the results of Table 3.

Figure 4. Optical micrographs of the as-SLMed IN718 samples on vertical section (X–Z plane) at the
Evs of (a) 41.67 J/mm3, (b) 85.86 J/mm3, (c) 100 J/mm3, and (d) 117.17 J/mm3.
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Figure 5. Optical micrographs of the as-SLMed IN718 samples on vertical section (X–Y plane) at the
Ev of (a) 41.67 J/mm3, (b) 85.86 J/mm3, (c) 100 J/mm3, and (d) 117.17 J/mm3.

3.2. Microstructure Analysis

In this research, four unique samples of #5, #14, #18, and #22, representing different
Ev levels, were selected from the above-mentioned 25 samples, for the purpose of clearly
explaining the microstructural evolution of as-SLMed Inconel 718 in the following parts.
The laser parameters of these four samples selected were marked in bold, as shown in
Table 3.

To reveal well the microstructural evolution of all the samples fabricated in this
research, the microstructures of these selected four unique samples with different levels
of Ev were studied. Figure 4 shows optical micrographs of these four samples on the
vertical section (X–Z plane), at Evs of (a) 41.67 J/mm3, (b) 85.86 J/mm3, (c) 100 J/mm3, and
(d) 117.17 J/mm3, respectively, which could reflect the microstructural architectures of all
conditions in this study. The morphologies of the molten pools with the shape of the fish
scale and a certain number of pores were observed clearly. It can be seen from Figure 4b–d
that increasing energy density from 85.86 to 117.17 J/mm3 simultaneously increases the
width of the molten pool. Figure 4 also shows the change of the characteristics of pores at
different Evs. The shape of the pores changed from irregular shapes with rough boundaries
to round shapes with smooth edges as the laser energy density increased from 45.46 to
85.86 J/mm3. The amount and size of the pores decreased as well. Obviously, the interface
was clear and free of pores when the Ev reached 100 J/mm3. With further increase in Ev,
gas pores appeared at the Ev of 117.17 J/mm3, as shown in Figure 4d.

Figure 4 also indicates the microstructure of the as-SLMed IN718 samples exists with a
certain number of columnar grains and dendrites, as circled by the black dashed rectangle.
Continuous dendrites, up to even several millimeters in length, grow along the deposition
direction and through several melt pools, as shown in the black dashed rectangle. The
growth direction of the dendrites is not exactly parallel to the building direction, declining
at an angle to the building direction.

The width of the columnar grains ranges from 40 μm to 150 μm. The columnar grains
become smooth and fine at the Ev of 100 J/mm3, while they become coarse and large at
Evs of 85.86 and 117.17 J/mm3. The interface between two adjacent cladding layers is clear
without any change in the columnar grains. For the sample at the Ev of 117.17 J/mm3,
shown in (Figure 4d), the columnar grains are discontinuous. This is believed to be from
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the different microstructure between the bottom region of the melt pool (planar interface
growth) and the other regions (dendrite growth) [46,47].

The microstructures on the X–Y plane of the SLMed samples at different Evs are shown
in Figure 5. A close connection between the densification of the sample and the laser
energy density has been found. At the Ev of 41.67 J/mm3, the insufficient energy input
resulted in poor melt pool fluidity and insufficient filling of the inter-particle voids. This
causes the appearance of many discrete melt pools. Additionally, a lack of fusion among
powders resulted in the formation of large cavities, which were barely recognizable, and
some unmelted particles were trapped in the cavities [48]. The large cavities disappeared.
Meanwhile, as the laser energy density increased from 45.46 J/mm3 to 85.86 J/mm3. Tiny
holes were observed in Figure 5b, and unmelted particles were formed. This is due to
the fact that some gases were trapped in the melt pool when solidification of the pool
occurred, forming small pores [21,49]. When the laser energy density reaches 100 J/mm3,
the melt pool was built up in an orderly manner with good lap from track to layer. As
a result, the as-SLMed Inconel 718 alloy was free of pores. Gas pores still occurred as
Ev up to 117.17 J/mm3, as marked with arrows in Figure 5d. Among the three kinds of
pores, gas pores are the most in quantity and the minimum in size [46,50]. It should be
stressed here that gas pores appear at the laser energy density of 117.17 J/mm3, which will
damage the mechanical properties of sample. We could conclude that increasing properly
the Ev benefits the improvement of densification, but an excessive value is undesirable.
At a higher Ev, strong interactions between layers may result in high thermal stress and
elements evaporation. The appearance of gas pores will eventually damage the mechanical
properties of sample.

The observed microstructural differences indicate a tradeoff between the regions
processed with low energy density and high energy density, which would improve the
mechanical performance.

To further characterize the aforementioned dendritic growth, Figure 6 shows the SEM
micrographs that were taken on the X–Z planes of as-SLMed IN718. As exhibited with the
yellow dashed lines in Figure 6a, the boundary of molten pool can be visibly indicated after
etching. Figure 6b implies that cellular dendrites grown at the boundary of the molten pool
opposite the heat flow inclined away from the building direction at a certain angle. This
leads to dendrites’ growth parallel to the building direction at the center of the molten pool.
The columnar dendrites grow in the direction of the heat flow rather than along the build
direction. The solidification shifts from the cellular crystals at the bottom of the melt pool
to the dendrites above the side of the melt pool. The subcellular tissue in the high energy
input region grows into rough cellular crystals, with the appearance of the remelting zone.
Another part of the grains near the remelting zone grows into columnar crystals, along
the rough interface under the negative temperature gradient. The cellular crystal–dendrite
growth is a typical feature of the solidification mode of IN718 during SLM [51].

 

Figure 6. SEM micrographs of the as-built sample in the X–Z plane; (a) track–track structures
consisting of overlapping area and central fusion area, and (b) dendrites and cellular sub-structures
contained in the overlapping region.
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The element content of the two areas (black matrix and white segregation phase)
marked in Figure 6b was analyzed. The dark area (B) was rich in Fe, Cr, and Ni, while the
white area (A) was rich in Nb, Mo, and Ti, as indicated in Figure 7 and Table 4. The Laves
phase located in the interdendritic regions of the as-SLMed samples was identified [52],
This may be a result of segregation during the fast solidification process of the sample via
SLM. Recalling the microstructures shown in Figure 6, the microsegregations of Nb and
Ti result in the formation of the brittle intermetallic Laves phase. The appearance of the
Laves phase will cause a big change in the mechanical properties. For instance, it would
affect the mechanical strength of the Inconel 718, making the alloy more brittle and easier to
fracture under external force load [37]. The characteristics of the Laves phase are discrepant
at different laser energy densities, as shown in Figure 8.

Figure 7. Cross-section EPMA maps of the SLMed Inconel 718 under different volume energy
densities, including 85.86 J/mm3 (a–a3), 100 J/mm3 (b–b3), and 117.17 J/mm3 (c–c3).

Table 4. EPMA quantitative analysis results for the position P1 (A) and P2 (B) of Figure 6b.

Element (Wt. %) Ni Cr Fe Nb Mo Ti Al

White area (A) 48.528 17.681 16.974 7.898 3.175 1.259 0.463
Dark area (B) 49.490 18.714 18.213 5.164 2.882 1.041 0.445

Figure 7 also shows the magnification of the dendrites and the electron probe micro-
analysis at different Evs. It shows the appearance of the Laves phase and the segregation of
Nb, Ti, and Mo in the interdendritic region. The Laves phase is lighter yellow, as shown in
Figure 7a–c. As the Ev increases from 85.86 J/mm3 to 100 J/mm3, the Laves phase becomes
less and less obvious. With increasing energy density, the Nb element is less segregated,
especially in some interdendritic regions (as shown in the red box). The even distribution
of Mo, Nb, and Ti in the crystal and grain boundaries is observed at an energy density of
100 J/mm3. This indicates that a higher energy density leads to the uniform diffusion of
the elements, causing the decrease in the Laves phase. Moreover, the volume fraction of
the Laves phase and Nb segregation strongly depend on the solidification processes [35].
The faster cooling rate at a higher energy density greatly improves the dendrite growth
rate and solute trapping, so that Nb does not have enough time to diffuse from the solid
phase to the liquid phase. This allows more Nb elements to be trapped in the solid phase
(matrix), while fewer Nb elements are segregated to structure the Laves phase. However,
when the energy density exceeds a critical value, the resulting Nb segregation increases
again. The increase in energy density in turn facilitates the precipitation of the Laves phase
in Inconel 718 prepared by SLM.
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Figure 8. High-magnification SEM graphs of cellular dendrites and columnar dendrites in the X–Z
plane of SLMed IN718 samples with different laser volume energy densities; (a,d) 85.86 J/mm3,
(b,e) 100 J/mm3, and (c,f) 117.17 J/mm3.

It is known that segregation is a phenomenon largely dependent on time. As a
result, it has a tight connection with the cooling rate [35]. Due to the non-equilibrium
fast solidification conditions that prevail during SLM, the appearance of the Laves phase
easily occurs in as-SLMed IN718 alloy, through the segregation of high atomic diameter
elements such as Nb, Mo, and Ti. Accordingly, the Laves phase is easier to appear in the
interdendritic boundaries at a low energy density or high energy density. In summary,
the proper increase in the volume energy density helps to reduce the precipitation of the
Laves phase, while excessive energy will facilitate the formation of the Laves phase in the
SLM-fabricated Inconel 718.

To further reveal the influence of volume energy density (Ev) on the microstructures
of SLM-processed Inconel 718, Figure 8 shows even higher magnifications on the specific
spots in the structures. Two kinds of dendrites of the as-SLMed IN718 alloys on vertical
section (X–Z plane) were observed at the Evs of (a) 85.86 J/mm3, (b) 100 J/mm3, and
(c) 117.17 J/mm3. At a lower Ev, cellular dendrites with clear boundaries are formed, and
the grains are distributed at a certain angle, as evidenced in Figure 8a,d. At the Ev level of
100 J/mm3, the dendrites’ arrays are refined (Figure 8b), and the directional solidified slen-
der columnar constructures with visible boundaries are observed, as shown in Figure 8e.
At a high Ev, there is no obvious cellular dendrite formed, but large-area particle agglom-
eration occurs. The coarsened and large columnar dendrites are distributed directionally
with a fragmentized characteristic. Disconnected dendrite constructures with incomplete
precipitants at the interdendritic region were exhibited. It is difficult to distinguish a single
dendrite due to its clustering during the fast solidification process in the molten pool,
as shown in Figure 8c,f. The primary columnar dendrites are dispersed at an increased
volume energy density, despite the columnar dendrites being irregularly arranged.

3.3. Microhardness Distribution

Figure 9 shows the microhardness distribution and average microhardness of different
energy densities measured on the polished sections of as-SLMed parts from bottom to
top. Upon increasing the Ev from 85 J/mm3 to 100 J/mm3, the average microhardness
increased from 266.13 HV0.1 to 300.13 HV0.1. This result was mainly due to the appearance
of tiny pores at lower energy densities, which tend to expand the size and number of pores
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under load during the Vickers hardness test. Moreover, the samples with different energy
densities have different standard deviations on measurement, and microhardness measured
by the different positions of the same sample generates a large change during the hardness
test. This large distribution in hardness is caused by the inhomogeneous distribution of
the microstructure [53]. The appearance of fine microstructure for the sample at the Ev
of 100 J/mm3 allows the γ matrix to acquire more Nb elements. It is worth noting that
the morphology and concentration of the Laves phase were found to be the most critical
factors in the microstructure of Inconel 718 alloy [54,55]. The Laves phase is the Nb-rich
phase in the γ matrix (see Figures 7 and 8). Moreover, the addition of Nb promotes the
formation of supersaturated solid solution and enhances the solid-phase strengthening
effect. According to the above analysis, the microhardness of the present Inconel 718 parts
was enhanced by densification behavior, grain refinement, precipitation strengthening, and
solid-solution strengthening.

 
Figure 9. Vickers hardness in the X–Z plane of SLMed IN718 samples with different laser volume
energy densities: (a) hardness distribution and (b) average hardness value.

4. Conclusions

Inconel 718 samples were fabricated by SLM with different process parameters. The
effects of laser energy density on the relative density, microstructure, and microhardness of
the as-SLMed Inconel 718 samples were analyzed. The following conclusions can be drawn:

1. The relative density firstly increased and then decreased slightly with the increase
in the laser volume energy density. When the laser volume energy density was
100 J/mm3, the material density reached a peak value of 99.53%.

2. When the laser energy density was 41.67 J/mm3, the insufficient energy input resulted
in poor melt pool fluidity and insufficient filling of the inter-particle voids, which
resulted in the appearance of many discrete melt pools. The proper increase in Ev ben-
efited the improvement of densification. However, an excessive value of laser energy
density (117.17 J/mm3) resulted in high thermal stress and elements’ evaporation,
causing the appearance of gas pores, which will damage the mechanical properties of
the sample.

3. When the Ev rose from 85.86 J/mm3 to 100 J/mm3, the microhardness of the In-
conel 718 alloy fabricated by the SLM process firstly increased from 266.13 HV0.1 to
300.13 HV0.1. When the Ev further increased to 117.17 J/mm3, the microhardness
showed a slight decrease to 289.07 HV0.1. The fluctuation of the microhardness was
related to the densification degree, microstructure uniformity, and precipitation phase
content of Inconel 718 alloy.
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Abstract: In this work, laser powder bed fusion (LPBF) was explored to fabricate TA15 (Ti-6Al-2Zr-
1Mo-1V) titanium alloy based on the experimental design obtained by using the Taguchi method.
The impact of processing parameters (including laser power, scanning speed, and scanning interval)
on the density and microhardness of the as-LPBFed TA15 titanium alloy was analyzed using the
Taguchi method and analysis of variance (ANOVA). The interaction among parameters on the density
of the as-LPBFed TA15 titanium alloy was indicated by a response surface graph (RSR). When the
laser energy density was adjusted to 100 J/mm3, the highest relative density could reach 99.7%. The
further increase in the energy input led to the reduction in relative density, due to the formation of
tiny holes caused by the vaporization of material at a high absorption of heat. Furthermore, in order
to better reveal the correlation between relative density and processing parameters, the regression
analysis was carried out for relative density. The results showed that the experimental and predicted
values obtained by the regression equation were nearly the same.

Keywords: laser-based powder bed fusion; titanium alloy; Taguchi; process optimization; density

1. Introduction

TA15 (Ti-6Al-2Zr-1Mo-1V) titanium alloy is a high-aluminum-equivalent α titanium
alloy, which has good specific strength, high-temperature creep resistance, thermal stability,
and corrosion resistance. This alloy has also been widely used in the key load-bearing
components and engine structure parts of aerospace applications [1–3]. However, titanium
alloy has high activity, low thermal conductivity, and high deformation resistance [4–7],
which makes it very difficult to manufacture by traditional manufacturing methods, such
as casting [8,9], forging [10,11], and welding [12–14]. In addition, aerospace parts tend to
be functional, lightweight, and have a structural integrated design [15–23]. Meanwhile, it is
increasingly difficult for traditional manufacturing technology to meet the manufacturing
needs of aerospace titanium alloy parts with complex structures. Hence, new types of
manufacturing techniques should be explored to fabricate the complex structures.

Metal additive manufacturing (AM) techniques, including laser powder bed fusion
(LPBF) [24–26] and laser powder deposition (LPD) [27–29], have been confirmed to success-
fully fabricate complex structures of titanium alloy parts. Compared with others, research
has mainly concentrated on the directed-energy-deposition-fabricated TA15 titanium al-
loy [30,31], which can directly fabricate the large-scale complex structural components.
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However, in order to obtain the TA15 structural parts with higher precision, some studies
have conducted research on LPBF-processed TA15 titanium alloy. Laser powder bed fu-
sion is a promising metal AM technique that utilizes a focused laser beam to selectively
melt metal powder layer by layer under the guidance of a computer-aided-design (CAD)
model [3,6]. It has the advantages of high material utilization rate, high precision, and
directly manufacturing near-full-density complex-shaped metal parts [32], which indicates
that the application of LPBF to manufacture TA15 titanium alloy parts has the potential to
extend its application in aerospace [33]. However, the characteristics of high-temperature
melting and rapid solidification in the LPBF process may result in some issues [34,35]. For
example, the evaporation of elements in the heating process and the volume shrinkage in
the cooling process both easily lead to pore generation [36]. There is even a lack of fusion
defects existing due to improper adjustment of process parameters [37]. These pores and
lack of fusion will reduce the relative density of LPBF-fabricated metal parts, resulting in
seriously degrading the mechanical properties [38]. Therefore, achieving a high density of
LPBF-fabricated metal parts has become a target for researchers.

As for LPBF Ti-Al-Zr-Mo-V titanium alloy, Li et al. [3] investigated the effect of
LPBF process parameters on the relative density of the TA15 titanium alloy sample, and
found that the volume energy density (Ev) range of 125–167 J/mm3 is the optimal LPBF
process window for manufacturing high-density TA15 titanium alloy. At the same time,
Li et al. [39] also reported that the effect of the different levels of scanning strategies on
the relative density of LPBF-fabricated TA15 titanium alloy caused a significant difference.
Thijs et al. [40] systematically investigated the correlation between the density of Ti6Al4V
and various parameters via experiments and simulation, but did not consider the effect of
parameter–parameter interactions on the density.

The Taguchi method has been proven to be a powerful means to optimize multiple
parameters with the consideration of the interaction among process parameters [41–43].
Kumar et al. [44] investigated the effect of wire electrical discharge machining (WEDM)
process parameters on the rate of material removal (MRR), surface roughness (SR), and
corrosion rate (CR) of ZE41A magnesium alloy using the Taguchi method, and determined
the optimized parameter combinations of each of them based on considering the interaction
among process parameters. Pandel et al. [45] reported the influence of input parameters
(including cross-sectional area and TE leg length) on the output parameter (power output
of Mg2(Si–Sn) thermoelectric generators) using the Taguchi method, and the contributions
of each parameter were obtained by ANOVA analysis with the results of 35.22% and
27.62%, respectively. In our study, adopting the Taguchi method can minimize the number
of experiments required to achieve a fuller understanding of the effects of processing
parameters on the relative density of LPBF-fabricated TA15 titanium alloy. In addition,
according to the Taguchi experimental design, the optimized parameters can be obtained
by the approach that compares the mean of the signal-to-noise (S/N) ratio. The important
parameters and percentage contribution of the single process parameter on density were
obtained by ANOVA.

In this work, the Taguchi method was utilized to optimize LPBF process parameters
targeting high-density TA15 titanium alloy samples. The effect of laser energy density on
the relative density of the as-LPBFed TA15 titanium alloy was discussed. The optimized
parameter results were validated by confirmation analysis. This work aimed to provide the
database and guidance for LPBF fabrication of TA15 titanium alloy.

2. Materials and Methods

2.1. Materials

The gas-atomized TA15 titanium alloy powder used in this work was purchased from
Avimetal Powder Metallurgy Technology Co., Ltd., China. The chemical composition
of TA15 titanium alloy powder is listed in Table 1. The main alloying elements of TA15
titanium alloy are Al, V, Zr, Mo, and Ti, as indicated in Table 1. The morphology and
size distribution of TA15 titanium alloy powder are presented in Figure 1. The powder
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particles were spherically shaped with an equivalent spherical diameter of 15–53 μm
(D10 = 21.46 μm, D50 = 33.73 μm, and D90 = 48.50 μm).

Table 1. Chemical composition (Wt. %) of the TA15 titanium alloy powder.

Elements Al V Zr Mo Si Fe Ti

TA15 6.42 1.94 1.93 1.43 0.02 0.03 Balance

Figure 1. Morphology (a) and size distribution (b) of TA15 titanium alloy powder.

2.2. Sample Fabrications and Optimization of Parameters Using Taguchi Method

The LPBF experiments were carried out by a DiMetal-100 3D printing machine
(Guangzhou Leijia Additive Technology Co., Ltd., Guangzhou, China) with an oxygen
concentration below 100 ppm. High density is the premise for the sample to have excellent
mechanical properties, and the density of the LPBF-fabricated TA15 titanium alloy was
largely affected via process parameters, such as laser power, laser scanning speed, scanning
interval, and powder-bed layer thickness.

In this investigation, the Taguchi method was utilized to optimize the parameters
for the density of the LPBF-fabricated TA15 titanium alloy. Based on a previous study
on the effect of laser energy density on the densification of titanium alloy [46] and the
fact that the low power was expected to obtain a satisfactory surface quality, the regions
of the process parameters were determined. The three controllable five-level process
parameters are listed in Table 2. Considering the interaction among parameters, the
experimental parameters combinations were determined by the orthogonal test method
using the Taguchi method. An L25 orthogonal array was obtained as shown in Table 3 using
MINITAB statistical software (MINITAB 16, Pennsylvania State University, Pennsylvania,
USA). The 25 parametric combinations listed in Table 3 were then applied to fabricate 10
× 10 × 10 mm3 cubes for the sake of parametric optimization. The experimental results
are displayed in the form of S/N ratio, which could be separated from the three types of
performance features: nominal-the-better, smaller-the-better, and larger-the-better. In this
study, the objective was to obtain maximum density in the LPBF-fabricated TA15 titanium
alloy. Thereafter, the larger-the-better feature was chosen. The larger-the-better S/N ratio
can be obtained based on the following equation:

S
N

= −10 log

(
1
n

n

∑
i=1

1
y2

i

)
(1)

where yi refers to the value of density for the ith experiment, and n represents the total
number of experiments.
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Table 2. The process parameters and their levels used in this study.

Parameters Level 1 Level 2 Level 3 Level 4 Level 5

A: Laser power (W) 150 160 170 180 190
B: Scanning speed (mm/s) 800 900 1000 1100 1200
C: Scanning interval (mm) 0.06 0.07 0.08 0.09 0.10

Table 3. Experimental design as L25 orthogonal array and experimental results for relative density.

Runs Laser Power (W)
Scanning

Speed (mm/s)
Scanning

Interval (mm)
Laser Energy

Density (J/mm3)
Microhardness

(HV0.1)

Relative Density (%)

Experimental
Value

Predicted
Value

Error (%)

1 150 800 0.06 107.64 365.56 99.46 99.26 −0.2007
2 150 900 0.07 79.36 336.00 98.96 99.10 0.1437
3 150 1000 0.08 62.5 350.66 98.78 98.77 −0.0138
4 150 1100 0.09 50.51 321.18 98.32 98.25 −0.0681
5 150 1200 0.10 41.67 319.53 97.74 97.56 −0.1821
6 160 800 0.07 95.24 347.96 99.52 99.30 −0.2206
7 160 900 0.08 74.07 327.26 99.26 99.12 −0.1384
8 160 1000 0.09 59.26 353.04 98.79 98.75 −0.0376
9 160 1100 0.10 48.48 324.46 98.24 98.19 −0.0497

10 160 1200 0.06 74.07 328.90 99.18 99.01 −0.1746
11 170 800 0.08 88.54 327.84 99.43 99.32 −0.1068
12 170 900 0.09 69.96 331.06 99.08 99.11 0.0323
13 170 1000 0.10 56.67 327.00 99.02 98.69 −0.3292
14 170 1100 0.06 85.86 326.94 99.37 99.3 −0.0620
15 170 1200 0.07 67.46 328.96 99.36 98.99 −0.3688
16 180 800 0.09 84.51 322.14 99.62 99.33 −0.2907
17 180 900 0.10 66.67 322.50 99.43 99.07 −0.3617
18 180 1000 0.06 100 317.46 99.7 99.43 −0.2746
19 180 1100 0.07 77.92 329.76 99.19 99.28 0.0872
20 180 1200 0.08 62.5 317.50 99.14 98.91 −0.2359
21 190 800 0.10 79.17 318.70 99.2 99.32 0.1214
22 190 900 0.06 117.28 330.66 99.37 99.36 −0.0099
23 190 1000 0.07 90.48 324.74 99.64 99.39 −0.2509
24 190 1100 0.08 71.97 317.10 99.15 99.18 0.0351
25 190 1200 0.09 58.64 308.12 98.83 98.74 −0.0864

Finally, the percent contribution of each parameter and significant parameters for the
density were obtained by the method of analysis of variance (ANOVA).

2.3. Characterizations

Inductively coupled plasma-atomic emission spectrometry (ICP-AES) was employed
to determine the chemical component of TA15 titanium alloy powder. Scanning electron
microscopy (Nova Nano SEM230) was performed for the morphology of TA15 titanium
alloy powder. The size distribution of TA15 titanium alloy powder was counted by a laser
particle size analyzer (Mastersizer 3000). The microstructure of the LPBF-fabricated TA15
titanium alloy samples was characterized by a scanning electron microscope (Nova Nano
SEM230) using back-scattered mode (SEM-BSE).

The Archimedes principle was used to measure the relative density of LPBF-fabricated
TA15 titanium alloy samples, and the results were indicated with a percentage of the TA15
titanium alloy density (4.45 g/cm3) [47]. To decrease the randomness of the tests, five
measurements were carried out for every sample, and the mean of the measurements was
represented as the experimental value of the relative density. The vertical section (X–Y
plane) of each sample was polished for Vickers microhardness tests and the tests were
conducted by a digital microhardness instrument at a load of 100 g and a dwell time of
10 s. The results obtained for each set of samples were the average values of at least three
measurements.

3. Results and Discussion

3.1. Effect of Processing Parameters on Density and Microhardness of as-LPBFed TA15
Titanium Alloy
3.1.1. Effects of Laser Power

Figure 2 shows the effect of laser power on the density and microhardness of the
as-LPBFed TA15 titanium alloy. Here, the value of each bar represents the average value of
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the experimental results obtained by five parameter combinations under a certain level of
laser power. It can be seen from Figure 2a that the relative density of the as-LPBFed TA15
titanium alloy was below 99% with an average value of 98.65% when the laser power was
150 W, but it was beyond 99% with the increase in laser power from 150 W to 170 W. The
reason was that the low energy input corresponded to the low depth, width, and height of
the molten pool, which was why some of the powders could not be fully melted in the LPBF
process, resulting in the decrease in relative density, and the higher levels of laser power
could melt more alloy powders in the molten pool to obtain higher relative density [48].
Subsequently, the laser power increased from 170 W to 180 W, further increasing the relative
density. It is worth noticing that the relative density could reach up to 99.5% when the
laser power was 180 W. However, the higher laser power of 190 W caused the decrease
in relative density, which was owing to the excessive energy input to the elements by
burning [41], resulting in a decreasing relative density of samples. Interestingly, as shown
in Figure 2b, the samples of the lowest relative density indicated the highest microhardness,
and the microhardness of these five levels of laser power from 150 W to 190 W represented a
decreasing trend from 338.5 HV0.1 to 319.8 HV0.1, from which it could be indicated that the
mechanical properties of samples were not only determined by relative density but also by
many factors. Meanwhile, the values of the relative density exhibited a significant change
when the laser power increased from 150 W to 190 W, which indicated the significant
contribution of laser power to the relative density of LPBF TA15 alloys.

Figure 2. The density (a) and microhardness (b) of as-LPBFed TA15 titanium alloy under various
laser powers.

3.1.2. Effects of Scanning Speed

Figure 3 shows the influence of scanning speed on the density and microhardness
of the as-LPBFed TA15 titanium alloy. Here, the value of each bar represents the average
value of experimental results obtained by five parameter combinations under a certain level
of scanning speed. As the scanning speed increased from 800 mm/s to 1200 mm/s at an
interval of 100 mm/s, the relative density of the as-LPBFed TA15 titanium alloy decreased
from 99.44% to 98.85%, as shown in Figure 3a, which was due to the laser energy density
decreasing as the scanning speed increased. Consequently, the generated molten pool
caused by insufficient energy input could not fully catch the alloy powders, leading to
the decrease in relative density [49]. Meanwhile, Figure 3b indicates the effect of scanning
speed on the microhardness of the as-LPBFed TA15 titanium alloy, from which it could be
seen that the trend of microhardness of the as-LPBFed TA15 titanium alloy was decreasing
from 336.4 HV0.1 to 329.4 HV0.1 first upon the increase in scanning speed from 800 mm/s
900 mm/s. Then, the further increase in scanning speed from 900 mm/s to 1000 mm/s
simultaneously improved the microhardness, and the microhardness reached 334.5 HV0.1
when the scanning speed was 1000 mm/s. Then, the scanning speed increased from
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1000 mm/s to 1200 mm/s, giving rise to a steep descent in microhardness from 334.5 HV0.1
to 320.6 HV0.1.

 

Figure 3. The density (a) and microhardness (b) of as-LPBFed TA15 titanium alloy under various
scanning speeds.

3.1.3. Effects of Scanning Interval

Figure 4 shows the relationships between scanning interval and density and micro-
hardness of the as-LPBFed TA15 titanium alloy. Here, the value of each bar represents
the average value of experimental results obtained by five parameter combinations under
a certain level of scanning interval. As the scanning interval increased from 0.06 mm to
0.10 mm with an interval of 0.01 mm, the density of the as-LPBFed TA15 titanium alloy
decreased correspondingly from 99.41% to 98.72% with a smooth trend. The descent trend
of density with increasing scanning interval was owing to the lower energy density per unit
volume, leading to the decreasing energy adopted by the TA15 powders [41]. Meanwhile,
the microhardness of the as-LPBFed TA15 titanium alloy also represented a reduction trend
from 333.9 HV0.1 to 322.4 HV0.1 with the increase in scanning interval from 0.06 mm to
0.10 mm.

Figure 4. The density (a) and microhardness (b) of as-LPBFed TA15 titanium alloy under various
scanning intervals.

3.2. Optimization of Parameters for Density
3.2.1. Analysis of the Signal-to-Noise (S/N) Ratio

The output parameter (relative density) was utilized to measure the mean and signal-
to-noise ratios of every input parameter for the best quality of the as-LPBFed TA15 titanium
alloy specimens. The mean value and signal-to-noise ratio (S/N) were obtained to evaluate
the effect of every process parameter on the as-LPBFed TA15 titanium alloy specimens.
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In this investigation, the larger the criterion, the better the model used to select the mean
and S/N ratio to identify the response of the process parameters. Tables 4 and 5 show
the response tables for relative density of the mean value and the signal-to-noise ratio,
respectively. The larger the distinction between the S/N values, the more significant the
process parameters were. Thus, it can be indicated that the laser power had the greatest
effect on the relative density. In addition, the primary effect curves of the mean value and
S/N ratio on the densities are shown in Figures 5 and 6. It can be seen that the highest
relative density of the as-LPBFed TA15 titanium alloy specimens was obtained at the
process parameters of laser power of 180 W, scanning speed of 800 mm/s, and scanning
interval of 0.06 mm.

Table 4. Mean response table for relative density.

Level Laser Power Scanning Speed Scanning Interval

1 98.65 99.45 99.42
2 99.00 99.22 99.33
3 99.25 99.19 99.15
4 99.42 98.85 98.93
5 99.24 98.85 98.73

Delta 0.76 0.60 0.69
Rank 1 3 2

Table 5. S/N ratio response table for relative density.

Level Laser Power Scanning Speed Scanning Interval

1 39.88 39.95 39.95
2 39.91 39.93 39.94
3 39.93 39.93 39.93
4 39.95 39.90 39.91
5 39.93 39.90 39.89

Delta 0.07 0.05 0.06
Rank 1 3 2

Figure 5. Main effect plots of means—relative density.
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Figure 6. Main effect plots of S/N ratio—relative density.

3.2.2. Analysis of Variance (ANOVA)

The percentage contribution of every parameter was calculated by ANOVA. ANOVA
facilitated the formal testing of the results of all the main factors and their relationships by
assessing the mean squared deviation of the experimental error approximation at a defined
confidence level. In this study, the percentage contribution of each process parameter to
obtain the best molding quality of the specimen was performed by MINITAB software. The
most significant process parameter obtained by calculating the percentage contribution
was the laser power of 33.86%, followed by the scanning interval of 31.33% and finally the
scanning speed of 25.35%. Table 6 indicates the results obtained by ANOVA of the densities.
The results show that the laser power was the most significant process parameter affecting
the relative density of the as-LPBFed TA15 titanium alloy.

Table 6. Results acquired from ANOVA—relative density.

Source DF Seq. SS Adj. SS Adj. MS F P
Percentage of

Contribution (%)

Laser power 4 1.7624 1.7624 0.44061 10.72 0.001 33.86
Scanning speed 4 1.3195 1.3195 0.32988 8.03 0.002 25.35

Scanning interval 4 1.6307 1.6307 0.40769 9.92 0.001 31.33
Error 12 0.4930 0.4930 0.04108 — — 9.47
Total 24 5.2057 — — — — 100

DF, degree of freedom; Seq. SS, sequential sum of squares; Adj. SS, adjusted sum of squares; Adj. MS, adjusted
mean squares; F, statistical test; P, statistical value [46].

3.3. Effect of Laser Energy Density on Relative Density of as-LPBFed TA15 Titanium Alloy

In this section, the interaction influences of scanning speed and laser power on the
relative density of the alloy are discussed. Figure 7 shows the response surface graph and
contour plot for the influence of laser power and scanning speed on the relative density
obtained by using Design Expert software, from which it can be directly seen that the
relative density of samples first increased obviously and then slightly reduced with the
reduction in the scanning speed or the increase in the laser power. The effect of the scanning
speed on relative density appeared more remarkable at lower laser powers, and so did
laser power at high scanning speeds. As reported, volume energy density (Ev) is the critical
element that determines the relative density, and it can be represented as follows:

Ev = P/vht (2)
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Figure 7. Response surface graph (a) and contour plot (b) of the effects of laser power and scanning
speed on the relative density at scanning interval of 0.08 mm.

Here, P represents the laser power (W), v refers to the laser scanning speed (mm/s),
h is the laser scanning interval (mm), and t is the layer thickness (mm), which remains at
0.03 mm throughout the investigation. Based on Equation (2), the Ev of each sample is
listed in Table 3.

Figure 8 indicates the correlation between volume energy density and relative density
of the TA15 alloy fabricated via LPBF processes. It can be found from Figure 8 that a lower
relative density of 98.24% occurred at a lower energy density of 48.48 J/mm3, which was
due to the low level of laser energy input not being able to make the powder surface melt
completely, resulting in the lack of fusion, as shown in Figure 9a. Thus, a higher energy
density could be utilized to realize higher values of relative density. When the laser energy
density was adjusted to 100 J/mm3, the highest relative density could reach 99.7%, as
shown in Table 3. There are almost no defects such as pores, as indicated in (Figure 9b).
Notably, the further increase in the energy input would lead slightly to the reduction in the
relative density due to the vaporization of material caused by the high absorption of heat
from melt pool turbulence or the interaction zone [36], which would result in the formation
of tiny holes, as shown in Figure 9c.

Figure 8. Relationship between relative density and volume energy density for LPBF-fabricated TA15
titanium alloy.
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Figure 9. Various types of defects present across the as-LPBFed TA15 titanium alloy at different
energy densities: (a) 48.48 J/mm3, (b) 100 J/mm3, and (c) 117.28 J/mm3.

3.4. Confirmation Analysis

In order to better reveal the correlation between relative density and laser power, and
scanning speed and scanning interval, the regression analysis was carried out for relative
density. With the regression expression given according to the response parameter (relative
density) and the three input process parameters (laser power (A), scanning speed (B), and
scanning interval (C)) with the expression via a second-order polynomial, the equation is
as follows [50]:

Relative density = a0 + a1(A) + a2(B) + a3(C) + a4(AB)+ a5(AC) + a6(BC) + a7(ABC) (3)

Table 7 shows the corresponding value of coefficients from a0 to a7 for the relative
density. By replacing each value of these three process parameters and corresponding
coefficients in the regression expression, the predicted value for relative density could be
obtained. Recall above Table 3 that the values of prediction and experiment for relative
density were clearly shown, and the values of prediction and experiment for relative
density were compared. The result indicates that the difference between their values was
not remarkable and their percentage of error was less than 0.5%. The confirmation analysis
had been finished to identify that the values of prediction and experiment obtained by
means of the regression equation were nearly the same. Directly, the high correlation
between experimental values and predicted values for relative density is directly shown in
Figure 10.

Table 7. The regression equation coefficients for relative density.

Coefficient The Corresponding Value

a0 111.61
a1 −1.06 × 10−1

a2 −1.64 × 10−2

a3 5.23
a4 1.35 × 10−4

a5 4.91 × 10−1

a6 1.89 × 10−2

a7 −7.18 × 10−4
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Figure 10. Correlation graph of the experimental values and predicted values of relative density.

4. Conclusions

(1) With the increase in laser power, the relative density first increased and then decreased.
When the laser power was 180 W, the relative density could reach the peak value
of 99.5%. However, the higher laser power of 190 W caused the decrease in relative
density, which was owing to the excessive energy input to the elements by burning,
resulting in the decrease in relative density.

(2) As the scanning interval increased from 0.06 mm to 0.10 mm with an interval of
0.01 mm, the density of the as-LPBFed TA15 titanium alloy decreased correspondingly
from 99.41% to 98.72% with a smooth trend. The descent trend of density with
increasing scanning interval was owing to the lower energy density per unit volume,
causing the decreased energy absorbed by the TA15 powders.

(3) The correlation between relative density, laser power, scanning speed, and scanning
interval was analyzed by the regression expression (A: laser power, B: scanning speed,
and C: scanning interval) as follows:

Relative density = 111.61 − 1.06 × 10−1 (A) − 1.64 × 10−2 (B) + 5.23 (C) + 1.35 × 10−4

(AB) + 4.91 × 10−1 (AC) + 1.89 × 10−2 (BC) − 7.18 × 10−4 (ABC)
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Abstract: Under quasi-steady particle pushing conditions in an alloy, fresh liquid has to flow to the
gap separating a particle and an advancing solid–liquid interface of a crystal to feed the volume
change associated with the liquid–solid phase transformation. In the meantime, solute rejected by
the growing crystal has to diffuse out of the gap against the physical feeding flow. An inequality
equation was derived to estimate the pushing-to-engulfment transition (PET) velocity of the crystal
under which the particle is pushed by the growing crystal. Experiments were performed in an
Al-4.5 wt.%Cu-2 wt.% TiB2 composite under isothermal coarsening conditions. TiB2 particles were
indeed engulfed by the growing aluminum dendrites as predicted using the inequality equation.
Predictions of the inequality equation also agreed reasonably well with literature data from the
solidification of distilled water containing particles obtained under minimal convection conditions.
The inequality equation suggests that the PET velocity is much smaller in a binary alloy than that in
a pure material. Without the influence of fluid flow or other factors that put a particle in motion in
the liquid, the particle should be engulfed by the growing crystal in alloys solidified under normal
cooling rates associated with convectional casting conditions.

Keywords: A1. dendrite; A1. particle pushing; A1. diffusion; A2. growth from melt; B1. alloys

1. Introduction

A great deal of work has been published concerning the interaction of insoluble
particles with an advancing solid–liquid interface [1–7] owing to its importance in various
fields, including the processing of composites (metal matrix or polymer matrix) [8,9],
preservation of biological materials [10], and freezing of soils [11,12]. It has been generally
recognized that certain types of particles are pushed by the solid–liquid interface advancing
at small velocities. There is a critical growth velocity, VC, or pushing-to-engulfment
transition (PET) velocity, above which a particle ceases to be pushed but is engulfed in the
growing crystal. Engulfment likely leads to a uniform distribution of particles within a
solid crystal, while pushing results in particle segregation in the solidified material.

The PET velocity has been defined in various forms [1–7], but generally, it is pro-
portional to the difference in interfacial energies, Δσ, of the particle/material system, the
minimum separation between the particle and the advancing solid–liquid interface, h, and
the reciprocal of particle radius, R. For discussion purpose, VC can be written as:

VC ∝
hΔσ

Rα
(1)

where α is a constant with a value of 1, 3/2, or 4/3 from various models [1,2,4], and Δσ is
defined as:

Δσ = σSP − (σSL + σPL) (2)
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Equation (2) is proposed based on interfacial energy interactions [1,2,4], suggesting
that when the solid–particle interfacial energy, σSP, is greater than the sum of the solid–
liquid interfacial energy, σSL, and the particle–liquid interfacial energy, σPL, a repulsive
force arises that acts on the particle as the solid–liquid interface approaches the particle
within h. Analytical models in the form of Equation (1) predict that, for a 2-μm particle
satisfying Equation (2) in a pure material, VC is in the order of a few micrometers per
second, which is in general agreement with experimental observation, but the h value has
to be altered in order to fit experimental data [13].

In an alloy or in a pure material where impurity has to be considered, the boundary
conditions at the advancing solid–liquid interface become too complicated to obtain simple
analytical solutions on VC. Pötschke and Rogge [6] developed a numerical model to
describe the influence of solute content on VC. Kao et al. [6] presented a more rigorous
numerical model for the capturing of a foreign particle by an advancing solid–liquid
interface in binary alloys. These models predict that VC is in the form:

VC ∝
hΔσGβ

RαCε
0

(3)

where G is the temperature gradient, C0 is the alloy composition, and β and ε are positive
constants in the range of 0–1 [4,6,7]. The values of α, β, and ε are affected by Δσ [7]. VC in a
binary alloy can be orders of magnitude smaller than that in a pure material [7]. One issue
with the numerical models is the lack of accurate data for Δσ, especially when a solute
is enriched in the thin gap between the particle and the advancing solid–liquid interface.
Interface interactions related to Δσ define the morphology of the solid–liquid interface
beneath the particle and the resultant h, which, in turn, affects the force balance during
particle pushing.

A major drawback in the numerical models is associated with the length scales of
h and that of interface morphology. The repulsive force is related to the van der Waals
forces, which become substantial when h is in the order of a few atomic diameters. In
most binary alloys, the first solid crystal precipitating from a liquid usually consists of a
non-faceted phase. The solid–liquid interface of such a non-faceted crystal is only a few
atoms thick and is zigzag at the nanoscale. This means that the minimum separation, h, is
in the same order of interface roughness at the nanoscale level and should vary from atom
to atom substantially. However, numerical models so far developed have been focusing
on calculating a macroscopically smooth solid–liquid interface and a resultant constant h
using rigorous macroscopic boundary conditions. Consequently, these models may not
be meaningful in describing the van der Walls forces since the h value cannot be obtained
simply by solving the macroscopic diffusion equations. It is noted that numerical models
predict that particle pushing occurs when the depth of a depression on the solid–liquid
interface is around 0.8–1.2R [7]. Such s deep depression on the advancing solid–liquid
interface during steady-state particle pushing has not yet been observed experimentally.
Much sophisticated theoretical work involving multi-length scale modeling is required to
describe particle pushing.

Experimental validation of model prediction yielded conflicting results. The predicted
VC is in the order of a few micrometers per second in a pure material [1–7] and orders of
magnitude smaller than that in alloys [6,7]. Such a VC is much smaller than the average
growth rates of solid solidified under normal casting conditions. As a result, particles
should have been engulfed by the growing solid during the normal solidification of com-
posite materials. Experimental data on particle pushing during dendritic solidification in
metal matrix composites do not support theoretical predictions [14–18]. Instead of being
engulfed, particles are actually pushed by dendrites growing at rates a few orders of mag-
nitude greater than predicted [14–19]. In fact, except for particles that nucleate the growing
solid phase, i.e., a particle that exists in the center of a growing grain, there is a lack of
convincing experimental observation conforming that particles being actually engulfed
within a dendrite arm under cooling conditions, so far tested regardless of Δσ being posi-
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tive [14,15] or negative [17–19]. Obviously, convection in liquid plays a significant role in
particle pushing [20–22]. However, convection or mechanical disturbance in the melt has
been difficult to avoid in most of the experiments performed so far.

Engulfment of insoluble particles by advancing solid–liquid interface is still not fully
understood owing to the deficiencies both in modeling and in experiments described
above. The purpose of this work was to examine the effect of solute on particle push-
ing/engulfment in an alloy under convection-less conditions. Simple analytical equations
were derived considering only the first-order phenomena governing particle pushing so
that the boundary conditions do not need to be as rigorous as that used in numerical
modeling [6,7,23,24]. A unique experimental method, which minimized convection and
mechanical disturbance, was designed to capture particles within dendrite arms. These
simple equations can be used for estimating VC in binary alloys without using interfacial
energies. The method can be used for observing the capturing of particles by an advancing
solid–liquid interface under convection-less conditions.

2. Analysis on the Pet Velocity

As shown in Figure 1, a depression should be gradually formed on a growing dendrite
arm as the arm approaches an insoluble foreign particle. The existence of the particle in the
vicinity of the dendrite arm will certainly affect solute diffusion ahead of the advancing
solid–liquid interface of the arm. In the gap between the particle and the solid–liquid
interface, solute rejected by the growing dendrite arm is difficult to be transferred out
of the gap. The enrichment of solute in the gap decreases the local melting temperature
if the partition coefficient of the solute element, k, is smaller than one. As a result, the
solid–liquid interface under the gap will be concave, forming a depression on the dendrite
arm to allow the particle to dwell. Such type of depression formation has been confirmed
by Sen et al. [25] in molten aluminum by means of X-ray imaging.

Figure 1. Schematic illustration showing (a) as a particle is approached by an advancing solid–liquid
interface of a dendrite arm, (b) a depression is formed on the growing dendrite arm if k < 1. The
shade indicates the solute field ahead of the solid–liquid interface of the dendrite arm. The solute
concentration is illustrated as proportional to the darkness of the shade.

Consider the condition of quasi-steady particle pushing, i.e., a particle that dwells on
an advancing solid–liquid interface advancing at a constant rate is pushed steadily by the
solid–liquid interface over a certain distance [1]. In order to push the particle under such
conditions, fresh liquid has to constantly flow into the gap and freeze on the growing solid.
At the same time, in an alloy, the solute must diffuse against this physical flow at a rate
sufficient to prevent being built up in the gap.

Figure 2 depicts the temperature and solute fields in the vicinity of the solid–liquid
interface. Following Pötschke and Rogge [6], the balance of mass and solute under steady-
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state conditions in the gap region can be described. At any point in the gap shown in
Figure 2, the mass of liquid, ML, flowing into the gap per unit of time is:

ML = 2πh
[
(R +

1
2

h) sin θ

]
VLρL (4)

where VL is the flow rate, ρL is the density of the liquid, and θ is the angle shown in Figure 2.

 

Figure 2. Schematic illustration of the temperature and solute fields in the gap between a particle
and an advancing solid–liquid interface.

The mass of liquid, ML, which is transformed into solid growing at a velocity, VS, per
unit of time in the region defined by any θ is:

ML = π[(R + h) sin θ]2VSρS (5)

where ρS is the density of the solid. Mass balance defined by equating Equations (4) and (5) gives:

VL =
(R + h)2ρS sin θ

2h(R + 1
2 h)ρL

VS (6)

Ignoring the solute entering the growing solid, one can write the solute balance
equation at any location in the gap as [5]:

VLCθ +
D

R + h/2
∂Cθ

∂θ
= 0 (7)

Under directional solidification conditions, the temperature field is fixed so the tem-
perature distribution can be estimated using:

T = TI + GZ (8)

where G is the temperature gradient in the solid, TI is the temperature at the planar solid–
liquid interface far away from the particle, and Z is the vertical distance from any point in
the solid to the planar solid–liquid interface.

The relationship between solute and temperature on a phase diagram is described
by the phase diagram of the alloy system. For an alloy with a diluted solute content, the
liquidus slope, m, on the phase diagram is usually a constant. The change in temperature is
related to the change in composition by:

ΔT = mΔC (9)
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Under steady-state growth conditions and ignoring the kinetic growth undercooling,
the temperature, TI, at the planar solid–liquid interface far away from the particle is:

TI = T0 + m
C0

k
(k − 1) (10)

where C0 is the bulk solute content, T0 is the liquidus temperature of the alloy, and k
is the partition coefficient. The composition at the liquid side of the planar solid–liquid
interface is:

CI =
C0

k
(11)

Assuming that the depression shown in Figure 2 has a constant radius, a, the tempera-
ture at any given θ is:

Tθ = TI + m(CI − Cθ)− ΔTa − ΔTK (12)

where ΔTa is curvature undercooling and ΔTK is kinetic undercooling. Under the assump-
tion of a constant gap radius, ΔTa and ΔTK are constants in the gap region. The temperature
difference between θ0 and θ in the gap region can be calculated in the following equation
by either using Equation (9) or Equation (12).

ΔT = m(Cθ0 − Cθ) (13)

Combining Equations (8) and (12), one can write the vertical distance, ΔZ, between θ0
and θ in the gap as:

m(Cθ − Cθ0) = GΔZ (14)

i.e.,
ΔZ =

m
G
(Cθ − Cθ0) (15)

Let the depth of the depression be h0, the vertical distance from the planar solid–liquid
interface to the center of the particle is R-h0, as shown in Figure 2, and the edge of the
planar interface neighboring the gap is the location corresponding to θ0. At any given θ,
the vertical distance from the point corresponding to θ in the gap to the planar interface is
given by:

ΔZ = (R + h) cos θ − (R − h0) (16)

Combining Equations (15) and (16) gives:

Cθ = Cθ0 −
G
m
[(R + h) cos θ − (R − h0)] (17)

where
Cθ0 ≈ CI (18)

Differentiating Equation (17) gives:

∂Cθ

∂θ
=

G
m
(R + h) sin θ (19)

Substituting Equations (17) and (19) into Equation (7) yields:

VL

(
CI − G

m
[(R + h) cos θ − (R − h0)]

)
+

D
R + h/2

[
G
m
(R + h) sin θ

]
= 0 (20)

Combining Equations (6), (11) and (20) gives:

(R + h)2ρS

2h(R + 1
2 h)ρL

VS

(
C0

k
− G

m
[(R + h) cos θ − (R − h0)]

)
+

DG(R + h)
m(R + h/2)

= 0 (21)
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Considering mass balance at the entrance of the gap where:

R − h0 = (R + h) cos θ (22)

and ignoring h in the R + h and R + h/2 terms since h is only a few atomic layers thick [1–6]
and is much smaller than R, one can rewrite Equation (21) as:

C0RρS
2hkρL

VS +
DG
m

= 0 (23)

Rearranging Equation (23) gives:

VS =
2hDρL

ρS

k
mC0

1
R

G (24)

In deriving Equation (6), solute entering the growing solid is ignored. To account for
this amount of solute, the PET velocity, VC, of the solid has to be smaller than VS described
in Equation (24) in order to maintain the particle being pushed under steady-state, i.e.,

VC ≤ 2hDρL
ρS

k
mC0

1
R

G (25)

Similar to Equation (2), the PET velocity in Equation (25) is proportional to h and
the reciprocal of R. The uniqueness of Equation (25) is that the PET velocity is a linear
function of composition, diffusion coefficient, and temperature gradient as well. Compared
to Equation (3), the values of α, β, and ε in Equation (25) are different, and the term of
interfacial energies is not included because of the assumption that the radius of the gap is a
constant. Still, the minimum separation between the particle and solid–liquid interface has
to be determined by the forces acting on the particle. Furthermore, m and k in Equation
(25) should not be zero because of the division operations performed in obtaining these
equations. When m = 0, no depression will form on the growing solid behind the particle
because TI = T0 and CL = C0. Thus, the solute should have no effect on particle pushing.
This is also held true for C0 = 0 and k = 1. Under such conditions, solute diffusion is not a
dominant factor during the engulfment of a particle, so particle pushing is governed by
surface energy interactions when this is no convection in the liquid.

3. Validation

3.1. G vs. VC

Equations (24) and (25) predict that the PET velocity, VC, is zero when the temperature
gradient, G, is zero, meaning that particles should be engulfed by a growing crystal/solid
at any growth rate when G = 0 under no convection conditions. Unfortunately, no data on
particle pushing is available in the open literature on conditions of G = 0 and no convection
in the liquid. Such conditions can only be achieved during isothermal coarsening of an alloy
at a semisolid state where (1) the liquid film between dendrites is so thin that convection in
the liquid film is inhibited by the friction of the solid–liquid interfaces to fluid flow, (2) the
slow growth of larger solid grains at the expense of smaller grains is spontaneous at G = 0
due to the Ostwald ripening phenomenon, and (3) the fraction solid does not change, so
that macro-scale flow (across a few grains) due to shrinkage feeding is prevented.

Isothermal coarsening experiments on particle pushing by globular grains were per-
formed in Al-4.5 wt. %Cu-2 wt.%TiB2. Globular grains were intentionally used in order
to illustrate clearly than TiB2 particles could be entrapped with the grains. The alloy
was prepared using pure copper (99.9% purity), pure aluminum (99.7% purity), and an
Al-10 wt.% TiB2 master alloy containing TiB2 particles in a size range of 0.1 to 3 μm. Around
400 g of raw materials with a composition of Al-4.5 wt.%Cu-2 wt.%TiB2 were melted in
a graphite crucible in an electrical resistance furnace. When the temperature of the melt
reached and remained stable at 730 ◦C, ultrasound was introduced into the melt through an
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Nb probe for 5 min in order to (1) disperse TiB2 particles in the matrix and (2) cleanse the
surfaces of the particles for improved grain refining efficiency. The ultrasonically treated
melt was then poured into a steel mold to form an ingot. Specimens of 25 mm by 6 mm
were cut from the ingot, heated up from room temperatures to 635 ◦C, and held at that
temperature for various times up to 4 hrs before being cooled in air to room temperature.
The microstructure of the specimens was examined using a scanning electron microscope
(SEM). In order to observe α-Al grains evolution, specimens were anodized with a Baker’s
reagent (10 mL HBF4 (40%)+200 mL distilled water) applying 20V DC for 90–120 s and then
were observed by polarized light using ZEISS OM. The grain size of the specimens was
measured as a function of isothermal coarsening times to determine the average growth
rates of the aluminum phase.

Figure 3 illustrates globular aluminum grains and the distribution of TiB2 particles in
Al-4.5 wt.%Cu-2 wt.%TiB2 alloy before and after isothermal heat treatment. The size of the
globular aluminum grains increases with increasing isothermal coarsening times, as shown
in Figure 4.

Figure 3. SEM images of the microstructure in Al-4.5 wt.%Cu-2 wt.%TiB2 alloy under (a) as-cast
conditions and (b) after isothermal coarsening for 1 h (3600 s). The dark globular phase is the
aluminum grains. The bright regions surrounding the aluminum grains consist of eutectic phases
and TiB2 particles.

In the as-cast specimen where convection existed during its solidification, TiB2 particles
were all pushed by the aluminum grains/dendrites and were distributed in the eutectic
regions where solidification was completed last. As a result, no small TiB2 particles
are found within the dark aluminum dendrites shown in Figure 3a. Such results are
in agreement with experimental results reported in Refs. [17–19].
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Figure 4. Relationship between dendrite arm size and times during isothermal coarsening of
Al-4.5 wt.%Cu-2 wt.%TiB2 alloy.

In the specimen subjected to isothermal coarsening shown in Figure 3b, two types
of particles exist within every aluminum dendrite arm: Al2Cu and TiB2. The large and
bright ones are eutectic Al2Cu particles, and the small but less bright ones are TiB2 particles.
Al2Cu particles existed at the original grain boundaries or interdendritic regions in the as-
cast samples. During isothermal coarsening, the eutectic Al2Cu particles remelted, became
part of the liquid films or spherical droplets that were entrapped at the grooves of grain
boundaries as the globular aluminum grains grew. The size of Al2Cu particles was much
greater than the TiB2 particles. Most TiB2 particles also existed in the grain boundaries.
Still, some particles that happened to rest on top of aluminum grains could be engulfed.
Indeed, there are numerous small particles in the periphery of aluminum grains shown in
Figure 3b. Some of them are TiB2 particles that were engulfed when aluminum grains grow
during the isothermal coarsening process. We believe that Figure 3b is the first SEM image
showing that small TiB2 particles are indeed engulfed within aluminum grains.

The average coarsening rate of the globular aluminum grains during isothermal
coarsening was about 0.0093 μm/s, which is the slope of the linear curve that fits with
the experimental data shown in Figure 4. TiB2 particles that rested on the coarsening
grains were indeed engulfed at such a small average growth rate. It is important to note
that although the average coarsening rate is about two orders of magnitude smaller than
the VC predicted by models for pure materials [1,2,4–6,25], it is still not the VC for this
particle/alloy system. The PET velocity, VC, below which a TiB2 particle is pushed by a
growing aluminum crystal/grain in this alloy, could be much smaller than that shown in
Figure 4. In fact, during isothermal coarsening, small grains shown in Figure 3b initially
grow at the expense of smaller ones. They then start to dissolve after the smaller ones are
totally dissolved because larger grains exist nearby. As a result, the small grains shown
in Figure 3b could grow at various rates below the average growth rates, including zero.
Therefore, particle engulfment in grains of various sizes during isothermal coarsening does
suggest that the PET velocity is zero when G = 0, as predicted by Equation (25).

When G > 0, VC increases with increasing G linearly, as predicted by Equation (25).
Such a linearly relationship was supported by Körber et al. [26], as shown in Figure 5 but
was not supported by Cissé and Bolling [27], who performed experiments at two gradient
levels but admitted that they did not have good control of the temperature gradient. More
experimental data are needed to validate model predictions.
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Figure 5. Relationship between PET velocity, VC, and temperature gradient for latex particles of
5.7 μm mean diameter in distilled water solidified horizontally in thin specimens [26].

3.2. R vs. VC

Validation of Equations (24) and (25) was performed using experimental data obtained
in distilled water and degassed water solidified both vertically [27] and horizontally [26].
The vertical solidification was carried out in a large container freezing from the bottom
to the top [27]. Convection in such a large container was unavoidable, so data on heavy
particles (silica, copper, and tungsten) were used, and data on hollow carbon spheres were
discounted. The horizontal solidification experiments of the latex/water were performed
in a thin tube [26]. The density of latex was 1.05 g/cm3 and was only slightly denser than
water. The specimen hosted in a thin tube was withdrawn using a mechanical translation
system [26]. It is unclear if the solid–liquid interface was free from mechanical disturbance
or vibration from the mechanical translation system.

Figure 6 illustrates the relationship between PET velocity, VC, and particle radius, R.
Experimental data are marked with dots, squares, triangles, and diamonds for various
particles. The curves are calculated using Equation (25). Data used in Equation (25) are
D = 10−9 m2/s, G = 103 K/m, and ρL/ρS = 1. Impurities in the distilled and degassed water
are not provided in the literature, so we have to assume that mC0/k = 0.001 K. Given the
value of mC0/k, the h values, shown in Figure 6, can be determined by fitting Equation (25)
with experimental data.

 

Figure 6. Critical growth rate, VC, vs. particle radius, R, in distilled water solidified vertically or
horizontally. Equation (25) is used to calculate the dash line assuming h = 0.02 μm and the solid
line assuming h = 0.005 μm. The solid markers are experimental data from literature. • Silica
(vertical solidification) [27],� Cu (vertical solidification) [27], � W (vertical solidification) [27], and
� (horizontal solidification) [26].
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Generally, predictions using Equation (25) fit experimental data quite well in terms
of the trend of VC vs. particle radius, R, indicating that VC is proportional to 1/R as
described by Equation (25). The good agreement of the predicted VC with experimental
data may not mean much since such a good agreement is achieved by assuming values
for mC0/k and h. Still, it is interesting to note that the h value associated with the denser
particles under vertical solidification conditions is much smaller than that associated with
the neutrally-buoyant latex particles under horizontal solidification conditions. Such results
are reasonable according to the force balance during steady-state particle pushing.

The driving force, Fσ, for particle pushing is given by [2,6]:

Fσ = 2πRΔσ
( a0

h

)2
(26)

where a0 is the interatomic distance of the solid. The force resisting to the motion of the
particle is a viscous force, FD, given by [2,6]:

FD = 6πμVC
R2

h
(27)

where μ is the viscosity of the liquid. Under horizontal solidification conditions, the driving
force is balanced by the viscous force, giving rise to:

h =
Δσ0a2

0
3μVCR

(28)

Equation (28) indicates that the minimum separation is a function of the viscosity of
the liquid and the difference in interfacial energy. The minimum separation decreases with
the increasing viscosity of the liquid. The PET velocity described in Equation (25) should
decrease with the increasing viscosity of the liquid. Indeed, Uhlmann et al. [1] reported
that the critical growth velocities in liquids of higher viscosity were higher than that of
lower viscosity.

Under vertical solidification conditions, the gravitational force, FW, is given by:

FW =
4
3

πR3(ρP − ρL)g (29)

where ρP is the density of the particle. For a particle denser than the liquid and the solid
growing against gravity, force balance gives:

Fσ = FD + FW (30)

Substituting Equations (26), (27) and (29) into (30) and rearranging the equation yield:

2
3

R2(ρP − ρL)gh2 + 3μVCRh = Δσ0a2
0 (31)

To differentiate Equation (31) against (ρP-ρL) yields dh/d(ρP-ρL) < 0, indicating that an
increase in the density of the particle would lead to a decrease in h. The gravitational force
acting on the particle seems to push the particle closer to the solid–liquid interface, resulting
in a smaller h and resultant lower VC under vertical solidification conditions than that
under horizontal solidification conditions. The slightly large scatter in data obtained under
vertical solidification conditions shown in Figure 6 seems to be related to the densities of
the particles tested as well. The densities of the particles are 2250, 8960, and 19,360 kg/m3

for silica, copper, and tungsten, respectively [2]. The PET velocity for tungsten particles is
lower than that of the silica and copper particles, as shown in Figure 6.
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4. Discussion

The analytical models of this work are derived under simplified boundary conditions
in order to obtain analytical solutions. The macroscopic morphology of the solid–liquid
interface is not solved because it cannot represent the morphologies of the solid–liquid
interface and the resultant separation, h, at the atomic scale. As a result, the curvature
undercooling of the interface has to be estimated, assuming a constant radius for the
solid–liquid interface in the gap region. Another simplification in obtaining the analyt-
ical models is that the solute composition at the edges of the gap is assumed to be that
at the planar solid–liquid interface, i.e., Equation (18). In spite of these oversimplified
assumptions and less rigorous boundary conditions, results shown in Figures 3–6 indicate
that the predictions made by Equation (25) are generally in agreement with experimental
observations in distilled water during directional solidification and in an aluminum alloy
during isothermal coarsening.

Data shown in Figure 6 include only those obtained in distilled water. Experimental
data in other particle/matrix systems [1,3,28] are not plotted because each system would
require its unique h and mC0/k data in order to use Equation (25). Still, for a particle
of 1 μm in radius, the PET velocities are in the range of between a few micrometers per
second to a few tens of micrometers per second. Such growth rates are comparable to
our model predictions since the viscosity and the interfacial energies are quite different
from that of the particle/distilled water system. Experimental data in systems containing
sub-millimeter-sized particles [29,30] are not considered in this study because the thermal
conductivities of the materials in the systems are not included in our study. These physical
properties have less effect on particle pushing for small particles [1,2,5] but could have a
significant effect on large particles [6,25,29–31].

In comparison with experimental data in particle/distilled water systems, the h value
used in Equation (21) is in the range of 0.005 to 0.02 μm, which is one to two orders of
magnitude greater than an interatomic spacing [32]. Such a minimum separation between
the particle and the solid–liquid interface is in agreement with what is reported in the
literature [1–3]. PET velocity increases with increasing h because it would be less difficult
for solute elements or impurities to diffuse out of a thicker gap than a thinner one. So-
lute or impurity elements have to diffuse out of the gap, against the feeding current, to
maintain steady-state particle pushing. Otherwise, the particle should be engulfed by the
growing solid.

The dependence of the PET velocity on particle size is also related to the diffusion of
solutes/impurities out of the gap between the particle and the growing solid crystal. The
length of the gap and the resultant diffusion length are proportional to the particle size.
Thus, it would be more difficult for the solutes/impurities to diffuse out of a longer gap
than a shorter one, given a minimum separation, h. Our diffusion model, i.e., Equation (25),
indicates that VC is proportional to 1/R. This is quite different from the models based on
interface interactions where VC is proportional to 1/Rα and α > 1 [6,7]. The dependence of
VC to 1/R seems to fit with experimental data better than VC to 1/Rα where α > 1.

The solute content has a major effect on VC. Unfortunately, experiments carried out in
alloys on particle pushing under diffusion-only conditions, i.e., no convection, are scarce.
The purity of matrix material used is usually of high purity (about 99.999 wt. %). One
experiment by Körber et al. [28] indicates that the addition of 0.56% NaMnO4 in water
does not alter the PET velocity of water containing latex particles. However, no phase
diagram of the water/NaMnO4 system is available, so it would be impossible to determine
the values of m and k using Equation (25). A solute element should have no effect on VC if
m = 0 or k = 1.

The PET velocity for a 2-μm particle is around a few micron meters per second for
a particle in the pure matrix, usually of 99.999 wt.% purity. When the impurity or solute
content is increased by a few orders of magnitude, the PET velocity should decrease by a
few orders of magnitude according to Equation (25). For an alloy containing 1 wt. % of
solute, the PET velocity for pushing a 2-μm particle could be in the nanometer per second
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range, which is a few orders of magnitude smaller than the average growth velocity of
solids during normal cooling conditions for normal gravity casting. This would mean
that particles should be engulfed during dendritic solidification in a casting. Experimental
results in alloys suggest otherwise. Particles are pushed by the growing dendrites under
casting conditions so far tested [14,15,18]. Clearly, the fluid flow has a major effect on
particle pushing during solidification. A particle traveling in the melt can bounce off
the solid–liquid interface and thus is prevented from being engulfed by the growing
solid [18,22]. A particle resting on a depression can be dislodged from the depression on
the growing solid crystal by a rolling/sliding mechanism [18,20,21]. Vibration or other
mechanical disturbance is also capable of dislodging a particle from a depression [18,20].
As long as the particle is dislodged from a depression and starts motion, it should not be
engulfed until it settles on a depression again.

Without convection and other mechanical disturbance in the liquid, a small particle
(large enough than what is subjected to Brownian motion) should be engulfed by the
growing solid in an alloy if it rests on a depression on a growing crystal under normal
casting conditions. Convection can be suppressed in an alloy during isothermal coarsening
or during the late stage of solidification when the growth rates of the solid are slow, and the
fraction solid is relatively large. Indeed, we have found that particles are engulfed during
isothermal coarsening of Al-4.5 wt. %Cu alloy in this study.

5. Conclusions

An analytical inequality equation has been derived for describing particle pushing by
a planar advancing solid–liquid interface in an alloy. The PET velocity at which the pushing-
to-engulfment transition occurs is proportional to the minimum separation between the
particle and the solid–liquid interface and the temperature gradient at the interface and is
inversely proportional to the particle radius and the solute content of the alloy. The PET
velocities in alloys are much smaller than that in pure materials. Without fluid flow in the
liquid, a particle that dwells on an advancing solid–liquid interface should be engulfed
by the growing solid crystal under normal casting conditions. The fact that particles are
pushed by dendrites in casting is due to fluid flow in the mushy zone. Engulfment of small
TiB2 particles by growing grains/dendrites is observed in Al-4.5 wt. %-2 wt.%TiB2 alloy
during isothermal coarsening at 0.5 fraction solid where convection in the remaining liquid
in the mushy zone is suppressed.
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Abstract: Additive manufacturing (AM) has started to unfold diverse fields of applications by
providing unique solutions to manufacturing. Laser cladding is one of the prominent AM technologies
that can be used to fulfill the needs of custom implants. In this study, the wear resistance of the laser
cladded titanium alloy, Ti-17Nb-6Ta, has been evaluated under varied loads in Ringer’s solution.
Microstructural evaluation of the alloy was performed by SEM and EDX, followed by phase analysis
through XRD. The wear testing and analysis have been carried out with a tribometer under varied
loads of 10, 15, and 20 N while keeping other parameters constant. Abrasion was observed to be
the predominant mechanism majorly responsible for the wearing of the alloy at the interface. The
average wear rate and coefficient of friction values were 0.016 mm3/Nm and 0.22, respectively. The
observed values indicated that the developed alloy exhibited excellent wear resistance, which is
deemed an essential property for developing biomedical materials for human body implants such as
artificial hip and knee joints.

Keywords: Ti alloys; β-phase; laser cladding; wear characterization; biomedical applications

1. Introduction

Over the years, there has been a growing need for hard-tissue replacements in the
human body like hip/knee joints, teeth, etc., [1]. Some of the key reasons are attributable
to the increasing age of the population and increased life expectancy due to better health
care in the past decades [2]. A high number of accidents also increases the demand [3].
Due to this, interest has surged in exploring the possibilities for the materials that fulfil
the replacement needs. Metallic materials are outstanding hard-tissue replacement mate-
rials because of their versatile properties like high mechanical strength, toughness, and
promising biocompatibility [4]. Titanium (Ti) alloys possess the required properties like
high strength, outstanding biocompatibility, low density, enhanced resistance to corrosion,
etc., making them a perfect candidate for use in the human body [5,6]. One of the critical
reasons for Ti and its alloys’ outstanding biological and physical properties is the presence
of an oxide film (TiO2), which is generated naturally on their surface [7]. However, the
low hardness and wear resistance affect their full flange use [8]. The ASTM standardized
Ti alloy Ti-6Al-4V has high resistance to corrosion, excellent machinability, and tensile
strength [9,10]. However, due to a mismatch in Young’s modulus (~110 GPa) compared to
the human bone (~30 GPa) and reported claims of creating severe health problems such as
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adverse tissue reactions and neurological disorders [11,12], there has been renewed interest
in the search for its alternatives for use in biomedical applications.

Titanium is an allotropic element present in various phases like α, α + β, and β. α-
stabilizers and β-stabilizers are added to enhance the α- and β-phases, respectively [13].
Over the past years, numerous studies have been conducted in search of β-Ti alloys, which
potentially possess desired mechanical properties and resistance to corrosion. Due to
the drawback of Al- and V- ions in Ti-6Al-4V, past studies have tried replacing those
elements with other β-stabilizers such as Ta, Sn, Mo, Nb, and Zr to make β-Ti alloys [14,15].
Wei et al. [16] examined Ti-Ta-Nb alloys with 15, 23, and 30 Ta mass% for evaluating
the microstructural, biocompatibility, and mechanical properties. Ti-30Ta-10Nb was the
optimum alloy, with a Young’s modulus of around 60 GPa, a strength of around 1250 MPa,
and a hardness of around 3.1 GPa. A Ti-23Ta-10Nb alloy, was also suitable with a Young’s
modulus of around 75 GPa, hardness of around 3.0 GPa, overall strength of around 1300
MPa, and favorable biocompatibility. The porous foams of this alloy exhibited strength
and Young’s modulus values of around 180 MPa and 10 GPa, respectively, which were
observed to be close to human bone properties.

2. Wear in Ti Alloys

Ti alloys possess low thermal conductivity and low resistance to plastic shearing.
Hence, the frictional heat keeps the mating materials attached [17]. Wear resistance is an
essential property for implants, and Ti alloys are often used in mechanical joints. When
these alloys are used for implant applications such as hip or knee joint replacements, their
efficiency may be lower because of the sliding or slight amplitude movement generated
from frictional wear [18]. This can create wear debris that is abrasive and is responsible
for producing metallosis and metallic allergies [18]. Past studies have tried to upgrade the
wear characteristics of Ti alloys by using surface improvement techniques such as PVD,
CVD, ion implantation, thermal spraying, etc., [19–22]. However, it was observed that most
processes were not suitable due to insufficient adhesion and layer thickness requirements,
though some experimentation was done to generate an irregular surface. Irregular surfaces
generate oxide layers, which increase the surface area by about 25–35%, due to which there
is a noticeable improvement in osseointegration and bonding between the implant and
the bone [23]. Barfeie et al. [24] reported that rough surfaces are supposed to give better
osseointegration. However, the amount of roughness required for better results is still
unknown.

In their study, Khan and Nisar [25] discussed the abrasive wear of a zinc-aluminum
alloy. They used pin-on-disc equipment with a 1 m/s sliding speed to obtain the necessary
wear characteristics. Loads of 5, 10, 15, and 20 N and 125, 250, 375, and 500 m sliding
distances were chosen for the tests. Each sample was finished with up to #1200 grade SiC
paper and cleaned with acetone. Increased wear with deeper grooves was noted when the
applied loads were increased from 5 to 20 N.

Another study by Jing et al. [26] prepared a bio-functional gradient coating (BFGC) of
hydroxyapatite (HA) on Ti6Al4V alloy samples using laser cladding. The four samples in
the study were subjected to SEM, EDX, and XRD analyses, and the wear properties were
evaluated in simulated body fluid (SBF). It was observed that the wear scars on the BFGC
surface were very light because of the specimens’ high hardness and wear resistance. The
rate of wear of the grinding ball against the four specimens indirectly indicated the wear
resistance of the four specimens. Overall, the abrasive wear mechanism was predominant
in all four specimens.

Lee et al. [17] evaluated the wear mechanisms of untreated alloy Ti-Nb-Ta-Zr (TNTZ)
and Ti-6Al-4V using a ball-on-disc type configuration in Ringer’s solution and compared
the results with those gained from air exposure. It was found that the volume losses (Vloss)
of the TNTZ discs and balls were higher in the Ringer’s solution than that of air exposure
alone. Due to lower resistance to plastic shearing in the TNTZ combination, delamination
wear was predominant, resulting in an excessive wear rate. On the other hand, the Vloss of
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the Ti-6Al-4V disc and ball combination decreased in Ringer’s solution more than in air
exposure. It may be due to the abrasive wear generated in the Ti-6Al-4V combination being
effectively suppressed by Ringer’s solution.

Dittrick et al. [27] evaluated the tribological behavior of laser processed Ta coatings on
pure Ti and found the wear to be one order of magnitude less than pure Ti. The wear rates
of pure Ti and Ta coating on Ti under 5 N load against hardened chrome steel balls were
1.39 × 10−3 mm3/Nm and 1.89 × 10−4 mm3/Nm, respectively. The authors claimed that
the Ta coatings on Ti could be used in place of HA coatings for excellent wear resistance
and bioactivity of human body implants.

Additive manufacturing (AM) helps in boosting the research towards making suc-
cessful implants. At the same time, it fulfils the need for customization. This study tries
to explore the possibilities beyond the currently used metallic biomaterials, which in turn
leads to an increase in the durability of the implant and human comfort. The present study
reports on the manufacturing of the Ti alloy Ti-17Nb-6Ta by laser cladding, which to the
best of authors’ knowledge is the first of its kind. Like titanium, metals like tantalum (Ta)
and niobium (Nb) are also highly corrosion-resistant and inert in body fluids, which are
responsible for enhancing the β phase as discussed earlier. XRD analysis was done to
analyze the phase of the developed alloy, and microstructures were evaluated using SEM
and EDX techniques. Wear characterization was carried out in Ringer’s solution by varying
the loads, and the friction coefficient was also obtained for the test samples. Detailed
descriptions have been given in the upcoming sections.

3. Materials and Methods

3.1. Laser Cladding

AM refers to an integral part of the industrial revolution 4.0. It is a new-age manufac-
turing technology that boosts research in healthcare industries in a revolutionary way. It is
a digital manufacturing process that uses a computer model to fabricate the final product.
Laser cladding, a leading AM process, produces net-shaped parts in a layer-by-layer pattern
by using laser radiation. The three significant benefits of using laser cladding over other
AM techniques are:

(1) It uses significantly less material to fabricate a product;
(2) There is no requirement to use only spherical metallic powder for manufacturing,

which leads to lower final product costs [28];
(3) Gradient fabrication is possible only with this technology [29].

For large-scale acceptability of any technology, it is required that it doesn’t come with
any limitations. Laser cladding can be used to deposit the material on the large parts no
matter what the size is, which is not seen in other AM techniques.

The setup of the laser cladding unit used in the study is illustrated in Figure 1.
For proper melting of the alloy, the minimum energy supply needed is designated as

the laser energy density (Ed). This energy is calculated from the laser power (P), scan speed
(V), and laser spot diameter (d) [30]. The relationship between the variables is represented
below in Equation 1:

Ed =
P

Vd
(1)

For this study, titanium powder was procured from M/s. Parshvamani Metals Pvt.
Ltd., Mumbai, India. Tantalum and niobium powder were procured from M/s. Aritech
Chemazone Pvt. Ltd., Kurukshetra, India. The average particle size of all the metal powders
was 30–70 μm. The laser cladding for this research was performed at M/s. Magod Fusion
Technologies Pvt. Ltd., Pune, India, with a 4 KW diode laser. The metal powders were
mixed in a mini vertical blender in pre-set proportions (77, 17, and 6% of Ti, Nb, and
Ta, respectively), followed by sieving, and then poured into a laser cladding unit. Laser
cladding was performed using a 1200 W laser with a scan speed of 30 mm/s, a laser
spot size of 3 mm, a powder flow rate of 12 g/min, a carrier and shielding gas velocity
of 15 L/min, and a pass layer distance of 1.5 mm. Argon gas was used to maintain the
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oxygen level at a low ppm to avoid contamination of the fabricated product. A pure Ti
plate preheated to 200 ◦C was used as the substrate to ensure homogeneous cladding. The
cladding was performed in a closed chamber with an inert argon atmosphere to eliminate
oxidation. Post manufacturing, the samples were wire-cut into 20 mm × 20 mm × 5 mm
dimensions for further characterization.

 
Figure 1. Setup of the laser cladding unit.

3.2. SEM, EDX, XRD, and Micro-Hardness Analyses

SEM and EDX analyses were performed to analyze the microstructure and alloy
constituents of the manufactured alloy. SEM and EDX were performed on the EVO-
MA15/18SEM and 51N1000-EDS System. Following SEM and EDX, XRD analysis was
conducted to analyze the phase of the manufactured alloy. The XRD analysis was done
using the Rigaku Miniflex 600 Desktop XRD. For metallographic analysis, the samples were
wet and finished with up to #2000 grade SiC paper. Vickers micro-hardness testing was
performed on the Micro-Mach micro-hardness tester MMV-M machine.

3.3. Wear Testing

A sliding wear test on the fabricated alloy was conducted using a reciprocating ball-
on-disk tribometer (BioTribometer, DUCOM, Bengaluru, India) as illustrated in Figure 2.
A zirconia ball of 10 mm in diameter was used. Zirconia has been used in the past in
metallic parts for implant surgeries. Hence, it was chosen as a counter material for wear
testing [31]. Before the testing procedure, the zirconia ball and specimens were subjected
to ultrasonication for 20 min to remove any surface impurities. All the wear tests were
done in a temperature-controlled environment (37 ◦C) using Ringer’s solution as a medium.
Ringer’s solution was made by adding 9 g NaCl, 0.43 g KCl, 0.2 g NaHCO3, and 0.24 g
CaCl2 to 1 L of distilled water followed by autoclaving at 121 ◦C for 15 min. The applied
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loads were set at 10, 15, and 20 N, respectively, based on past studies [18,26,32]. The
maximum Hertzian contact pressures corresponding to applied loads were 682.9, 781.7,
and 860.4 MPa, respectively. The track length was 10 mm, and the frequency was 2 Hz.
Each run was limited to the 1800 s. The specimens were weighed pre- and post-testing in a
microelectronic balance having 10−3 g accuracy [33]. The density was calculated with the
help of Archimedes’ principle.

 
Figure 2. The setup of the Tribometer system.

4. Results and Discussion

4.1. SEM and EDX Analyses

Ti, Nb, and Ta metal powders having irregular shapes are illustrated in Figure 3. SEM
images delineate the pores in the fabricated alloy, which may either be due to the release of
entrapped residual gases during manufacturing or to the partial evaporation of Ti from the
alloy. Unmelted Ta can also be seen in the SEM images.

The EDX spectrum of the alloy in Figure 4 shows the peaks of Ti, Nb, and Ta in the
manufactured alloy along with some Fe and Cu peaks in trace amounts. Fe and Cu do not
affect the biomedical properties of the alloy. As a result, they can be ignored.

From EDX analysis, the proportion of each element obtained in the cladded layer is
shown in Table 1.

Table 1. Proportion of each element in the laser cladded sample.

Proportion (%)

Ti 75.58

Nb 15.97

Ta 5.25

Fe 2.68

Cu 0.53
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(a) 

 
(b) 

Figure 3. Cont.
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(c) 

 
(d) 

Figure 3. SEM images of (a) Ti, (b) Nb, (c) Ta, and (d) laser cladded alloy Ti-17Nb-6Ta.

The XRD spectrum of Ti-17Nb-6Ta is shown in Figure 5. The analysis was done using
the X’pert Highscore and Origin Pro software. The majority of peaks belong to the BCC
structure, which means that the manufactured alloy has a pure β-phase except for some
small peaks which could be unrecognized due to contained impurities. The β-phase alloy
possesses good wear characteristics in comparison to α or α + β alloys.

199



Crystals 2022, 12, 1716

Figure 4. EDX spectrum of the alloy Ti-17Nb-6Ta.

Figure 5. XRD spectrum of the alloy Ti-17Nb-6Ta.

4.2. Hardness Testing

The laser cladded Ti-17Nb-6Ta alloy showed a micro-hardness of 176 HV, which was
higher than the pure Ti substrate, which showed a hardness of 165 HV.
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4.3. Wear Testing

The specimens that were subjected to wear testing are demonstrated in Figure 6a–c
along with the SEM images in Figure 6d,e. The worn specimens demonstrated scattered
grooves in parallel lines, which were most likely caused by abrasion due to the zirconia ball
in the tribometer. The hardness of the zirconia ball was sufficient to dislodge the asperities
from the surface in the form of the wear debris at the time of reciprocating movement.
These asperities drag against the opposite surface and create scratches. So, abrasive wear
was the predominant wear phenomenon, concurrent with the findings reported earlier by
Sukhpreet et al. [8].

   
(a) (b) (c) 

  
(d) (e) 

Figure 6. Wear tracks on (a–c) cladded specimens and (d,e) SEM images.

4.4. Coefficient of Friction (CoF)

The graphs illustrated in Figure 7 a,b depict the relationship of CoF vs. time and wear
vs. time.

From the graphs, it can be seen that the value of CoF increased suddenly and reached
a maximum of ~0.7. This may be due to the initial stages during which the zirconia ball
starts rubbing against the cladded surface, followed by dislodging the surface asperities,
thereby creating more friction at the interface. After 100 s, the CoF noticeably decreased
for 15 and 20 N loads and settled around 0.15. For the 10 N loading, it was observed to
fluctuate around 0.3. After 200 s, the steady-state phase is achieved, and very slight changes
were observed except for the 10 N load, which still showed some resistance to achieving
the steady-state. This can be attributed to lower loads on the ball generating frictional force,
which was not enough to break off the material from the alloy specimens. Conversely, at
higher loads, the friction was high enough to break off the upper layer of the specimen, and
metallic debris was generated. Upon immersion in the Ringer’s solution, the debris acted
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as a solid lubricant, thereby reducing the actual area of contact, ultimately responsible for
the decrease in the CoF and hence the wear [17].

 
(a) (b) 

Figure 7. Graphs of (a) CoF vs. time and (b) wear vs. time.

4.5. Wear Rate

The wear rate was calculated from the following equation as described by the authors
of [31]:

ω =
V

N × L
(2)

where ω is the wear rate (mm3/Nm), N is the load (N), V is the wear volume (mm3),
and L is the sliding distance (m). The value of Vloss was negligible in the evaluated
alloy specimens. As per Archard’s law, the volumetric loss of the material is inversely
proportional to the hardness of the material. Materials with high hardness essentially have
good wear resistance [25,33].

The calculated volume loss, wear rate, and CoF of the specimens are highlighted in
Table 2.

Table 2. Volume loss (Vloss), wear rate, and CoF of Ti-17Nb-6Ta.

Load (N)
Initial

Weight (g)
Final Weight

(g)
Wloss (g)

Density
(g/cm3)

Vloss (mm3)
Wear Rate
(mm3/Nm)

CoF

10 8.791 8.657 0.134 5.179 25.854 0.035 0.312

15 8.793 8.740 0.053 5.179 10.214 0.009 0.155

20 8.785 8.760 0.025 5.179 4.808 0.003 0.189

5. Conclusions

This study describes the wear characteristics of the Ti alloy Ti-17Nb-6Ta. To the best of
the authors’ knowledge, using laser cladding to manufacture this alloy is the first time this
has been performed. The following conclusions from this study are drawn:

(1) Ti-17Nb-6Ta alloy possesses the β phase attributable to the elements Nb and Ta, which
was confirmed by the XRD analysis. The β phase is deemed essential for the alloy to
be compatible with biomedical applications.

(2) Abrasive wear plays a significant role in the wear mechanism. The wear rate of
the specimens with 15 N (0.0045 mm3/Nm) and 20 N load (0.007 mm3/Nm) was
relatively lower in comparison to the specimens with 10 N load (0.035 mm3/Nm).
The average wear rate is close to 0.016 mm3/Nm.

(3) CoF was higher during the initial stages due to the surface unevenness of the alloy
surface, but after 100 s, a decreasing trend was observed. After 200 s of the run, the
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CoF fluctuated in a narrow range. CoF for 10 N load (0.312) was higher in comparison
to 15 N (0.155) and 20 N load (0.189). The average CoF is close to 0.22.

The wear results look advantageous from this characterization. The wear rate was
close to what was reported in the earlier studies [25,27]. However, this was an effort only
to check out the possibility of making the alloy by laser cladding and evaluate the wear
behavior. Further characterizations are necessary to evaluate its full potential to be used as
an artificial joint material in artificial hip and knee joint replacements.
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Abstract: A PVD coating is often applied on the surface of metallic alloys to improve their high-
temperature resistance. In the present work, a thin titanium layer (1.2 μm) was deposited by PVD on
the surface of a stainless steel substrate before high-temperature exposure (800 ◦C in ambient air).
The underlying idea is that metallic Ti converts into Ti oxide (TiO2) during high-temperature aging at
800 ◦C, thereby slowing down the substrate oxidation. The stability of the coating with and without
substrate pre-oxidation was investigated. Morphological, structural, and chemical characterizations
were performed and completed by simulation of the film growth and measurement of the mechanical
state of the film and the substrate. In the case of the sample that was not pre-oxidized, the oxidation
of the steel was slowed down by the TiO2 scale but spallation was observed. On the other hand,
when the steel was pre-oxidized, TiO2 provided more significant protection against high-temperature
oxidation, and spalling or cracking did not occur. A combination of different kinds of stress could
explain the two different behaviors, namely, the mechanical state of the film and the substrate before
oxidation, the growing stress, and the thermal stress occurring during cooling down.

Keywords: physical vapor deposition; pre-oxidation; coating adhesion; titanium; ferritic stainless steel

1. Introduction

The application of a coating on the surface of metallic alloys, particularly stainless steels,
can improve some properties, such as high-temperature (800–1000 ◦C) resistance [1–3]. The
aim is to limit inward oxygen diffusion and outward metallic cation (mainly chromium
and iron) migration. As a consequence, the coating should inhibit the growth rate of the
protective Cr2O3 layer and avoid the formation of non-protective Fe oxides. It has also
been reported in the literature that the presence of a coating can increase the adherence of
the oxide scale [4]. Over the years, several kinds of materials have been developed and
used as coatings for high-temperature applications [5], such as perovskites and spinel-type
oxides, reactive element oxides, and MAlCrYO systems (where M represents a metal,
typically Co, Mn, and/or Ti). Coatings can be deposited on stainless steels by different
techniques, including magnetron sputtering [6], screen printing [3], sol–gel [7], chemical
vapor deposition (CVD) [8], plasma spraying [9], electrodeposition [10], pulsed laser
deposition [11], and large area filtered arc deposition [12]. Pre-oxidation is often performed
on bare alloys before DC magnetron sputtering process [13–17]. The results indicate that
irrespective of the chemical nature of the deposited coating and the aging conditions
(atmosphere, time, and temperature), pre-oxidation is effective in inhibiting diffusion of
Cr and Fe from the substrate into the coating and in decreasing the kinetic growth of
the Cr2O3 scale during high-temperature aging. For example, Hoyt et al. [13] performed
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PVD Co1.5Mn1.5O4 coatings on commercial ferritic stainless steel 441HP samples, with pre-
oxidized beforehand or not, prior to exposure at 800 ◦C in laboratory air. They showed that
in as little as 3 h of pre-oxidation at 800 ◦C in laboratory air, Fe transport from the substrate
toward the coating was inhibited, and the thickness of the coating did not increase during
exposure at 800 ◦C for 100 h or less. Zhao et al. [16] studied the high-temperature behavior
of the ferritic stainless steel SUS 430 coated by NiFe2. The coatings were performed by
magnetron sputtering on bare and pre-oxidized (100 h at 800 ◦C in air) steel samples.
All samples were then exposed to air at 800 ◦C for 15 weeks. The authors observed that
the oxidation resistance of the coated pre-oxidized samples was improved and that pre-
oxidation reduced the diffusion of Cr from the substrate to the outer layer. More generally,
it has been shown in the literature that pre-oxidation of uncoated ferritic stainless steel also
has a beneficial effect on the reduction of the oxidation rate during thermal aging. Talic
et al. [18] demonstrated that pre-oxidation of the ferritic stainless steel Crofer 22APU under
different atmospheres (air or N2-H2) reduced the oxidation rate of the alloy at 800 ◦C in
air for long exposure times (around 1000 h). Even in a dual atmosphere environment (air
on one side of the sample and hydrogen or another fuel on the other side), pre-oxidation
contributed to improve oxidation resistance. Goebel et al. [19] investigated the behavior
of the ferritic stainless steel AISI 441. Pre-oxidation of the alloy was performed in air at
800 ◦C for different times (from 10 to 280 min) before discontinuous exposure to a dual
atmosphere at 600 ◦C for 1000 h. The authors found that in dual atmosphere conditions,
oxidation resistance was enhanced by longer pre-oxidation times. All these results clearly
suggest that alloy pre-oxidation, followed or not by subsequent application of a coating,
affects the high-temperature oxidation resistance. However, in these works, the effects
of substrate pre-oxidation, especially when it is coupled with a specific coating, were not
reported or not completely understood and therefore deserve to be further addressed. This
is the aim of the present study.

In the present study, a thin titanium layer (1.2 μm) was deposited on the surface of
ferritic stainless steel substrates by the physical vapor deposition (PVD) technique before
high-temperature exposure (800 ◦C in ambient air). Some of the advantages of the PVD
technique are fine control of the film thickness and uniform covering of the surfaces, even
in the case of complex shapes [20]. Large surfaces can be coated, making this technique
appropriate for industrial-scale use. In the present work, the idea is that metallic Ti
converts into Ti oxide during high-temperature aging at 800 ◦C, thereby limiting further
substrate oxidation. It has been reported in the literature that the oxidation of Ti under pure
oxygen follows a parabolic law between approximately 600 and 800 ◦C [21]. Under air, the
oxidation behavior of Ti seems to be improved, likely due to the presence of impurities (like
nitrogen) in the oxidant atmosphere, and the parabolic regime starts at lower temperatures
compared to a pure oxygen atmosphere [22,23]. Ti has a strong chemical affinity with
oxygen. According to the Ellingham–Richardson diagram [24], the oxygen partial pressure
needed for TiO2 formation at 298 K is 10−156 bar, which is lower compared to the oxygen
partial pressure of 10−123 bar required for Cr2O3 formation. Moreover, the mobility of
titanium in iron is extremely low [25,26], thus reducing the risk of contamination of the
Fe-based substrate. Finally, in the present study, the interest in choosing Ti as a coating is
that it is a minor alloying element, thus making it possible to distinguish the contribution of
the Ti deposited by PVD from the Ti contained in the alloy to oxide scale formation during
high-temperature exposure. The effect of short pre-oxidation in the same conditions as the
final oxidation (1 h under ambient air at 800 ◦C) performed before the application of the
coating was studied. This ensured that only the thickness of the oxide scale was smaller,
with the nature of the oxide remaining the same. The stability of the coating with and
without substrate pre-oxidation was also investigated based on the simulation of the film
growth and on the mechanical state of the substrate and the film. In addition, the different
oxidation behaviors are presented and discussed as well as the possible oxide scale growth
mechanisms. When the coating was deposited on the substrate that was not pre-oxidized,
the TiO2 formed from the Ti film slowed down the oxidation of the steel but suffered severe
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spallation. On the contrary, when pre-oxidation of the substrate was performed before
the application of the coating, the TiO2 scale formed from the Ti coating provided more
effective protection against oxidation compared to the steel that was not pre-oxidized, and
spalling or cracking was not observed. In the present work, it was found that substrate
pre-oxidation promoted the stability of the coating during subsequent high-temperature
oxidation. To explain this effect, particular attention was given to the mechanical state of
the film and the substrate before long-term oxidation. The different behaviors observed
between the substrates that were pre-oxidized or not can be explained as the result of the
association of residual stress, growing stress developed during isothermal treatment, and
thermal stress that occurred during cooling down.

2. Materials and Methods

The alloy chosen and tested in this study was a commercial ferritic stainless steel (type
AISI 441) with the following composition (wt.%): Fe: 18, Cr: 0.58, Si: 0.25, Mn: 0.64 Ti + Nb.
Samples with a size of 10 mm × 10 mm and thickness of 1.5 mm were polished using
SiC papers (down to 1200 grit) and diamond paste (down to 3 μm) and then rinsed in an
ultrasonic bath with ethanol.

Ti coatings were performed in an industrial DC magnetron PVD system KS40V
(Kenosistec, Binasco, Italy). The substrate holder oscillated in front of the titanium target
(99.95 at.% purity, 406 × 127 × 6 mm in dimension) with a solid angle of 30◦ and a minimal
target-to-substrate distance of 95 mm. The nominal speed was 0.7 rpm, and 80 sccm of pure
argon was injected to obtain a working pressure of 0.43 Pa. An electrical power of 1500 W
was applied to the target (U = 340 V, I = 4.41 A) during the deposition. The deposition
length was 22 min, corresponding to 160 scans (a scan is a half oscillation). A coating
thickness of about 1.2 μm (±0.1) was obtained.

Pre-oxidation and oxidation tests were carried out at 800 ◦C for 1 and 100 h, respec-
tively, under ambient air in a horizontal furnace (Carbolite, Carbolite Gero, Neuhausen,
Germany). The experimental approach of the study is represented in Figure 1.

Figure 1. Schematic approach of the experimental study.

In the first experiment, the polished steel sample was directly oxidized. In the second
experiment, a Ti coating was applied before oxidation. In the third experiment, pre-
oxidation was performed before the application of the coating, and the coated pre-oxidized
sample was then oxidized.

The sample’s surfaces and cross sections were characterized by a scanning electron
microscope equipped with a field emission gun (SEM-FEG JSM-7600F, JEOL, Tokyo, Japan)
and coupled with an energy-dispersive X-ray spectrometer (EDX). Chemical phase identifi-
cation was performed by X-ray diffraction (XRD) using a Bruker D8-A25 diffractometer
(Bruker-AXS, Karlsruhe, Germany)) with Cu Kα (λ = 0.154056 nm).
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The mechanical state of the coated substrates with and without 1 h of pre-oxidation
at 800 ◦C under ambient air was evaluated by the sin2ψ method [27]. A D8 Discover
Bruker diffractometer with Co Kα radiation (λCo = 1.79026 Å) was used. The measurements
were performed at the Bragg angle 2θ = 99.7◦, corresponding to the (2,1,1) peak of the
ferritic substrate, in the direction φ = 90◦ at 14 ψ–positions, from ψ = −71.57◦ to ψ = 71.57◦.
Assuming a biaxial stress state, residual stress corresponds to the slope of the regression
line obtained by plotting the deformation εφψ versus sin2ψ, which is equal to ((1 + ν)/E)
σφ. The Young’s modulus (E) and the Poisson ratio (ν) used for the calculations were
220,264 MPa and 0.28, respectively.

The film’s residual stress was obtained using the curvature method and the Stoney
formula [28] on a silicon (100) substrate. The substrate thickness, Young’s modulus (E), and
Poisson ratio (ν) used for the calculations were 380 μm, 130,000 MPa, and 0.28, respectively.

The characteristic of the Ti flux was calculated with SiMTRA [29] using the experimen-
tal working pressure and system geometry. The initial angular and energy distribution was
obtained by SRIM [30] using the experimental ion energy. First, 105 and 5 × 108 particles
were simulated in SRIM and SiMTRA, respectively. The film growth was then simulated
with NASCAM (v4.8.1, UNamur, Namur, Belgium) [31]. The profile of the substrate was
extracted from SEM images and converted into a NASCAM substrate using the plug-in
“Make substrate” with dimensions of 5 × 1241 particles. In these simulations, a particle
represents a volume with a side length of 10 nm. A total of 8 × 105 particles were deposited.
Quantitative pore analyses were performed using the plug-in “Porosity” with a probe size
of 2.

3. Results and Discussion

3.1. Oxidation of Polished Sample

Figure 2 shows the SEM micrographs of the surface of the polished sample after 100 h
at 800 ◦C in ambient air. The mirror-polished surface before high-temperature oxidation
is displayed in the inset of Figure 2a for comparison. The oxide scale was homogeneous
with two kinds of crystals: big pyramidal grains and platelets covering a continuous lower
layer formed by small grains. EDX analysis revealed that platelets and small grains were
enriched in Cr, while pyramidal grains contained high amounts of Cr and Mn.

 

Figure 2. Secondary electron images of the surface of the polished sample after 100 h aging at
800 ◦C under ambient air: (a) global view and (b) magnification. Inset in (a): global view of the
mirror-polished surface before high-temperature oxidation.

XRD analyses performed in Bragg–Brentano conditions (see Supplementary Material S1)
confirmed the formation of chromia Cr2O3, corresponding to platelets and small grains
covering the substrate, and a Cr2MnO4 spinel phase, corresponding to the pyramidal
crystals. The substrate was also detected. This result is in agreement with the literature,
where it has been reported that chromia and Cr-Mn spinel oxides are the typical phases
that form at the surface of ferritic steels after aging at 800 ◦C under air [32–34]. As revealed
by the backscattered image of the cross section of the oxidized sample, the thickness of the
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oxide layer ranged from about 4 to almost 8 μm considering the top of the platelets and
the pyramidal grains (Figure 3). Laves phases enriched in Nb and Si decorated the grain
boundaries [32].

 
Figure 3. Backscattered electron image of the cross section of the polished sample after 100 h aging at
800 ◦C under laboratory air.

3.2. Oxidation of Ti-Coated Sample

The morphology of the as-deposited Ti PVD coating (surface and cross section) is
presented in Figure 4.

Figure 4. Morphologies of the as-deposited Ti PVD coating: (a) surface and (b.1) cross section,
(b.2) simulated film growth using NASCAM, and (b.3) porosity of the simulated film.

The coating had a columnar-type structure (Figure 4a). The SEM cross section observa-
tion (Figure 4b.1) indicated that the coating was dense, well adherent to the substrate, and
had a homogeneous thickness of about 1.2 μm. XRD analyses performed in Bragg–Brentano
conditions (see Supplementary Material S2) confirm that the film was only composed of
the hexagonal alpha Ti phase with a (002) texture. According to calculation using the Laue–
Sherrer’s method, the coherent domain size was 16.5 ± 0.5 nm. EDX analyses revealed
that the film was composed of Ti with an expected oxygen contamination of about 5 to
7 at.%. Figure 4b.2 shows the simulated film cross section (where gray is the film and
brown is the substrate), which confirmed the SEM observations. The coating was dense and
smooth and had a homogeneous thickness. Figure 4b.3 presents the coating porosity, where
white represents the dense matter (film and substrate), yellow represents the air-connected
pores (here, only the roughness), and blue represents the occluded pores. These pores
were randomly distributed in the film and represented about 0.1% of the volume. The
roughness of the bare substrate was about 13 nm, while the roughness after coating was
slightly increased to 19 nm.

After 100 h of aging at 800 ◦C under ambient air, a significant surface spalling could
be observed (Figure 5a).
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Figure 5. Secondary electron images of the surface of the Ti-coated sample after 100 h aging at 800 ◦C
under laboratory air: (a) global view, (b) magnification of a spalled zone, and (c) magnification of
spalled TiO2 scale upside down.

EDX analyses (Figure 5b and Table 1) revealed that the spalled layer was the initial Ti
coating transformed into TiO2 during aging (points 1 and 2). Points 3 and 4 corresponded
to areas located beneath the TiO2 layer. These zones contained oxides formed by substrate
elements and a particularly high amount of Si. Figure 5c shows a spalled TiO2 scale upside
down. Some zones of wrenching could be observed. Inside this area, big grains with a
morphology similar to Cr2O3 platelets formed at the surface of the uncoated sample after
100 h of oxidation at 800 ◦C (Figure 2b) could be distinguished and was confirmed by
EDX characterizations (point 5). Finally, small grains surrounding the big Cr2O3 platelets
presented a stoichiometry close to (Cr, Ti)2O3 (point 6). The lack of chromia platelets and
spinel crystals at the surface of the steel was an indication that the spalling occurred at the
end of the oxidation step or during the cooling.

Table 1. EDX results (at.%) of areas indicated in Figure 5b,c.

Element O Si Ti Cr Mn Fe Nb

Point 1 64.7 0.1 32.1 2.6 0.3 0.2 -

Point 2 60.7 - 33.5 4.9 0.4 0.5 -

Point 3 31.1 14.5 0.6 9.6 - 43.6 0.6

Point 4 27.1 6.5 0.5 17.4 0.5 48.0 -

Point 5 61.3 - 1.6 35.1 - 2.0 -

Point 6 58.9 0.5 7.3 25.3 - 1.8 6.2

The backscattered electron micrograph of the cross section taken in an area where the
coating did not spall is displayed in Figure 6, together with the EDX elementary maps.
The results confirmed the surface observations that a Cr2O3 layer had formed beneath
TiO2. The thicknesses of both scales were almost the same of between 2 and 4 μm. As a
comparison, in the case of the uncoated steel, Cr2O3 thickness ranged between 4 and 8 μm.
On the other hand, the initial Ti coating was 1.2 μm thick, almost 2–3 times lower than

210



Crystals 2022, 12, 1732

the thickness measured for TiO2. This can be partially, but not only, explained by the
presence of O atoms in the lattice, which were responsible for a volume expansion that led
to an increased thickness when passing from metallic Ti to the oxide phase. A very small
amount of Cr and Fe seemed to have diffused toward the external coating, likely forming
a mixed Ti-Cr-Fe oxide between the Cr2O3 and TiO2 layers. Mn signal was slightly more
pronounced inside the chromia layer, but elementary maps did not show evidence of the
formation of Cr-Mn spinel oxides as in the case of the uncoated sample. Moreover, O and
Si enrichment, likely SiO2, could be observed at the substrate/oxide scale interface as well
as inside the substrate. The formation of this phase is thermodynamically possible as SiO2
is stable at low oxygen partial pressure (10−33 bar at 800 ◦C [24]). However, as reported by
other authors [5], due to the non-miscibility between Cr2O3 and SiO2, spalling between
these two phases can occur, especially during long-term oxidation.

Figure 6. Backscattered electron image and EDX elementary maps of the cross section of the Ti-coated
sample after 100 h aging at 800 ◦C under ambient air.

These observations suggest that three zones could be distinguished inside the oxide
scale (Figure 7): an inner Cr2O3 layer, an outer TiO2 oxide, and a transition zone between
them, probably a mixed Cr-Fe-Ti oxide (Figure 7). It could be noticed that the TiO2 scale
appeared quite dense, and some porosities were present at the interface between TiO2 and
the mixed Cr-Fe-Ti oxide.

If it is assumed that TiO2 represents the starting interface, it is possible to claim that
Cr2O3 is formed by inward oxygen diffusion and the mixed Cr-Fe-Ti by mixed inward
oxygen and outward Cr-Fe diffusion through the Cr2O3 oxide layer.

3.3. Oxidation of Ti-Coated Sample after Pre-Oxidation
3.3.1. Ti Deposition after Pre-Oxidation

The polished steel substrate was pre-oxidized for 1 h at 800 ◦C in ambient air. Figure 8a
shows that the surface was formed by a layer of small grains enriched in chromium and
that big pyramidal crystals containing Cr and Mn, previously identified as Cr-Mn spinel
oxides on the surface of the polished oxidized steel, were dispersed on the surface. The
cross-sectional observation (Figure 8b) revealed that the oxide layer was very thin (a few
hundred nm) and continuous. XRD performed at an incidence angle of 2◦ (Supplementary
Material S3) confirmed that the oxide scale consisted of a chromium oxide Cr2O3. The Cr-
Mn spinel phase was not detected. The crystals had quite a big size but were too dispersed.
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Figure 7. Magnification of the oxide layer formed in the case of the Ti-coated sample after 100 h aging
at 800 ◦C under laboratory air.

 
Figure 8. Backscattered electron image of the steel substrate after 1 h of pre-oxidation at 800 ◦C in
ambient air: (a) surface and (b) cross section.

Ti film was then deposited on the pre-oxidized steel substrate. The morphology of the
coating (surface and cross section) is displayed in Figure 9.

Figure 9. Morphology of the Ti PVD coating deposited on the pre-oxidized steel: (a) surface and
(b.1) cross section, (b.2) simulated film growth using NASCAM, and (b.3) porosity of the simu-
lated film.

The columnar-type structure was still present as observed without pre-oxidation.
However, the surface was covered by a significant number of Ti nodules (Figure 9a). As
reported in the literature [16], the morphology of the coating is directly influenced by the
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surface conditions of the substrate, notably roughness or irregularities, suggesting that
the growth of Ti nodules was promoted by the presence of the Cr-Mn spinel oxide grains
formed after 1 h of pre-oxidation at 800 ◦C. XRD and EDX analyses (texture, coherent
domain size, and composition) presented exactly the same results as those for the film on
the sample that was not pre-oxidized. The SEM cross-sectional micrography (Figure 9b.1)
revealed that the coating was not fully dense over the total length due to the presence of the
Ti nodules. Figure 9b.2 shows the simulated film cross section (gray is the film and brown
is the substrate: steel and oxide together), which confirmed the SEM observations. The film
nodules were due to the presence of the big oxide crystals. The discontinuities in the local
topography induced shadowing and consequently voids in the film. Figure 9b.3 presents
the coating porosity, where white represents the dense matter (film and substrate), yellow
represents the air-connected pores (here, only the roughness), and blue to red represents
the occluded pores (blue is for small pores and red is for big ones). These pores were
vertically aligned and homogeneously distributed in the film. The porosity in this film
represented about 3% of the volume, which was 30 times higher than that without substrate
pre-oxidation. The roughness of the pre-oxidized substrate was about 118 nm, while the
roughness after coating was slightly increased to 166 nm, which was the same proportion
as for the substrate that was not pre-oxidized.

EDX elementary maps (Figure 10) confirmed that the average thickness of the Ti
coating was 1.2 μm and showed evidence of the presence of a thin chromia layer and
Cr-Mn spinel crystals between the substrate and the coating, which were formed during
the pre-oxidation step.

 

Figure 10. Backscattered electron image and EDX elementary maps of the cross section of the Ti
coating deposited on the pre-oxidized steel.
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3.3.2. Oxidation of Coated Pre-Oxidized Sample

The surface morphology of the pre-oxidized coated steel after 100 h of oxidation at
800 ◦C in ambient air is presented in Figure 11.

 

Figure 11. Secondary electron image of the surface of the polished sample after 100 h aging at 800 ◦C
under laboratory air: (a) global view and (b) magnification.

It is worth noting that spalling or cracking did not occur. The oxide scale was quite
homogeneous, with big and rather spherical grains covering a lower layer formed by
smaller grains. These big grains had the same distribution as the Cr-Mn spinel crystals
formed after pre-oxidation (Figure 8a) and the Ti nodules formed after PVD deposition
(Figure 9a). EDX analyses indicated that the scale was mainly composed of titanium oxide;
a small amount of Cr was also detected. XRD performed at an incidence angle of 2◦
confirmed the formation of TiO2 as the majority phase, Ti5O9 (Magnéli phase), and the
presence of a Cr-Mn spinel oxide (see Supplementary Material S4). Magnéli phases were
substoichiometric Ti oxides of general formula TinO2n − 1 (n = 4–9) [35], which form for
oxygen contents ranging between 60 and 66.67 at.% (corresponding to TiO2 formation) [36].

These results were confirmed by EDX elementary maps (Figure 12), showing the
formation of titanium oxide and a duplex Cr2O3/(Cr,Mn)3O4 scale below.

 

Figure 12. Backscattered electron image and EDX elementary maps of the cross section of the
Ti-coated pre-oxidized sample after 100 h aging at 800 ◦C under laboratory air.
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The presence of SiO2 at the metal/oxide interface could also be observed. The
thickness of the titanium oxide ranged between 1.2 and 3.3 μm considering the nod-
ules. This value was lower than the one measured for the sample without pre-oxidation
(between 2 and 4 μm). The thickness of the duplex Cr2O3/(Cr,Mn)3O4 layer varied from
about 500 nm to 1.2 μm, i.e., more than 4 times lower than in the case of the steel that was
not pre-oxidized. Several porosities were present inside the titanium oxide layer and at
the TiO2/(Cr,Mn)3O4 interface. Their size and number were more important than in the
case of the coated sample without pre-oxidation, in agreement with other works [16,37].
EDX maps revealed that a small amount of Cr diffused toward the external coating, but the
diffusion of Fe was not observed. This was due to the Cr2O3 layer that was formed during
pre-oxidation, which acted as a barrier and prevented the outward diffusion of Fe from
the substrate. This phenomenon, in turn, promoted the formation of many pores inside
the scale [16,37]. Concerning the reduction of the oxidation rate, some hypotheses can be
suggested. During aging after pre-oxidation, the coating remained adherent to the Cr2O3
pre-formed scale, forming a barrier that limited potential oxygen diffusion. In parallel,
to react with oxygen, Cr cations had to diffuse through the thermally grown Cr2O3 scale
formed during pre-oxidation. Moreover, the formation of quite a continuous Cr-Mn spinel
oxide layer above Cr2O3 (not evidenced after aging of the not coated steel that was not
pre-oxidized) also acted as a barrier, thus reducing outward diffusion of Cr [38]. It should
be noted that the formation of the (Cr,Mn)3O4 phase on top of the Cr2O3 layer was due
to the higher diffusivity of Mn2+ in the Cr2O3 scale compared to Cr3+ (about 100 times
higher) [39].

3.4. Discussion about Adhesion

The question that arises at this stage of the study relates to why the spalling of the
oxide layer occurred in the case of the coated substrate that was not pre-oxidized.

The first consideration concerns the mechanical state of the substrate and the film
before 100 h of oxidation. The film residual stress, obtained with the curvature method, was
tensile and about 192 ± 40 MPa. As it was measured on a mirror-polished silicon substrate,
it is assumed that this value also corresponds to the stress of the coating on the simply
polished steel. As the coating on the pre-oxidized steel had about 3% of porosity, one can
assume that the stress will be released. The substrate residual stress was determined for
both samples (with and without pre-oxidation and after deposition) by X-ray diffraction
using the sin2ψ method. In both cases, the stresses were compressive, but the values
obtained for the coated sample that was not pre-oxidized (−542.5 ± 55.7 MPa) were about
five times higher than those measured for the pre-oxidized one (−108.6 ± 50.6 MPa). These
findings indicate the existence of an important difference in the mechanical state between
the two substrates and the two films before undergoing high-temperature oxidation. If
stress is generated during oxidation, the sample without pre-oxidation will have less ability
to resist than the pre-oxidized one.

The second consideration is about the growth of the Cr2O3 scale underneath the TiO2
layer. This growth, which occurs during isothermal aging at high-temperature, generates
growing stress. Indeed, the size of the Cr2O3 grains was much bigger than the TiO2 ones
as revealed by SEM characterizations (Figure 5c). Once the coating cracks, the substrate
is in direct contact with the oxidizing atmosphere, leading to an increase in the oxidation
rate. This failure process is well known in the literature as mechanically induced chemical
failure (MICF) [40].

The third consideration concerns the thermal stress, which occurs during cooling down
and due to the differences between the thermal expansion coefficients (TEC) of the substrate
and the different oxide scales. The TEC of the ferritic substrate tested in the present study
was equal to 11–12 × 10−6 ◦C−1 between 100 and 800 ◦C, while the TEC of TiO2 was
about 7–8 × 10−6 ◦C−1 between 25 and 1000 ◦C [41]. Cr2O3 has a TEC of 9.6 × 10−6 ◦C−1

between 25 and 1000 ◦C [41], which is an intermediate value between TiO2 and the ferritic
substrate. It is possible to suggest that the presence of a continuous, albeit thin, Cr2O3
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layer covering the substrate (Figure 8b) before the application of coating, i.e., from the first
exposure instant of the Ti coating to the oxidant atmosphere, had a beneficial effect on
the adhesion of the TiO2 scale forming during high-temperature exposure. Furthermore,
the use of an appropriate interlayer between the PVD coating and the substrate has often
been successfully reported in the literature to reduce the mismatch between the coating
and the substrate and to limit the development of thermal stress during high-temperature
exposure [42–44]. It is also noteworthy that in the case of the substrate that was not pre-
oxidized, a thick and continuous SiO2 layer was detected. The main disadvantage of this
oxide was its low TEC (0.5 × 10−6 ◦C−1) [41], which promoted spalling of the oxide scale.

In the present study, all these considerations play a role in the different behaviors
observed for the two samples. To understand the mechanisms of scale spallation, in-situ
SEM observations during oxidation are necessary.

4. Conclusions

In this study, a thin titanium layer (1.2 μm) was deposited on the surface of a ferritic
stainless steel substrate by PVD technique before high-temperature exposure (100 h at
800 ◦C in ambient air). The effects of short pre-oxidation of the substrate (1 h at 800 ◦C) on
the adhesion of the coating were investigated.

The major findings can be summarized as follows:

• Metallic Ti converted into Ti oxide (TiO2) during high-temperature aging at 800 ◦C.
TiO2 scale formed on the steel that was not pre-oxidized slowed down the oxidation
of the substrate. Indeed, the thickness of the chromia layer ranged from about 4 to
almost 8 μm in the case of the uncoated sample and between 2 and 4 μm for the sample
that was not pre-oxidized. However, significant spallation of the TiO2 scale occurred
during cooling down.

• The TiO2 scale grown on the pre-oxidized steel effectively protected the substrate
against oxidation. The thickness of the duplex Cr2O3/(Cr,Mn)3O4 layer varied from
about 500 nm to 1.2 μm and was more than four times lower than in the case of the
steel that was not pre-oxidized.

• These different behaviors were the result of the combination of different kinds of stress,
namely, residual, growing, and thermal stress.

• The film residual stress on the polished substrate before 100 h of oxidation was tensile.
On the other hand, the coating on the pre-oxidized steel had about 3% of porosity.
This value was 30 times higher than the one measured in the case of the substrate that
was not pre-oxidized. The substrate residual stress determined for both steel samples
(with and without pre-oxidation) before undergoing high-temperature oxidation was
compressive, but it was five times higher in the case of the steel that was not pre-
oxidized (−542.5 ± 55.7 and −108.6 ± 50.6 MPa, respectively). If stress is generated
during oxidation, the sample without pre-oxidation will have less ability to resist than
the pre-oxidized one.

• In the case of the substrate that was not pre-oxidized, the growing stress was due to
the growth of the Cr2O3 scale underneath the TiO2 layer during isothermal oxidation,
which led to the cracking of TiO2.

• The thermal stress occurred during cooling down and was due to differences between
the thermal expansion coefficients (TEC) of the substrate and the different oxide scales.
Cr2O3 has a TEC intermediate between TiO2 and the ferritic steel substrate. In the
case of the pre-oxidized steel, the presence of a continuous, albeit thin, Cr2O3 layer
covering the substrate before the application of the coating, i.e., from the first exposure
instant of the Ti coating to the oxidant atmosphere, had a beneficial effect on the
adhesion of the TiO2 scale forming during high-temperature exposure.

To better understand the mechanism of the TiO2 scale spallation and to provide further
responses, in-situ SEM-EDX characterizations are necessary to observe what occurs during
isothermal oxidation.
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Supplementary Materials: The following supporting information can be downloaded at:
https://www.mdpi.com/article/10.3390/cryst12121732/s1. Figure S1: XRD patterns (Bragg-Brentano
conditions) of the ferritic steel oxidized for 100 h at 800 ◦C in ambient air. Figure S2: XRD patterns
(Bragg-Brentano conditions) of the Ti coating on Si substrate; Figure S3: XRD patterns (incidence
angle of 2◦) of the ferritic steel oxidized for 1 h at 800 ◦C in ambient air. Figure S4: XRD patterns
(incidence angle of 2◦) of the ferritic steel pre-oxidized for 1 h at 800 ◦C in ambient air, coated with Ti
and then oxidized for 100 h at 800 ◦C in ambient air.
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Abstract: This work aims to describe the interfacial interaction at the interface between refractory
material and high-manganese (XT 720) and structural (11 523) steel using a wetting test up to 1600 ◦C.
The contact angles were determined through the sessile drop method, and the results were put into
context through degradation testing and the characterization of the interfacial interface by Energy
Dispersive X-Ray (EDX), X-Ray Diffraction (XRD) analyses, and Scanning Electron Microscopy (SEM).
The lowest resistance to molten steel was observed for chamotte materials, while the highest was
observed for materials based on electrofused corundum. High-manganese steel was strongly erosive
to the materials tested, with the wetting angle decreasing significantly from 10 to 103◦ with decreasing
Al2O3 content (an increase of 2.4 to 59.4% corundum) in the refractories. Structural steel showed
wetting angles from 103 to 127◦ for identical refractories. These results were consistent with the
average erosion depth for Mn steel (0.2–7.8 mm) and structural steel (0–2.4 mm).

Keywords: high-manganese steel; structural steel; phase interface; reactive wetting; contact angle;
refractory material

1. Introduction

High-alloy steels, such as manganese steel with the designation XT 720, are in high
demand in technical practice, primarily because of their ability to harden when exposed
to sufficiently strong impact loads and pressures. This gives the steel a high resistance
to abrasive wear, making it suitable for the construction of excavators and other mining
equipment. It is also widely applied in the national defense, automobile, and petrochemical
industries due to its excellent strength, plasticity, and low-temperature flexibility [1,2].
However, some alloying elements contained in these steels have an adverse effect on
refractory ceramics, whose participation in steel casting is essential. Refractories are
necessary components not only in casting steels in the form of ingots but also in melting
non-ferrous alloys. They serve as linings for thermal aggregates and furnaces and casting
routes for transferring molten steel to the mold. They are also used to produce melting pots
for the recovery of non-ferrous intermetallic alloys [3–5]. The steel and foundry industry is
continuously focusing on developing and improving products, mainly in terms of their
physical and mechanical properties. In this context, it is crucial to study the effect of
refractory material on the steels with which it is in contact to maintain steel chemical
composition within the required range, to achieve the desired cleanliness concerning
the amount and character of non-metallic inclusions, and to prevent defects on the steel
surface [6–8].

Chamotte and high-alumina materials are commonly used in the refractory industry
to design casting routes. The latter are high-quality ceramic materials possessing high
strength, heat resistance, low porosity, and high resistance to the erosive action of the
melt. These properties are of great importance, as poor quality casting routes can cause the
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release of unwanted elements into the melt due to ongoing reactions between the ceramic
and the melt, which affects the purity of the steel and its microstructure, closely related to
its final performance [9–11]. In secondary steel production, one of the main challenges is to
ensure high steel cleanliness, which is influenced, among other things, by the resistance of
the refractory material during the production process. In particular, non-metallic inclusions
are a source of considerable concern as they can act as stress enhancers in cast steels. For
this reason, one of the indicators of steel quality is the amount of non-metallic inclusions
present [12–16].

One method of assessing the degree of interaction between molten steel and an
arbitrary substrate is through a high-temperature wetting test [17]. Wettability is the ability
of a liquid to spread on a substrate. It is measured as the contact angle between a tangent
drawn at the triple point and the substrate surface [18]. The spreading of a liquid on a
substrate without reaction/absorption of the liquid by the substrate material is termed
non-reactive wetting, while a wetting process affected by a reaction between the spreading
liquid and the substrate material is termed reactive wetting. In most publications, the
equilibrium contact angle is given respecting Young’s equation, which puts the interfacial
tensions into relation. However, it should be noted that the latter was derived assuming
the spreading of a non-reactive liquid on a physically and chemically inert, smooth, and
homogeneous substrate [19,20]. The wetting of a solid by a liquid is a complex phenomenon
depending on many factors. In the case of non-reactive wetting, it is controlled by the
physical properties of the spreading liquid and wetting system, chemical heterogeneity
causing wetting hysteresis, surface roughness, and gaseous environment [21]. Conversely,
the reactive wetting process is influenced by several other factors such as the use of flux
added to reduce the barrier effects of the oxide layers, the addition of trace impurities,
etc. [19,22,23].

The interaction between refractories and manganese steel has been studied by several
researchers [24–28]. Wang et al. investigated the interfacial reactions between high-Mn and
Al steel, MgO-C refractory material, and CaO-SiO2-Al2O3-MgO refining slag concerning
the effect of complex reactions on steel purity [24]. Alibeigi et al. investigated the reactive
wetting of several steels containing manganese up to approximately 5 wt% during anneal-
ing, finding that the strength of the wetting in a given arrangement is a function of the
partial pressure of oxygen and is directly related to the thickness of the outer MnO film
formed and not to the Mn content of the alloy [25]. Articles on similar topics can be found
elsewhere [26,27]. Kong et al. observed the formation of interfacial layers of (Mn, Mg)O
and (Mn, Mg)O·Al2O3 as a result of the interaction between medium-manganese steel and
the refractory material MgO [28].

The objective of this paper was to describe the interaction at the interface of high-
manganese steel and structural steel with a refractory ceramic material through a wetting
test and to find a relationship between wetting and the erosive action of the melt. The
phase interface after high-temperature tests was also characterized by SEM, EDX, and XRD
analyses. Knowledge of interfacial behavior improves an understanding of the processes
and reactions occurring at the interphase at elevated temperatures. Based on such tests, it is
possible to optimize refractory ceramics in terms of their composition or physicochemical
properties, which is vital for enhancing the casting process’s quality and minimizing the
ceramic material’s negative influence on the final product.

2. Materials and Methods

2.1. Specification and Preparation of Samples

Six types of refractory ceramic materials produced by SEEIF Ceramic a.s. were se-
lected for the wetting tests, differing in their physicomechanical properties, chemical and
mineralogical composition, firing temperature, application, and cost of the final product.
A detailed characterization of the physical properties of the studied ceramic materials
determined according to the standard EN 993-1:2018 (Methods of test for dense shaped
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refractory products—Part 1: Determination of bulk density, apparent porosity and true
porosity) is given in Table 1.

Table 1. Physical properties of ceramic materials.

Sample Firing Temperature [◦C] Volumetric Weight [g·cm−3] Water Absorption [%] Apparent Porosity [%]

F 36 1250 2.03 12.48 25.4
ZR 50 1280 2.97 6.29 18.7
B 70 1250 2.36 8.95 21.1

ML 65 1250 2.37 8.83 20.9
M 70 1380 2.45 8.83 21.6

MK 82 1380 2.61 8.75 22.9

A Bruker-AXS D8 powder X-ray diffractometer was used to determine the mineralogi-
cal composition of the refractory specimens (Table 2).

Table 2. Mineralogical composition of ceramic materials [wt%].

Sample Corundum Mullite Cristobalite Quartz Zircon Baddeleyite Amorphous phase

F 36 2.4 45.6 0.9 6.9 — — 44.2
ZR 50 14.4 26.4 — — 54.1 5.1 —
B 70 23.7 35.1 3.2 4.0 — — 34.0

ML 65 17.9 46.7 0.2 0.5 — — 34.7
M 70 26.2 45.3 0.3 1.0 — — 27.2

MK 82 59.4 24.4 — 0.1 — — 16.1

The ceramic materials were prepared from pure components by accurately batching
them into a wheel mixer according to process guidelines (SEEIF Ceramic, a.s.). The mixture
was moistened with water (the water content was between 10 and 15 wt%) and thoroughly
mixed to ensure homogeneity. The molding was carried out using a press operating at a
specific pressure of up to 10 MPa. From the materials thus prepared, plates with dimensions
of 25 × 25 × 5 mm were made. The chemical composition of the prepared refractories is
listed in Table 3.

Table 3. Chemical composition of ceramic materials [wt%].

Sample Al2O3 SiO2 TiO2 Fe2O3 CaO MgO K2O Na2O ZrO2

F 36 40.3 54.5 1.6 1.8 0.3 0.3 1.0 0.2 —
ZR 50 23.1 35.4 0.7 0.8 0.2 0.2 0.6 0.3 38.7
B 70 70.5 23.7 2.5 1.9 0.3 0.2 0.8 0.1 —

ML 65 64.1 30.8 1.7 1.7 0.4 0.2 0.9 0.2 —
M 70 72.6 25.2 0.5 0.6 0.1 0.1 0.7 0.2 —

MK 82 83.1 14.8 0.4 0.6 0.1 0.1 0.6 0.3 —

Contact angles (wetting angles) were determined at the steel/ceramic interface.
Two steels were selected for the wetting tests, XT 720 high manganese abrasion resistant
steel and 11 523 low alloy structural steel, whose chemical composition was obtained
using a SPECTRUMA GDA-750 HP glow discharge optical emission spectrometer, while
the content of oxygen, sulfur, and carbon was measured with an ELTRA 2000 ONH and
2000 CS combustion analyzer. The results of the analyses are presented in Table 4.

Cubes with an edge length of 4.5 mm were manufactured from these steels by electro-
spark machining. Before the experiment, the surface of the metal samples was first cleaned
mechanically and then cleaned with acetone to remove oxides. Likewise, the surface of the
ceramic materials was cleaned with acetone immediately prior to the wetting test.
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Table 4. Chemical composition of XT 720 and 11 523 steels [wt%].

Steel C Mn Si P S Cu Ni Cr Mo V Ti Al N

XT
720 1.29 19.33 0.73 0.04 0.004 0.11 0.10 1.99 0.06 0.02 0.01 0.04 0.03

11 523 0.22 0.67 0.40 0.01 0.003 0.09 0.11 0.14 0.03 — — — 0.01

The remainder up to 100 wt% was iron.

2.2. Determination of Wetting Angles

The wetting angles were determined according to the sessile drop method in a CLASIC
high-temperature observation furnace within the temperature range from the melting
point of the steel sample to 1600 ◦C (Figure 1). The prepared samples (steel/ceramic
substrate) were placed in the furnace tube, which was then hermetically sealed, evacuated
to 0.1 Pa, and purged with argon of high purity (>99.9999%). The last two steps were
repeated. The temperature program consisted of a 2 ◦C·min−1 temperature ramp rate
ending at a maximum temperature of 1600 ◦C. A Pt-13% Rh/Pt thermocouple, which was
placed near the sample, registered the temperature. To prevent oxidation of the sample,
all measurements were carried out in an inert atmosphere of argon. A CANON EOS
550D high-resolution camera took images of drop silhouettes during the heating ramp.
The wetting angles were evaluated using the ADSA (axisymmetric drop shape analysis)
method based on fitting the drop profiles to a Laplacian curve using a nonlinear regression
procedure [29].

 

Figure 1. Schematic of the apparatus for the high-temperature wetting tests.

2.3. Degradation Testing of Refractory Materials

Degradation tests provide information on the resistance of the refractory material to
molten steel. The tests were carried out in a TERMEL ITEP001 tilt induction furnace with
a maximum power of 15 kW and a frequency range of 10–12 kHz. The furnace consists
of a rectifier, a filtering capacity, an intermediate circuit, an inverter, a SIEMENS control
system, and a cooling system. The maximum attainable temperature is 1700 ◦C. The steel
melting was carried out in ceramic crucibles with dimensions of 125 × 85 × 45 mm made
of the refractory materials under test. Cylinders with a diameter of 40 mm and a length of
68 mm were made from the steel specimens. The melting of the steel took 30 min, starting
from the moment the steel was melted. During the melting process, the slag forming on the
surface was removed. The temperature of the melt was measured with a thermocouple.
After cooling, the crucible was cut along the central axis and prepared for evaluation of the
ceramic’s erosion losses due to the steel’s action.
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2.4. SEM, EDX, and XRD Methods

After the experiments, the interaction between the steel samples and ceramic crucibles
was assessed by a JEOL 6490LV scanning electron microscope (SEM) equipped with an
INCA EDX (Energy Dispersive X-ray Spectroscopy) analyzer enabling X-ray analysis of
microsized particles and the determination of the chemical composition. The settings were
as follows: thermos-emission cathode LaB6 and voltage 20 kV. The specimen chamber was
kept at a high vacuum.

The phase composition of the ceramics crucibles after interaction with the steels was
measured by a Bruker AXS D8 Advance X-ray diffractometer equipped with a LynxEye
position-sensitive silicon strip detector under the following conditions: CuKα/Ni-filtered
radiation, voltage 40 kV, current 40 mA, step mode with a step of 0.014◦ 2θ, total time 25 s
per step, and 2θ range 5–80◦. The data were processed by Bruker AXS Diffrac and Bruker
EVA software. The PDF-2 database (International Centre for Diffraction Data) was used for
phase identification.

3. Results and Discussion

3.1. Wetting Tests

The temperature dependencies of the contact angles at the XT 720 steel/ceramic
interface are shown in Figure 2.

Figure 2. Temperature dependencies of the contact angles at the XT 720 steel/ceramic interface.

Since high-alloy manganese steel showed a severe interaction at the interface with
the investigated ceramic material, only three temperature dependencies of the contact
angles are selected in Figure 2, namely, with the basic fireclay material F36, the zirconia
material ZR50, and the high corundum material MK82. The most pronounced interaction is
observed at the interface with the material designated F36, with an apparent wetting angle
of only about 10◦ at temperatures around 1500 ◦C for this material with manganese steel.
In the case of zirconia material ZR 50, the apparent wetting angle at the same temperature
is 80◦, and that of MK 82 is 103◦. Though the temperature dependencies of the wetting
angle were investigated up to a maximum temperature of 1600 ◦C, not all the angles could
be adequately evaluated. Therefore, only the evaluable sections are shown in Figure 2,
including images of the recorded droplets at the specified temperatures. A discussion
regarding the interaction at these phase interfaces is given in Section 3.3.

Figure 3 shows the temperature dependencies of the wetting angles at the 11 523 steel/ceramic
substrate interface. The low-alloy 11 523 structural steel showed considerably weaker in-
teraction than the high-alloy Mn steel on the refractory surfaces investigated. The most
significant interaction occurred at the interface with the conventional F 36 fireclay material.
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In the temperature range of 1540–1600 ◦C, the contact angles ranged from 105◦ to 102◦,
while the lowest interaction was observed for the high corundum material MK82, where
the contact angles in the same temperature range were 130◦–123◦. The values of the contact
angles decrease slightly with increasing temperature as the sulfur content is less than
60 ppm [30,31].

Figure 3. Temperature dependencies of contact angles at the 11 523 steel/ceramic interface (error
lines parallel to the y-axis).

Images of the steel droplets observed on the ceramic material, including contact angle
values at 1500 ◦C for XT 720 steel and at 1550 ◦C for 11 523 steel, are shown in Figures 4
and 5, respectively.

 

Figure 4. Images of XT 720 steel droplets wetting refractory ceramic substrates at 1500 ◦C; (A) F 36
ceramics, (B) ZR 50 ceramics, (C) B 70 ceramics, (D) ML 65 ceramics, (E) M 70 ceramics, and (F) MK
82 ceramics.

In general, when the wetting angle Θ ≥ 90◦, the liquid (melt) exhibits non-wetting
behavior towards the substrate. If the wetting angle is Θ ≤ 90◦, the liquid (melt) exhibits
wetting behavior. The interaction of the phases in contact (molten steel and ceramic
substrate) becomes more likely as the wetting behavior increases. Judging by the drop
silhouettes of the tested steels, it can be concluded that the interaction of Mn (XT 720) steel
with the tested ceramic materials is much more pronounced than that of 11 523 steel.
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Figure 5. Images of 11 523 steel droplets wetting refractory ceramic substrates at 1550 ◦C; (A) F 36
ceramics, (B) ZR 50 ceramics, (C) B 70 ceramics, (D) ML 65 ceramics, (E) M 70 ceramics, and (F) MK
82 ceramics.

3.2. Degradation Testing

Figure 6 shows the degradation test results, i.e., losses of ceramics caused by high-
manganese steel and low-alloy structural steel.

Figure 6. Degradation testing of high-manganese steel and low-alloy structural steel interactions
with ceramics.

The type of steel used was found to greatly influence the degradation results of the re-
fractories. Compared to conventional low-alloy structural steel, high-alloy manganese steel
caused more significant wear to the materials tested. For this corrosive steel, the use of con-
ventional fireclay materials proved to be entirely unsuitable. The most pronounced erosion
loss interacting with this steel was observed for material F36, where even the crucible melted
during the degradation tests (see Figure 7A). A more detailed discussion of the interaction is
given in Section 3.3. The interaction rate of the steels with the refractory material decreases
with increasing corundum content and decreasing silica and cristobalite content in the ceramics.
The final state of the crucibles made from materials F36 and MK82 after degradation tests in
interaction with XT 720 and 11 523 steels is shown in Figures 7A,B and 8A,B.
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Figure 7. Degradation of refractory material F 36 after high-temperature testing; (A) steel XT 720,
(B) steel 11 523.

 

Figure 8. Degradation of refractory material MK 82 after high-temperature testing; (A) steel XT 720,
(B) steel 11 523.

3.3. Results of SEM, EDX, and XRD Analyses

After the high-temperature wetting tests, the phase interfaces between the tested steels
and the corresponding refractories were subjected to SEM, EDX, and XRD analyses. It was
confirmed that the high-manganese XT 720 steel interacts more strongly with the tested
refractories. The results of XRD analyses for the interfacial interfaces of this steel with
the conventional chamotte material F 36, the material ZR 50 containing zirconia, and the
material MK 82 with the highest corundum content, are compared below and in Figure 9.
The XRD analyses confirmed the formation of new phases at the interfaces. In particular,
galaxite-spinel and sillimanite phases were newly identified at the interface of the F 36
material. In the case of the ZR 50 material, galaxite-spinel (MnAl2O4) and tazheranite ((Zr,
Ti, Ca)O2) phases were newly formed. Finally, for the MK 82 material, galaxite-spinel,
sillimanite (Al2(SiO4)O), and tephroite (Mn2SiO4) phases were determined. It is worth
noting that there is a high degree of isomorphic substitution in the case of spinels but in
our case, it is not easy to deduce the degree of isomorphism [32]. However, qualitative
evaluation points to the formation of galaxite but the formation of (Mn, Fe, Mg) (Al, Fe,
Cr)2O4 ferrites cannot be excluded. The crystalline fractions for the refractory material F 36,
Zr 50, and MK 82 were 31.9 wt%, 43.2 wt%, and 73.9 wt%, respectively. Thus, sample F 36
contained the most amorphous phase.
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Figure 9. Diffractograms of refractory materials after high-temperature tests; (A) F 36 ceramics,
(B) ZR 50 ceramics, and (C) MK 82 ceramics.

Based on SEM/EDX analyses (Figure 10), it can be argued that, in the case of the
refractory material F 36, the main newly formed phase is the glassy phase with manganese
oxide particles on its surface. Pores were also present to a higher degree in this sample,
which was probably due to bubbles trapped in the rapidly cooling layer. In the case of ZR
50 ceramics, the glassy phase has also formed, and additionally, particles of baddeleyite
(ZrO2) and iron, manganese, and chromium oxide particles were identified. Ceramics MK
82 contained the least glassy phase after the high-temperature test. The crystalline phase
was dominated by corundum, the crystals of which had aluminum partially substituted
by manganese on their surface. In addition, aluminosilicates with manganese admixture
were present, forming a dendritic structure. This structure was directed towards the hotter
surface region where the crystal nucleation rate is lower in contrast to the low-temperature
region where they originate. Some dendrites showed a tip-split of the primary dendritic
arm, and, in addition, tertiary arm formation was observed [33]. The corresponding results
of the EDX point analysis are summarized in Table 5.

Table 5. Results of semi-quantitative EDX microanalyses on the interaction of refractory samples
with XT 720 steel.

Point Caption
Mn Si Al O C P Fe Zr Zn Cr

(wt%)

1 Aluminosilicate with Mn oxide particles 36.1 20.0 10.1 33.8 — — — — — —
2 Manganese oxide 54.8 9.5 7.4 28.3 — — — — — —
3 Zirconium silicate — 13.4 — 48.3 — — — 38.3 — —

4 Probably Schreibersite and Fe, Mn. and Cr
oxide particles 21.9 2.7 1.0 30.7 5.1 2.7 27.5 — 1.9 6.5

5 Baddeleyite 1.9 — — 31.3 — — — 66.8 — —
6 Aluminosilicate 23.9 21.5 12.8 41.8 — — — — — —
7 Corundum (Al partially substituted by Mn) 26.2 1.3 32.1 40.4 — — — — — —
8 Aluminosilicate with Mn oxide 42.5 18.9 8.3 30.3 — — — — — —

In the EDX point analysis, the influence of the surroundings must be considered for small particles and thin layers.
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Figure 10. SEM images of refractory F 36 (A–C), refractory ZR 50 (D–F), and refractory MK 82 (G–I)
after high-temperature test with steel XT 720; numbers 1–8 refer to EDX point analyses.

4. Conclusions

The interaction at the interface of high-manganese steel, or low-alloy construction
steel, and refractory ceramics was characterized by wetting tests performed up to 1600 ◦C.
The findings were supported by degradation tests and SEM, EDX, and XRD analyses. The
findings can be summarized as:

• The intensity of the interaction at a given interface is influenced by the type of steel
involved. High-manganese steel causes much more wear on refractory materials than
conventional construction steel.

• Apparent wetting angles (contact angles) were significantly lower for the XT 720
steel than for the 11 523 steel. For high-manganese steel, the contact angles ranged
from 10◦ to 103◦ depending on the substrate, in contrast to structural steel where
non-wetting behavior was observed, and contact angles ranged from 103◦ to 127◦. The
decrease in contact angles correlated with the fraction of corundum in the refractories
tested, i.e., they decreased with decreasing corundum. In addition, the contact angles
decreased slightly with increasing temperature.

• The degradation tests confirmed the aggressive behavior of the XT 720 steel. The most
significant erosion occurred in the case of the conventional chamotte material F 36
with a low corundum content and a higher SiO2 and cristobalite content. Conversely,
almost no erosion was observed for steel 11 523 in contact with the zirconia material
ZR 50 or the high corundum material MK 82.

• The results of SEM, EDX, and XRD analyses confirmed the presence of newly formed
phases at the interface of XT 720 steel with the tested refractories. In the case of
the refractory material F 36, where the most significant interaction was observed, a
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glassy phase with manganese-oxide particles was formed at the interface with the
high manganese steel. Of the newly detected phases, galaxite-spinel and sillimanite
phases were identified.

The results of this study suggest that, as the corundum content of the refractories
increases, their resistance to erosion by molten steel also increases. Materials containing a
higher content of fluxes (chamotte, bauxite, sintered mullite) have an increased content of
the amorphous phase and show a weaker resistance to erosion. For high-alloy steels such
as XT 720 steel, the use of conventional chamotte products is entirely inappropriate. For
this steel, materials made of electrofused corundum can be recommended.
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